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Abstract: 
The deposition rate of Additive Manufacture (AM) processes are a significant factor for the 
economic production of metallic materials by AM. Higher deposition rates must be 
achieved if the technology as a whole and nickel alloys in particular are to be more widely 
adopted within industry. This thesis investigates the potential of two techniques, high 
power (>1kW) laser beams within a powder bed laser melting (LM) configuration and 
Plasma Transferred Arc Welding (PTAW) using a wire fed approach for the deposition of 
Inconel 625, a widely used nickel superalloy. The processing parameters required for stable 
deposition of material in both single welds and multiple layers was determined, and the 
deposited material characterised.  
High deposition rate powder bed LM using 500µm layer thicknesses was conducted and a 
process stability map for single welds was characterised. Multi-layer multi-weld samples 
achieved an acceptable relative material density of 99.8%, using a reduction in laser power 
with increasing height as a thermal control strategy to achieve a deposition rate of 
0.023cc/s, an order of magnitude increase in productivity over existing low deposition rate 
powder bed LM (0.0036cc/s). Deposition at 500µm layers was found to impart a secondary 
alignment to the microstructure due to a lower ratio of beam diameter vs. layer thickness, 
thus conductive cooling into previously deposited weld tracks within the same layer 
becomes significant. 
PTAW deposition of Inconel 625 was investigated and a process map characterising single 
bead on plate experiments has been compiled and presented. Deposition strategies for 
multi-layer, multi-weld features have also been investigated and the importance of thermal 
control due to thermal isolation from the substrate shown. PTAW deposited material has 
been characterised by tensile testing at elevated temperatures using both conventional 
tensile tests and by electrical resistance heating of specimens using a Gleeble thermo-
mechanical simulator, validating the novel use of infra-red thermography to measure the 
thermal gauge length. 
In addition to a need for increased deposition rate, the limits of material performance in 
AM with respect to nickel alloys are currently constrained by superalloy related weldability 
and cracking problems. The work presented in this thesis examines the potential for 
production of an Inconel 625 based Metal Matrix Composite, which may offer benefits to 
material properties. Candidate ceramic reinforcement materials were identified and a 
feasibility study was conducted, identifying TiC as the most promising candidate. Feedstock 
powders were mixed and assessed, mixing TiC directly with Inconel 625 and mixing pure Ti 
and carbon in the form of graphite with Inconel 625 to investigate an in-situ reactive 
processing route. 
The process parameter windows were characterised for both MMC feedstocks at both 
100µm and 500µm layer thickness and with the use of pre-heating to establish the 
relationships present. Process stability maps were created and significantly the presence of 
TiC affected the ability of the laser to penetrate the powder bed, not due to its high melting 
point, but due to its high absorptivity which results in greater melting within the powder 
bed which hinders penetration and wetting with the substrate. The in-situ forming of TiC 
was partially successful, but unwanted Mo2C carbides were formed and the matrix 
structure affected due to the homogenous presence of carbon during processing. 
The power density of the laser beam was identified as the critical factor in determining the 
dissolution and re-precipitation behaviour of TiC within the matrix, as opposed to the 
commonly used energy density metric.   
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1 Introduction 
 
Superalloys are a class of material which maintain appreciable mechanical properties and 
corrosion resistance at elevated temperatures, up to significant proportions of the base 
elements melting point [1]. Such alloys may be based on steel, cobalt or nickel alloy 
systems, and have seen significant increases in usage and development since the 
widespread adoption of the modern jet turbine in the 1940’s [1, 2]. 
For high temperature applications, nickel based superalloys have become established as 
the material of choice in the aero engine, power generation and automotive industries. All 
of these industries utilise nickel alloys for components which must support mechanical 
loads in a high temperature and corrosive environment over substantial service lifetimes. In 
order to improve efficiency, both aircraft and power generation industries are using higher 
turbine temperatures and pressures [2-4], with the average turbine blade temperature 
increasing by approximately 2oC per year [5], therefore requiring materials with higher 
performance or improved design [2]. In the automotive industry, more aggressive 
turbocharging of engines improves efficiency as manufacturers seek to reduce CO2 
emissions [6], requiring higher turbine temperatures and an accompanying increase in the 
properties of the materials used [7]. The rise in service temperatures across these 
industries therefore requires high temperature materials and efficient high performance 
component designs to enable these potential efficiency improvements. 
Nickel based superalloys are notoriously difficult to manufacture, exhibiting poor 
machinability, due to low thermal conductivity and high work hardening rates [5, 8-12]. 
Fabrication by welding processes is also limited to certain alloys of particular material 
composition, due to cracking phenomena [13-15].  
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For the economic production of components, investment casting is currently the preferred 
method, with an estimate 25-45% of nickel superalloy based components manufactured by 
casting [16], though geometric freedom is limited and the process labour and time 
intensive. 
Additive Manufacturing (AM) is an alternative manufacturing method to conventional 
processes which are based on casting or subtractive machining. AM is defined as “a process 
of joining materials to make objects from 3D model data, usually layer upon layer, as 
opposed to subtractive manufacturing methodologies” [17]. While initially developed 
around polymeric materials, the AM of high density functional metallic materials using a 
variety of essentially welding based technologies is now commercially available, with a 
growing adoption into high value added manufacturing industries, such as aerospace, 
medical, premium automotive and motorsport [18-20]. 
AM of such materials is therefore highly desirable as a near-net shape processing route. 
The increased geometric freedom which is available with AM also provides significant 
advantages for component design, permitting complex internal structures, integrated 
cooling channels and optimal material distribution [21-25]. It is thought that complex 
structures which enable effective cooling of turbine blades at high temperatures are likely 
to yield performance and efficiency benefits for future turbine blade designs for example 
[26], AM may be able to provide such an advantage. If these benefits can be realised, 
lighter more effective components can be designed and manufactured, improving 
performance and efficiency during manufacture and importantly during service for many 
engineering components [25, 27-29]. 
However, AM is currently limited to the manufacture of weldable alloys, which do not 
experience post-weld cracking [22, 30-38]. The polycrystalline nature of AM materials also 
prevents them from competing with the highest performance single crystal alloys. 
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There is however a need for high performing components for service temperatures <600oC, 
with durability and corrosion resistance which are superior to that of titanium [2]. If the 
current specific strength and stiffness properties of materials available via AM in this 
temperature range can be increased, opportunities for component optimisation exist. 
This thesis aims to address two key areas of the AM processing of high temperature 
materials for such applications; deposition rates and material availability. 
Firstly, deposition rates; contemporary AM systems build parts in 20-100µm layers 
providing high resolution, but at the cost of slow deposition rates, which increase the cost 
of AM built products and affect the break-even point compared to other manufacturing 
processes [39, 40].  However components still often require post process machining to 
achieve the required tolerances and surface finish. The use of high deposition rate 
technologies such as high power (>1kW) laser melting, or Plasma Transferred Arc Welding 
(PTAW) may enable higher deposition rates and larger build envelopes, if the need for post-
processing is accepted [39]. This would permit larger components (> 250 x 250 x 300 mm) 
to be manufactured more cost effectively. 
Secondly, the components which can be manufactured by AM are also currently limited by 
materials availability [39]. Superalloys which have high mechanical properties at high 
temperature rely on a variety of strengthening mechanisms, which can impact their 
weldability. Unfortunately alloys with higher properties have a correspondingly lower 
weldability and are therefore not available for AM processing [13-15]. If a Metal Matrix 
Composite (MMC) material based on a weldable alloy can be developed, then AM can 
potentially be applied to greater effect. 
While the potential for AM of MMCs has been demonstrated using other alloy systems [41-
46], nickel matrix composites have not been extensively investigated with regard to 
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structural applications. Nearly all investigations of AM nickel MMCs have focussed around 
wear resistance of functionally graded materials or coatings [47], rather than the 
deposition of bulk material. Even a modest increase in strength or stiffness properties will 
be further magnified when considered in terms of specific strength or stiffness (the ratio of 
strength or stiffness compared to density), as the addition of lower density ceramic to the 
alloy reduces its density. 
The following chapters provide a more detailed background on the current state of the art 
of AM, MMCs and the processing problems surrounding the manufacture of nickel 
superalloys. 
Based on this review of the available literature a series of scoping experiments are then 
described and the results presented. Initially investigating the fundamental relationship of 
processing parameters for each material in the formation of single weld beads and then 
investigating the manufacture and characterisation of multi-layer, multi-weld bulk material 
samples.  
In addressing the two primary issues identified, three key sets of experimental 
investigations are presented and contrasted in this thesis:  
 High deposition rate powder bed laser melting of a nickel superalloy 
 High deposition rate powder bed laser melting of a nickel superalloy based MMC 
 High deposition rate Wire and Arc Additive Manufacture of a nickel superalloy 
using PTAW 
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2 Literature Review 
 
The following chapter provides a review of current literature and research in the fields of 
Additive Manufacturing (AM), Superalloys and Metal Matrix Composites (MMCs). 
Examining the technical obstacles and relevant materials and process characteristics 
involved, and identifying their relevance and potential. 
Three streams have been researched and are presented in the following order: 
1. AM technologies – overview and technical elements with respect to deposition 
rate, superalloys and MMCs. 
2. Superalloys – overview and background on the metallurgy and processing of nickel 
based superalloys. 
3. MMCs – overview of MMC strengthening mechanisms, processing and composite 
systems in general and with respect to nickel based alloys in particular. 
2.1 Additive Manufacture (AM) 
This section details the background and relevant technical aspects of current AM 
technologies for the manufacture of metallic components. Specific sections are included on 
the use of AM for processing superalloys and superalloy based MMCs, though further detail 
on superalloys and MMCs is contained in subsequent sections. 
2.1.1 Overview of Metal AM 
AM has emerged in the last 20 years as a viable production route for fully functional 
metallic components [48], either utilising a powder bed type methodology, or a directed 
energy/material route. Though often named under the umbrella of “Rapid Prototyping”, 
the development of such technologies is now undeniably moving towards the use of 
additive processes for functional parts [18, 21, 27, 49]. 
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The fundamental principle of AM  is as “a process of joining materials to make objects from 
3D model data, usually layer upon layer, as opposed to subtractive manufacturing 
methodologies” [17]. Once “built” or “grown” parts are then normally subjected to some 
form of post-processing to achieve an acceptable surface finish or geometric tolerance for 
end use. In particular laser based powder bed fusion type technologies emerged in the late 
90’s for the production of metallic components [21]. 
Metal-based AM processes fit within two distinct principles of operation, powder bed 
fusion or directed energy deposition. The powder bed fusion process is similar to more 
“traditional” Rapid Prototyping technologies, whereby a build chamber is filled with a layer 
of powder to be selectively sintered/melted onto a substrate or previous layer. DED 
technologies instead utilise a nozzle to blow a powder stream or feed a wire into the focal 
point of a laser beam or other focussed thermal energy source, constructing the 
components by manipulating the position of the material/energy interaction.  
It is important to note that in essence almost all AM processes for the deposition of 
metallic materials are fundamentally repetitive welding processes. 
2.1.2 Adoption of Metal-based AM Within Industry 
Within industry, metal-based AM is often still regarded as a prototyping technology, and 
used for the production of one-off components, or mould tooling to provide a shorter time 
to market [21]. Metal AM is often used for the production of small complex high value 
components on short lead times for the medical, dental or motorsports industries [18-20].  
With respect to material properties, AM processes are capable of manufacturing material 
comparable to wrought product [50, 51] and often superior to that manufactured by 
casting or Hot Isostatic Pressing (HIP) [50]. Mechanical properties tend to be approximately 
equal or superior to those of the same material processed by more conventional routes 
(cast or HIP) [22, 52]. HIP is a near net shape process whereby powdered feedstock 
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material is placed into a canister having the shape of the desired component, then 
consolidated by the evacuation of atmosphere and application of heat and pressure, the 
pressure is applied from all directions, hence isostatic. 
Though the static material properties of AM materials may be equal or superior to wrought 
product, fatigue properties in the as-built state are generally inferior to wrought, but still 
superior to cast [51]. The fatigue performance of AM materials are limited by the as-built 
surface roughness, which serves to initiate crack propagation, if the surface roughness is 
reduced post-process by polishing or subtractive machining for example, then fatigue 
performance is comparable to wrought product and crack initiation is then caused by 
internal porosity [53] . 
2.1.3 Technical Benefits/Challenges 
AM brings certain advantages to the manufacture of metallic components. Layer-by-layer 
manufacture permits significant freedom in the geometry which can be achieved, removing 
many traditional limitations on the production of shapes and features, though imposing 
certain limitations of its own [54]. The tool-less nature of the process also permits the 
production of significantly more complicated component geometries without the usual 
increase in manufacturing complexity and time. 
The geometric freedom of AM provides a capability to produce complex features which 
might otherwise be impossible, or highly challenging by other process routes [21-24]. For 
example complex internal cavities, lattice structures and internally routed pressure 
tappings or fluid flow channels are possible, but overhangs below a critical angle require 
support structures and residual stresses are typically difficult to manage or predict. 
Features such a bores with strict dimensional and form tolerances are often subtractively 
machined post process to meet tolerance requirements. 
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2.1.3.1 Density and Mechanical Properties 
The process parameters utilised affect the stability, dimensions and behaviour of the melt 
pool, process parameters coupled with the characteristics of the material feedstock and 
the processing atmosphere ultimately determine the levels of porosity and surface 
roughness present in the component (except surface roughness effects due to stair-
stepping) [21]. Both the geometry of the solidified material and its microstructure dictate 
the overall mechanical properties of the bulk deposited material. Depending upon the 
process parameters used, differing cooling rates may be experienced by the melt pool, and 
so differing microstructures and properties will result. Therefore understanding and 
controlling deposition behaviour in all AM processes is crucial to repeatability and 
performance. 
2.1.3.2 Surface Roughness 
The surface roughness of AM components is affected by both the processing parameters of 
the energy source and layer thickness. Sidewall surface roughness is determined primarily 
by the layer thickness and surface orientation [55], due to the stair stepping effect and 
attached but unmelted powder particles. Angled surfaces are influenced most strongly by 
the stair stepping affect, as a function of surface angle and layer thickness which 
determines the final surface roughness. Top surfaces are influenced by processing 
parameters such as hatching distance between weld passes. The differences between 
available technologies are commented on for each case in the following section. 
2.1.3.3 Feedstock Powder Characteristics 
2.1.3.3.1 For Metal AM 
The density, surface roughness and mechanical properties of AM materials are dependent 
upon the characteristics of the feedstock powders utilised [56]. Powder morphology and 
Particle Size Distribution (PSD) have a direct influence on the powder bed behaviour during 
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re-coating and its resulting packing density, or upon powder flow during blown powder 
DED. 
The packing density in powder bed fusion can have a significant influence upon the 
interaction of the energy source with the powder bed, determining absorption, 
transmission and extinction behaviour [57] and therefore melt characteristics. 
2.1.3.3.2 For MMC AM 
The mixing/milling behaviour of MMC powders for AM is an important factor in the 
production of MMC materials. The work of Kühnle and Partes [58] examined the 
preparation of a powder feedstock for the in-situ production of TiB2 + TiC reinforced 
titanium from a mixture of Ti+B4C powders blended using high energy ball milling. One of 
the few papers to fully characterise the feedstock powder prior to laser melting; 
morphology was examined by SEM, while PSD was measured and related to the theoretical 
proportions of each powder phase to establish homogeneity and the effects of milling. X-
Ray Diffraction (XRD) was also utilised to determine if any new metallurgical phases were 
formed during milling and were subsequently compared with the laser melted material. 
The morphology of the powder was identified as an important factor for flowability and the 
resulting minimum layer thickness which could be utilised in achieving an evenly recoated 
powder bed was determined to be 100µm, due to agglomeration of irregularly shaped 
ceramic particulates [58]. 
2.1.3.4 Residual Stresses and Thermal effects 
AM uses localised high heat inputs, for short time periods, which influences the local 
cooling rate and so the microstructure of the material produced [21]. The high thermal 
gradients present in the AM process cause a build-up of thermal stress, while the rapid 
solidification of the melt can result in segregation within the material, or the presence of 
non-equilibrium phases. For example Thijs et al., [21] observed the segregation of 
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aluminium during the laser powder bed fusion of Ti-6Al-4V, leading to the presence of 
unexpected Ti3Al precipitates formed during laser powder bed fusion, the magnitude of 
which were related to the processing parameters used (specifically heat input). The high 
heat input may also generate spatter, or even material vaporisation during processing [22, 
59, 60]. The use of a build substrate aids in counteracting the distortion of the material due 
to thermal stress accumulation [21], however the level of stresses present can compromise 
material properties, or even cause failure of the material during build, as stresses exceed 
the UTS of the material. 
As the deposited layers can often have a lower thermal conductivity than the substrate, 
either due to the material or the area available for conduction, heat is retained in the 
component geometry rather than escaping into the environment, gradually reaching a 
steady state in between thermal exposures. Ambient temperature increases with the 
number of deposited layers (measured at the first deposited layer), due to this net heat 
input [61]. The thermal gradient at the melt pool will therefore be dependent not only 
upon the conductivity of the deposited material, but also the local temperature of the 
material, which will be determined by a combination of part geometry, the distance from 
the substrate and the dwell time between layers.  
A complete understanding of the development of residual stress levels in AM parts is 
currently lacking. Although the general principles and mechanisms are understood, the 
ability to predict, monitor or measure the precise stresses in differing geometries is still the 
subject of extensive research. Several approaches to the measurement or prediction of 
residual stress are currently being pursued, these include the following techniques 
 Strain gauging to measure substrate distortion [62]. 
 Instrumented surface micro-indentation [38, 63, 64], more recently combined with 
predictive FEM and neural network approaches [65]. 
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 Thermo-mechanical finite element simulation of various AM processes [61, 66, 67] 
(along with experimental validation [68-70]). 
 Neutron diffraction techniques for stress measurement of deposited material [71] 
(although these techniques are complex, they are currently the best NDT 
measurement available). 
While residual stresses exist in all metals AM processes, the magnitude varies dependent 
upon the specific combination of deposition technique, the processing parameters used, 
the material being processed, the processing environment and any post process heat 
treatments. The differing advantages of each deposition route with respect to residual 
stresses are examined in the following comparison of current AM technologies. 
2.1.3.5 Process Control/Inspection 
In-process quality control is an area of ongoing research for AM. In the case of Wire and Arc 
Additive Manufacture (WAAM), passive machine vision systems are able to ensure a 
constant torch offset distance, as well as weld bead width during thin wall deposition [72-
75]. Similar systems are also in development for powder bed laser melting (LM) processes 
[76] to detect individual error events such as incomplete melting or incorrect recoating 
during processing.  
Line or area scanning infrared pyrometry can be used to monitor and feedback information 
about the thermal profile surrounding the weld pool in WAAM processes (typically 
monitoring the temperature of the solidified weld bead) [75, 77]. 
Online process monitoring in the form of two-colour infrared pyrometers for melt pool 
temperature monitoring has been researched with DED technologies, as the melt pool is 
large enough (~1mm) for an accurate reading to be taken, so aiding in analytical model 
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verification, and online process control [78], such techniques could also be applied to 
WAAM, whereas smaller melt pool sizes (~100µm) in powder bed LM make it impractical. 
For any AM technology, understanding of the process parameter effects on the quality of 
deposited material is essential in defining parameter windows and optimising deposition 
rates, material quality, repeatability and stress levels for commercial exploitation of new 
materials.  
2.1.4 Economic/Business Benefits 
AM enables the production of mixed batches of components with different geometry, so 
making manufacturing more flexible [21]. It also has a high material efficiency, with 
minimal waste, and is able to achieve near-net shape components without expensive 
moulds or tooling [21]. The degree of material efficiency is highly dependent upon the 
deposition process utilised, with some achieving closer to net shape than others, or 
achieving greater levels of feedstock recycling/utilisation [79]. In contrast to subtractive 
machining, AM can save up to 90% of the raw material required to produce a component 
[27], reducing buy-to-fly ratios for the aerospace industry during manufacture and 
providing further savings during service through more functionally efficient light weight 
component designs [27, 28]. 
The economics of AM do not conform to conventional cost-modelling, with the expense of 
producing a part being highly variable, dependent upon the design/geometry and the batch 
size. Once both part design and manufacturing process are optimised the unit cost of parts 
produced by AM remains consistent, as shown by Atzeni and Salmi [40], who compared the 
cost of manufacturing an aerospace component by high pressure die casting or AM, as 
shown in Figure 1. The physical and technical boundaries of the process (particularly 
powder bed sizes) tend to limit its application to producing relatively low numbers of 
moderately sized components however. 
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Figure 1: Cost comparison between high pressure die casting and a powder bed fusion technology [40] 
AM provides a high added value, fitting the trend of high value, short series production 
which is emerging in Europe, as mass production moves to lower cost third world countries 
[27, 28]. 
2.1.5 Environmental and Social Benefits 
The basis of the process is to produce components additively, rather than by the 
subtraction of material to form the final component. Therefore providing a significant 
opportunity for waste reduction, as unused feedstock may be largely recycled within the 
process. Waste material generated by the process is generally minimal, depending upon 
the extent of post-process machining, though it is usually regarded as being only 2-4% for 
powder bed LM or EBM, and up to ~7% for larger scale WAAM techniques [79]. Overall, 
significant improvements in environmental impact are anticipated with the adoption of AM 
technologies [80], particularly if considering the potential fuel savings throughout 
component life if AM can be used to produce lighter parts for the automotive or aerospace 
industry [27, 28], even when considering higher financial and energy usage costs of the 
feedstock material and processing [40]. 
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2.1.6 Benefits with Respect to Nickel Based Superalloys 
One of the most significant problems in the production of nickel based superalloys, is the 
difficulty of machining such a hard material (~300Hv) with low thermal conductivity and 
high work hardening as well as strength retention at high temperatures [81, 82] (the 
machinability of superalloys is discussed in more detail in Section 2.2.5.3). Machining of 
superalloys is generally found to be highly expensive and time consuming, particularly for 
small batch or one-off production where casting is not a viable route. Methods of easing 
the problems of successfully and economically machining superalloys therefore remain an 
active area of research [83-86]. However many of these obstacles may be circumvented 
through the use of AM, for components which would conventionally require large 
quantities of material to be removed by subtractive machining. AM has been identified by 
many as a promising production route for components with complex geometries or short 
production runs [87] using these difficult to process materials [82]. 
An overview of the comparative characteristics of the basic technologies is presented in 
Table 1, for use as a reference during the following discussion of each technologies relative 
merits.
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Table 1: Current commercial platforms – outline ( adapted from [88]) 
Criteria Powder Bed 
(Laser Melting) 
Powder Bed 
(Electron Beam 
Melting) 
DED 
(Laser Melting) 
DED 
(TIG-WAAM) 
DED 
(PTAW-WAAM) 
Energy Source Laser Beam Electron Beam Laser Beam Electric Arc Electric Arc 
Envelope Small/Moderate 
630x400x500mm 
Small/Moderate 
200x200x380mm 
Large 
900x1500x900mm + 
Large 
900x1500x900m
m+ 
Large 
900x1500x900m
m+ 
Materials Steel, Al, Ti, CoCr, 
Ni-base, Bronze, 
Ceramics, MMCs 
Ti, CoCr, TiAl Steel, Ti, Ni-base, 
MMCs, Ceramics. 
Steel, Al, Ti, Ni-
base, MMCs, 
Steel, Ti, Ni-base 
Multi-Material No No Yes Yes Yes 
Accuracy High Medium Medium Low Low 
Surface Roughness Good Medium Medium Poor Poor 
Productivity vs 
Cost 
Poor Medium Medium/High High Very High 
Residual Stresses High Low Medium Medium/Low Low 
Part Complexity High Medium Medium Low Low 
Typical 
Applications 
Tooling, 
prototypes, Near-
net parts, 
Functional parts 
Implants, Near-
net parts, 
Functional Parts 
Near-net parts, 
component repair 
Large Near-net 
parts, 
component 
repair 
Large Near-net 
parts, 
component 
repair 
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Table 2: Comparison of commercial platform specifications (data collated from [89-95] 
 Powder Bed (LM) 
(EOS M280) 
Powder Bed (LM) 
 (EOS M400) 
Powder Bed (EBM) 
(Arcam A2) 
Powder Bed (EBM) 
 (Arcam Q20) 
DED (Laser) 
(Optomec LENS 
MR-7) 
DED (Laser) 
(Optomec LENS 
850-R) 
Energy Source Laser Beam Laser Beam Electron Beam Electron Beam Laser Beam Laser Beam 
Max Envelope 250x250x300mm 400x400x400mm ø300x200mm Ø350x380mm 300x300x300mm 900x1500x900mm 
Build Rate 
 (Ti-6Al-4V) 
13.5-32.4cm3/h >M280? 55-80cm3/h >A2? 440cm3/h 2200cm3/h 
Processing 
atmosphere 
<10ppm O2 <10ppm O2 Vacuum 
<1x10-4mbar 
Vacuum 
<1x10-4mbar 
<10ppm O2 <10ppm O2 
Focal Spot 0.1-0.5mm >0.09mm 0.2-1.0mm 0.2-1.0mm 0.5-1.0mm 0.5-1.0mm 
Number of spots 1 1 1-100 1-100 1 1 
Beam Power 50-400W 50-1000W 50-3500W 50-3000W 500-2000W 1000-4000W 
Scanning Speed 7m/s 7m/s 8000m/s 8000m/s 0.06m/s 0.06m/s 
Substrate Pre-heat 200oC NA 900oC 900oC NA NA 
Min wall thickness 0.3-0.4mm 0.3-0.4mm ? ? >0.5mm >0.5mm 
Part accuracy ±0.05mm ±0.05mm ±0.20mm ±0.20mm ? ? 
Layer thickness 20-60µm 20-60µm 100µm 100µm 250µm 250µm 
Surface Roughness 
(vertical) 
Ra 9µm Ra 9µm Ra 25µm Ra 25µm ? ? 
Surface Roughness 
(Horizontal) 
Ra 12µm Ra 12µm Ra 35µm Ra 35µm ? ? 
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2.1.7 Evaluation of Metal AM Technologies 
2.1.7.1 Powder Bed Fusion 
2.1.7.1.1 Laser Melting 
2.1.7.1.1.1 General 
Powder bed based systems have evolved from the principles of SLA, through selective laser 
sintering of polymers, to indirect sintering of metallic materials primarily for use as 
prototypes or tooling moulds [96-98]. Powder bed fusion for metals manufacture operates 
on the principle of complete melting and re-solidification of the feedstock powder [21] to 
produce a fully dense metallic component, rather than sintering a binder [99]. The standard 
expected of current commercial powder bed laser melting systems is to consistently 
produce materials of a relative density in excess of 99%, if any confidence is to be had in 
their use for functional or safety critical components [21, 100, 101]. Of all the metal AM 
technologies available powder bed fusion using laser melting appears the most likely to be 
the first adopted for serious mainstream production of aerospace components, as 
confidence grows in the technology [18, 100].  A generic schematic of a powder bed type 
Laser Melting (LM) process is shown in Figure 2. 
 
Figure 2: Schematic representation of a powder bed LM process [102] 
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2.1.7.1.1.2 Deposition Technology 
The maximum size of parts produced by laser melting powder bed systems has until 
recently been limited to approx. 250x250x200mm, with recent commercial developments 
extending this to an increased build height of 300mm using the same machine platform. 
Most recently machine build chambers have been expanded to approx. 500x500x500mm to 
meet customer demand for the ability to produce larger monolithic structures, or more 
importantly to provide reduced parts cost for higher manufacturing volumes than have 
been seen on conventional systems to date [103]. 
All current commercial AM platforms in the powder bed laser melting sector employ a 
continuous wave  Nd:YAG fibre laser as the energy source, with a wavelength of ~1064-
1080nm [101], though pulsed laser sources are also used on occasion [104]. Typical beam 
parameters allow a focal spot diameter measuring 50-500µm [21], with traverse speeds on 
the order of 10mm/s [104] up to several m/s for continuous wave lasers [21] and nominal 
powers of 200-400W [21] (though typically lower powers and speeds than the maximum 
available are actually utilised in processing materials). Recently an increase to 400W beams 
was made by most manufacturers at the same time as increasing the available Z height of 
their 250x250mm platforms to approx. 300mm. The current state of the art for commercial 
platforms released to the general market now include a higher power 1kW beam, of a 
similar Nd:YAG type, operating over a single 400x400mm field, to increase productivity in 
comparison with conventional machines. Anticipated future machines will likely provide 
multi-field 400W laser sources to cover the same 400x400mm area, to allow shorter 
exposure durations per layer and greater detail/surface finish than the 1kW single field 
machine variant [103].  
Re-coating systems can vary dependent upon the system in question, but typically utilise 
either a roller [99], or more often a rigid metallic or ceramic blade is utilised. Where the 
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re-coater can physically touch the component during build, the parts require a sufficiently 
strong connection to the substrate, either through the part geometry or additional 
supporting structures – which can dictate minimum wall thicknesses [101]. Support 
structures may also be required where overhanging geometry is present, or where high 
residual stresses are anticipated. 
In order to successfully process a material by LM, the appropriate process parameters must 
be determined, to provide a window of parameters within which the resulting material 
reaches full density and provides suitable mechanical properties. 
The energy density is a measure often used in both powder bed LM or laser based DED, it 
quantifies the energy provided to the material, providing a metric which combines the 
various scanning parameters to give a single value which can be related to density for 
example. It is a measure of the average energy provided per unit volume per unit time as 
shown in Equation 1, where: Volumetric Energy Density 𝐸 (J/m3), Laser Power 𝑃 (J/s), 
Scanning speed  𝑣 (m/s), Hatch spacing ℎ (m), Layer thickness 𝑡 (m). 
𝐸 =
𝑃
𝑣. ℎ. 𝑡
 
Equation 1: Volumetric Energy Density E(J/m
3
) [21] 
Or for single tracks, the above may be simplified into the form describing linear energy 
density: 
𝐸 =
𝑃
𝑣
 
Equation 2: Linear Energy Density E(J/m) [101] 
Typically weld track width is related to the linear energy input, with higher powers or 
slower scanning speeds producing a wider weld bead, while lower energy densities tend to 
increase porosity due to deviation in weld bead width, poor fusion with previously 
deposited material, or instabilities such as segmentation or balling of the weld bead [104, 
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105]. While the relationship of higher material density to higher energy density is broadly 
true, the independent effects of extreme scan speeds, laser powers and hatch spacings 
should also be considered [97, 99]. 
Top surface roughness is affected by the laser scanning parameters, and is based upon the 
behaviour of the liquid melt pool, due to heat and laser scanning. The liquid melt pool is in 
motion, and as the laser passes it attempts to settle back to its original height as the 
thermal gradient reduces, however due to viscosity, it is unable to do so completely before 
solidification occurs and so complete relaxation is not achieved [22]. 
 
Figure 3 : Heat transfer in powder bed laser melting AM process [61] 
As successive layers of powder are exposed, previous layers undergo a temperature spike, 
resulting in a build-up of temperature in the lower layers [61]. Thermal conductivity within 
the powder bed is largely independent of the material present, rather its morphology and 
the gas fraction within the bed are significant, as is the gas’s thermal conductivity, though 
no clear correlation has been established [106]. 
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Although convection within the molten pool occurs, the transient nature of laser scanning 
reduces its significance, radiation losses at the surface of the melt pool have been 
previously ignored by investigations as minimal compared to the conductive effect of the 
machine/powder bed [61]. 
The use of laser re-melting of each layer or selected layers in powder bed technologies has 
been shown to provide increased material density, mechanical properties, lower residual 
stresses and improved surface finish, as well allowing altered microstructures [107]. 
Although there are no particular barriers to the adoption of laser re-melting, sufficient 
benefit must be derived to justify the increased build time. 
The use of pre-heated substrates has also shown improvements to residual stress levels, 
and surface finish, as even a small increase in ambient/substrate temperatures can have a 
significant impact upon melt pool behaviour, not only reducing the energy input required 
from the laser source, but also a reduced thermal gradient and therefore cooling effect 
[108]. 
2.1.7.1.1.3 Products 
Components and materials produced by commercial powder bed LM are generally 
regarded to be of a quality which now enables their final end use in demanding 
applications. The fine focal spot diameter of the lasers used enables accurate consolidation 
of small features, with free standing walls down to a minimum thickness of 0.4mm 
achievable [89]. Typically processing in 20µm powder layers [101], this enables a detailed 
vertical (Z) resolution as well. The typical density of materials produced by this process is 
now regarded as being consistently over 99.5% of the theoretical material density and 
often exceeding 99.9% relative density.  
Residual stresses induced by the thermal processing of materials are regarded as a 
significant problem in powder bed LM materials and components. Large section thicknesses 
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or significant alterations in section are known to lead to part distortion and inaccuracy, or 
at worst case complete material failure and subsequent cracking. The degree of residual 
stress present is known to be highly material dependent as well, with some materials 
exhibiting relatively low residual stresses (maraging steel) and others frequently 
experiencing catastrophic failures during or after the build process (titanium). 
2.1.7.1.1.4 Economics 
The economics of AM processes are difficult to establish, however it is generally held that 
the primary factor in influencing cost is the machine time required to build a component. 
While exotic materials are frequently processed, the low material scrap ratio associated 
with the process means that substantially smaller quantities of feedstock material are 
required when compared to conventional subtractive machining, and this cost itself is 
typically a small proportion of the overall part cost when compared to machine time. 
Powder bed LM is ideally suited to the production of complex components with a geometry 
that is difficult to achieve or impossible by any other route, and typically in a material 
which is hard to machine or cast. It is currently ideally suited to applications for the batch 
production of small components with different individual geometries [21], such as dental 
crowns in the medical industry [104].  
The most recent generation of 250x250x300mm platform machines with 400W lasers 
enables layer thickness of 30µm and 60µm to be utilised, so increasing deposition rates in 
an attempt to compete with EBM technologies, though sacrificing z resolution to do so. 
Although powder bed LM has an advantage in being able to provide high accuracy and 
resolution, its disadvantage is that deposition rates are very low in comparison to other 
technologies, typically in the region of 5-120g/hr depending upon the material in question 
[79, 90]. 
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2.1.7.1.2 Electron Beam 
2.1.7.1.2.1 General 
Powder bed fusion using Electron Beam Melting (EBM) was established on the same 
principles as many other powder bed fusion AM technologies. The significant difference is 
in the energy source and processing environment utilised.  
EBM has been readily employed as a manufacturing method for the production of bio-
medical implants, such as acetabular cups or cranial reconstructions, taking advantage of 
the ability to customise implant geometry [20]. The configuration of a typical commercial 
EBM system is shown in Figure 4 and discussed in detail below. 
 
Figure 4: Schematic of the powder bed EBM process [109] 
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2.1.7.1.2.2 Deposition Technology 
The use of an electron beam requires that the process be conducted in a vacuum, but does 
enable much shorter exposure times than comparable laser based technologies. Potential 
scanning speeds of the beam are much higher than laser beam technology (up to 8000m/s), 
and the ability to electro-magnetically manipulate the electron beam means that it is 
possible to maintain several simultaneous melt pools in the powder bed, which improves 
productivity compared to LM technologies. The beam power is also variable from around 
50-3500W, while individual spot size can be varied from 0.2-1.0mm (generally larger than 
powder bed LM). 
In contrast to powder bed LM, EBM requires that the substrate and powder bed be 
pre-heated to a significant proportion of the materials melting point, with commercial 
platforms providing bed temperatures of up to 900oC. Parts are generally processed in 
100µm layers, and coupled with higher beam scanning speeds this generally gives an 
advantage in deposition rates compared to LM processes. 
EBM powder bed processes have a broadly similar maximum part dimension when 
compared to LM processes, although a circular build chamber is often favoured in 
commercial platforms. While lower residual stresses remove this as a barrier to part size, 
the requirement to evenly heat a large area/mass of material can be problematic. The need 
to seal a large enclosure and provide a high vacuum is also difficult and costly [110], while 
LM processes require an inert atmosphere, it is significantly easier to provide this by local 
inert gas flow to compensate for chamber sealing. 
Due to the pre-heating of the powder bed, substrates are generally not restrained to the 
machine bed, as parts build without significant stresses or curl, and are re-coated in a soft 
manner compared to LM processes. This results not only in a superior as-built product 
(having lower residual stresses) which can be more reliably built first time without failure 
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due to stress, but also reduces the need for post-process stress relief heat treatments 
which are almost always used after LM processes. HIPing post-process treatments are more 
common for EBM parts though, as the vacuum atmosphere during build means that any 
porosity can be compressed and closed, whereas gas porosity in LM parts does not 
experience the same degree of reduction. 
The range of materials available on commercial EBM platforms is notably smaller than 
those for current commercial LM platforms. Partly this is due to the presence of only a 
single machine manufacturer in this arena for EBM compared to several LM manufacturers, 
but also the difficulties of chamber pre-heating for high temperature melting point 
materials, and the general availability of systems for independent research into new 
materials. 
2.1.7.1.2.3 Products 
Materials from EBM processes are generally regarded as having a high relative density. The 
surface finish of EBM parts is often rougher than comparable LM parts, due to the larger 
layer thicknesses used (though the move in LM towards 30µm and 60µm layers for 
increased build speed has reduced this performance gap). 
The relatively “poor” surface finish of EBM parts is typically of concern for conventional 
mechanical engineering applications [110], and fatigue sensitive applications. Surface finish 
is of less concern in bio-medical implants, where it can be advantageous for 
osseointegration. The ability of EBM titanium components to replicate bone structure and 
mechanical behaviour, and produce implants with longer service lives has been 
investigated [20], as the technology gains acceptance for increasing application within the 
medical sector. The introduction of controlled porosity (up to 23%) has also been 
investigated for improved implant performance [111]. 
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2.1.7.1.2.4 Economics 
The high beam scanning speeds and larger layer thicknesses of EBM parts result in higher 
deposition rates, and thus generally influence the cost model for this process in comparison 
to LM, making parts notably cheaper, as all the benefits of material efficiency remain. The 
degree of post process machining or surface finishing required may then alter the cost 
model back in favour of LM parts, depending upon the component complexity and surface 
finish requirements. However, the relatively high capital cost of an EBM system is a barrier 
to adoption, EBM systems are approximately 30% more costly than powder bed LM 
systems, costing in excess of £750,000, whereas comparable powder bed LM systems can 
be purchased for less than £450,000. 
2.1.7.2 Directed Energy Deposition 
2.1.7.2.1 Laser based 
2.1.7.2.1.1 General 
Directed Energy Deposition (DED) technologies are a family of processes which derive from 
a cladding basis, whereby a directed energy and material source move relative to a 
workpiece and so build up a coating, cladding or by repeat layer deposition a component. 
While technologies such as Plasma Spraying or High Velocity Oxy Fuel (HVOF) are often 
utilised for applying coatings, their use for complete parts in the sense of AM has not found 
any particular mainstream exploitation. More commonly, laser beam energy sources are 
utilised in conjunction with a coaxial type “blown powder” material delivery system, 
whereby powder material is fluidised into a carrier gas stream and directed at the beams 
focal spot to produce a weld bead. A CNC platform enables movement of either the head 
(or more commonly) the substrate to generate part geometry [112]. A generic schematic 
for a laser based DED technology, in this case using wire feed, is shown in Figure 5. 
27 
 
 
Figure 5: Schematic of a DED process using laser and wire [113] 
2.1.7.2.1.2 Deposition Technology 
Energy sources utilised are typically laser beams, though unlike powder bed LM they are 
not exclusively Nd:YAG in type, with CO2 based lasers also utilised. Commercial DED 
platforms are typically manufactured by companies who have a background in high power 
lasers for more conventional laser welding/joining processes, AM being an extension of 
welding/cladding technologies in this scenario. This basis in industrial lasers means that 
typical laser powers are much higher than the headline figures found in powder bed LM, 
with systems utilising up to 8kW Nd:YAG (~1070nm) fibre lasers [114, 115], 5kW CO2 
(~10.6µm) systems [116] or 1.5kW diode lasers (~808-940nm) [48, 117]. Though more 
typically 500W-750W Nd:YAG sources are used in commercial systems (Optomec LENS) 
with spot sizes between 0.5-1.0mm [95, 118], as this provides a reasonable balance of 
deposition rate and resolution for the processing of most conventional alloys, for example 
the 8kW fibre laser used by Miranda et al., [115] was only operated up to 2kW in practice. 
Generally higher powers of several kW are usually accompanied by a larger focal spot 
diameter on the order of 1-3mm [116]. The combination of a higher power over a larger 
area means that the actual energy density delivered to the melt pool is generally 
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comparable with that provided by the smaller spot size lasers used in powder bed LM. The 
large spot size utilised does limit the minimum features size available by laser-DED to 
something on the order of >1mm. 
As deposition is not constrained by a powder bed material delivery, then the theoretical 
maximum part dimensions are unlimited, though commercial machines have so far utilised 
fairly conventional CNC machine type platforms, giving practical maximum dimensions of 
approximately 1m3.  
The use of wire feedstock material either in combination with powder [119, 120], or as an 
alternative to powder for laser-DED type processes has received significant attention in 
recent years [48, 115, 117]. Combining metallic and ceramic powder feeds or ceramic 
powders and metallic wires is a relatively convenient route to producing MMCs. For purely 
metallic deposition, the use of wire has significant benefits in terms of material efficiency, 
as no over spray can occur, as well as potentially producing a higher quality deposit [121]. 
Wire feedstock is also typically cheaper per kg, and able to achieve high deposition rates 
[121] and does not suffer from any material waste during recycling/sieving [48]. Wire fed 
deposition systems are particularly sensitive to the position and angle of the wire in 
relation to the melt pool [48, 117, 122], whereas powder delivery is not. As a result, some 
research efforts are focussed on adaptive process control which can monitor wire position 
(using 3D scanning or machine vision systems) and adjust “on-the-fly” to improve 
deposition results or avoid defects [123, 124]. A comparison of powder and wire feeding in 
laser-DED type systems shows that the quality and repeatability of weld tracks using wire 
feed is superior to that found using powder feed. Powder delivery rates are not always 
constant, and particles can interact with the melt pool in a variety of ways, and the carrier 
gas can impinge upon the melt pool surface; in contrast with wire feed, where the material 
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feed rate to the melt pool is constant and more precisely controlled, leading to a more 
consistent melt pool and deposition [48]. 
Work conducted by Syed et al., [48] shows that in all cases considered, material deposition 
efficiency was always higher in the case of wire feed compared to powder feed on the 
same equipment (shown in Figure 6). Zhang et al., [116] have studied the formation of 
alloys from elemental powders delivered by blown powder deposition routes, and show 
that care must be taken in the control of delivery angles and carrier gas flows, for different 
powder densities and particle sizes, to ensure that the desired composition is achieved in 
the deposited material. 
 
Figure 6:Deposition rate vs. material delivery rate at different laser powers for wire and powder feed 
deposition [48] 
2.1.7.2.1.3 Products 
Parts produced by laser-DED generally have a high density, comparable to powder bed LM 
or EBM materials. The range of materials commercially available is perhaps slightly 
restricted compared to powder bed LM, though this is due to commercial interest/activity 
rather than any particular technical barrier. The method of deposition with larger spot sizes 
means that the construction of supporting scaffolds to enable overhangs to be produced is 
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not available to laser-DED processes, and as such the geometric freedom is limited 
compared to powder bed LM or EBM. However, the introduction of multi-axis beds to this 
technology may well provide not only comparable geometries to be produced, but indeed 
support free builds with fewer restrictions than powder bed processes. 
The larger melt pool means that much higher sidewall roughness is to be expected from 
laser-DED, as layer thicknesses are on the order of several hundred µm or even a few mm.  
2.1.7.2.1.4 Economics 
The initial economics of laser-DED are generally advantageous, as systems require no 
powder feedstock overhead, having no chamber to fill, only the material required for the 
part and to fill the powder delivery system is required. Support free building also means a 
lower material waste compared to powder bed technologies where supports are required. 
However, the rougher surface texture does mean that for final applications where 
geometrical accuracy or surface finish are important, significantly more material must be 
removed by post-process subtractive machining steps, resulting in a lower material 
efficiency. In some cases, the need to flood much larger chamber volumes with inert gas is 
a running cost disadvantage compared to powder bed LM or EBM. 
The blown powder delivery method can also result in overspray of feedstock material, 
further reducing efficiency and accuracy of the process. 
2.1.7.2.2 Wire and Arc Additive Manufacture 
2.1.7.2.2.1 General 
Wire and Arc AM (WAAM), also known as Shape Metal Deposition (SMD), is based upon the 
use of conventional arc based welding processes and a wire feedstock (although the term 
WAAM is used for simplicity, this review also considers that powder feedstock might be 
used with such energy sources). Again these technologies derive from the use of welding 
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processes for cladding being extended to use for AM, and while there is not so far the same 
degree of commercial exploitation as seen in powder bed technologies, WAAM is a 
promising future technology for the production of large near net components which are 
beyond the scope of other “Rapid Prototyping” derived technologies. 
2.1.7.2.2.2 Deposition Technology 
The energy sources used can vary in their precise nature, but are generally based on the 
formation of an electric arc to produce the heat required to melt and consolidate the 
feedstock. Gas Metal Arc Welding (GMAW)/Gas Tungsten Arc Welding (GTAW) has so far 
formed the basis of most research into WAAM techniques, due to its widespread 
availability and existence of substantial knowledge and equipment solutions in the welding 
industry [110]. Other welding processes such as Plasma Transferred Arc  Welding (PTAW) 
may provide potential as well though [79]. The energy sources used are generally based on 
conventional off-the-shelf welding equipment, and as such are optimised towards the 
efficient formation of a weld bead on the scale of a few mm, and are available at relatively 
low cost [125]. The emergence of WAAM as a serious AM technique may well drive 
development of smaller scale torches for fine detail work, but more likely much larger 
deposition heads to take advantage of the processes already high deposition rates. WAAM 
processes are typically based upon either a robotised mechanism or CNC gantry/bed type 
platform, providing similar practical limits to part size as laser-DED processes. While again 
there is no theoretical limit on part size, WAAM processes are better able to take 
advantage of this due to their higher deposition rates for producing very large components 
in realistic timescales compared to laser-DED processes. Where WAAM processes suffer is 
in the minimum feature size that can be produced, with minimum wall thicknesses on the 
order of several mm, and other minimum features (holes) of a similar size [126]. 
32 
 
The use of wire feedstock is normal for most conventional arc based welding processes and 
WAAM, with current research also investigating its use with laser-DED [79, 121]. Indeed the 
work of Baufeld et al., [110] contrasts WAAM with a wire-fed laser-DED technique, having 
approximately similar deposition rates (0.7kg/h of Ti64), which was claimed to be higher 
than any powder based process. A variation in properties with increasing Z height was 
noted for the laser-DED technique, in contrast to WAAM which does not exhibit this 
variation. The strain to failure was found to be anisotropic for both techniques (having 
higher ductility in the Z direction), with WAAM showing a higher elongation to failure than 
laser-DED. The mechanical properties of material produced by both processes were 
evaluated and found to meet or exceed the requirements for cast material, with WAAM 
approaching the specifications of wrought material [79]. This would suggest that WAAM 
may well permit a higher quality product for similar deposition rates to a laser-DED 
method. It is worth noting however that material properties can be strongly influenced by 
the deposition paths used, with significant anisotropy introduced if a unidirectional 
deposition pattern is used compared to an alternating strategy [127]. The scale of WAAM 
processes means that this anisotropy becomes more significant compared to laser-DED 
technologies, where the same anisotropy may exist, but on a smaller scale. 
The deposition strategy is also significant in influencing part surface roughness, based on 
bead width and overlap, surprisingly good top surface flatness can be obtained from weld 
beads several mm in width, if the correct overlap ratios are obtained [128]. 
The potential for hybrid WAAM and laser-DED has been investigated by Qian et al., [125], 
on the mistaken premise that neither a laser melting or PTAW process alone is able to fully 
melt high temperature alloys. However the additional complexity of two interacting energy 
sources would seem to complicate the deposition process excessively, particularly when 
existing deposition methods have been shown to be effective in their own right for the 
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manufacture of high melting point alloys using either laser [32, 38, 129] or PTAW 
techniques [130-133]. 
One significant problem with the use of powder fed deposition technologies is in 
quantifying the actual material delivered to the melt pool. As can be seen in Figure 7, there 
can be significant overspray of material. The introduction of material in a carrier gas stream 
may also influence the behaviour of the molten pool’s surface and the shield gas curtain, 
disturbing its desired annular form. As with laser-DED technologies, WAAM techniques also 
offer the potential to produce mixed or multi-material parts, either through the use of two 
independent deposition heads utilising wire feeds of different metals [134], by blending 
pre-mixed metallic or metallic & ceramic powders [135-138], or feeding ceramic powders 
into a weld pool formed by an independent metallic feedstock. Typically ceramics are fed 
from the rear of the melt pool in powder form to avoid excessive melt/dissolution, or 
unfavourable reactions, although metallic wires with a ceramic powder core can be utilised. 
 
Figure 7: Powder fed PTAW deposition showing significant overspray and weld spatter 
Depending upon the deposition technology utilised, structures with low or even no support 
can be built, enabling the production of completely enclosed geometries without the 
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required supports of a powder bed type process. This may be achieved due to the inherent 
characteristics of the welding process/material combination, or even by the application of 
electromagnetic fields to prevent the distortion of the molten weld bead due to gravity 
while it solidifies [139]. In the case of Cold Metal Transfer (CMT) welding technologies, 
even horizontal walls with no support are possible. Although published works display 
evidence of support free shapes by CMT [140], no explanation of the process mechanism is 
given, presumably though this is due to the highly independent droplet transfer and rapid 
solidification under high surface tension which is seen in CMT. In order to maintain a 
relatively consistent weld bead section, it is typical to employ some form of ramp in/out at 
the start and end of each deposition track, as the surface tension behaviour differs to the 
central section of the weld bead, due to colder substrate temperatures at the start and 
higher temperatures combined with the need to detach the wire feed from the molten 
pools surface at the end [111]. 
Due to the high heat input of WAAM type processes, it is also typical to employ some form 
of interpass cooling strategy when making multiple welds, either on top of or adjacent to 
each other, such that substrate temperatures remain within a controlled window where 
the existing process parameters allow for consistent deposition quality and form. 
Significant research is required in the planning of deposition strategies for the scenarios of 
weld bead intersection, and the construction of overhangs. However, the application of 5-
axis or greater platforms may enable “support free” geometric constraints. Currently a 
decision between CNC based or robotised platforms is not clear for a commercial system. A 
robotised solution is relatively simple, with many existing robotic welding solutions 
available. However, the comparatively poor surface finish and accuracy of WAAM 
processes make CNC machining a required process step for nearly all components, 
providing a strong argument for an integrated additive/subtractive platform, as no change 
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in work holding is required [127, 141]. Components may be machined at the end of 
deposition, or in between the deposition of several or single layers. Indeed machining 
between layers may help in controlling torch offset distances and final part accuracy, as 
well as allowing the potential for adaptive layer thicknesses which vary according to the 
requirements of the particular geometry and aid in reducing anisotropy [141]. 
The potential to introduce large scale stress relieving technologies mid-process is also 
attractive, with their application to DED processes likely to be simpler than in powder bed 
processes. Several potential processes have been investigated for differing welding or AM 
processes, for example  thermal tensioning using a heat source [142], active cooling using a 
heat sink [143, 144], cryogenic  treatment [145], or mechanical stress relief based on rolling 
[146] or ultrasonic impact treatment [147], as well as defocussed laser heating [148]. 
Although material efficiency is likely reduced compared to other AM techniques (as lower 
resolutions mean more material must be removed to achieve the final net shape), WAAM 
provides a very attractive route compared to large billet subtractive machining or forging in 
terms of material usage or “buy-to-fly” for component sizes unachievable by other AM 
technologies.  
Several different arc welding techniques have been investigated for WAAM. Gas Metal Arc 
Welding, more commonly known as Metal Inert Gas (MIG) welding utilises a consumable 
wire electrode, forming an electric arc between the filler wire and the workpiece, usually 
shielded by some form of inert gas. As the filler material forms a consumable electrode, 
material transfer takes place as a series of discreet droplets, with droplet transfer 
mechanisms forming an important fundamental characteristic of the GMAW process (Cold 
Metal Transfer being an extension of GMAW welding). Material transfer may either be 
achieved by a variety of either direct contact or free flight transfer modes, depending upon 
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the combination of electrical arc, surface tension, gravitational or electromagnetic forces 
acting on the weld material [149]. 
Gas Tungsten Arc Welding (GTAW), often known simply as Tungsten Inert Gas (TIG) welding 
differs from GMAW welding, in that the electrical arc is formed between the work piece 
and a non-consumable Tungsten electrode. The filler material is therefore delivered to the 
melt pool independently, as shown in Figure 8. 
 
Figure 8: Comparison of GMAW (left) and GTAW (right) welding processes [150] 
Plasma Transferred Arc Welding is achieved by establishing a plasma between the 
electrode and nozzle within the torch using a pilot arc of relatively low current, and an inert 
plasma gas (typically argon) [130]. The arc is then transferred from the torch to the 
workpiece, forming a highly directional and stable column of plasma, with temperatures of 
up 30,000oC [130]. PTAW can achieve relatively narrow and deep welds for an arc based 
process, due to the plasma’s high energy concentration, or alternatively wide welds can be 
made, depending upon anode diameter and plasma gas flow combination (the layout of a 
PTAW torch is compared with a GTAW head in Figure 9). This lends itself to use for WAAM, 
as varying configurations of deposition head could be utilised for production of thin walls 
compared to large sections.  
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Figure 9: Comparative schematic of GTAW v PTAW arc plasma constriction [151] 
While substantial research and commercial exploitation has been achieved with PTAW 
techniques for the deposition of surface coatings with various materials [130, 135, 152] 
including superalloys [153], for the purposes of corrosion or wear resistance, surprisingly 
little work exists on its use for AM when compared with other welding processes such as 
GMAW/GTAW. The configuration of the PTAW process for a wire feed configuration is 
shown in Figure 10. 
 
Figure 10: Schematic of a PTAW based WAAM process [125] 
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The work of Martina et al., [79] on deposition of Ti-6Al-4V has established a comprehensive 
knowledge of the processing parameter window for PTAW deposited single beads/walls, 
however while others have used PTAW to deposit IN625 from powder and wire [130, 154], 
no such comprehensive exploration of the processing behaviour exists. In comparison with 
other welding processes, PTAW provides low thermal distortion and residual stresses, high 
welding speeds (2-16mm/s) and low dilution ratios (5-10%) with substrate material [130]. 
High deposition rates [130] and material efficiency of 93% [79] (based upon the effective 
wall width) can be achieved when using PTAW for WAAM deposition. Deposition rates in 
the region of 1.8kg/hr for Ti-6Al-4V using PTAW with wire feed have been achieved [79], in 
comparison to rates of approximately 0.7-1kg/hr for laser based wire fed deposition and 
<0.5kg/hr for laser based powder fed systems [94]. Fine microstructures compared to 
casting are typical due to high cooling rates, though not to the same degree as laser based 
processing  [130]. 
2.1.7.2.2.3 Products 
Material produced by WAAM is generally found to be of a high relative density, although 
no commercial AM platforms exist, substantial work over more than a decade at Cranfield 
University among others lends a confidence to the material quality which can be produced. 
Many case studies of WAAM components are based around a symmetric part on substrate 
approach, building identical structures onto either side of a substrate to give a finished 
part. While this is effective in reducing the geometric distortion due to residual thermal 
stresses to near zero, it does not in fact remove the stresses themselves. Given the large 
scale of parts which are produced by WAAM, there are corresponding high stresses in the 
components due to the large gradients between substrate and the final layer. There is also 
a motivation to utilise thin substrates, as for a 500mm high component a comparably thick 
substrate to those used in LM to restrain distortion would be large, awkward to handle and 
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expensive in its own right. In single sided (normal) deposition upon a substrate, significant 
deformations of 10’s of mm can be seen over large components in excess of several meters 
long. However, thick sections which would otherwise be impossible from DED or powder 
bed LM/EBM are achievable. 
2.1.7.2.2.4 Economics 
Components produced by WAAM have significant advantages over other AM technologies, 
in that large parts can be produced quickly. This opens new applications in for example 
airframe or chassis manufacture, where previously very large forgings or billets were 
required. The low cost of wire materials compared to powdered materials also brings a 
significant cost advantage when compared with other AM powder based systems. 
(although the range of materials readily available in wire form is smaller, the quantity of 
powder material available for serious industrial production is insufficient at this time – a 
serious industry concern) as powder feedstock becomes more readily available and the 
quality established, the cost is likely to reduce, though not to the level of wire feedstock 
given the extra processing required to produce it. 
The fundamental advantage of WAAM methods though is in their deposition rate, 
potentially reducing the largest element of the cost to manufacture, machine time. 
Figure 11 provides a comparison of several metrics for assessing the productivity of current 
AM technologies. Total Wall Width (TWW) represents the range of feature sizes which can 
be produced for each technology, while Effective Wall Width (EWW) is the functional 
material remaining after post process machining (the difference between TWW and EWW 
being a measure of material efficiency for the process). Layer height provides a notional 
metric for assessing relative deposition rates and resolution of the systems shown. As can 
be seen, powder bed LM represents the highest resolution (smallest layer thickness), while 
DED can produce similar wall sizes at slightly higher rates of productivity (for lower Z 
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resolution). GMAW/GTAW based processes enable larger features and deposition rates, 
however PTAW appears to show a highly advantageous range of feature sizes, high 
material efficiency and  resolution vs productivity for a high deposition rate process. 
 
Figure 11: Comparison of materials utilisation and layer height for available AM technologies [79] 
2.1.8 State of the Art Superalloy AM 
2.1.8.1 Low Deposition Rate – powder bed LM/EBM and laser-DED 
The AM of nickel based superalloys has recently been developed and released as a 
commercially available material/process combination, capable of producing a material 
which matches relevant standards for a wrought material. 
Given the close resemblance between AM and welding processes, it is unsurprising that the 
alloys most readily developed for production by AM techniques are readily weldable solid-
solution strengthened and dilute precipitation strengthened alloys. 
IN625 as a solid solution strengthened alloy is favourable for AM due to its high weldability 
and low titanium and aluminium content (effectively nil), and significant research has been 
done to optimise the parameters needed for its production to provide the best results [22]. 
As a result, it has been researched for production with both powder bed LM and laser-DED, 
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and due to its readily weldable chemistry and solidification behaviour is now widely 
understood [22, 30-33]. In other cases un-named solid-solution strengthened alloys have 
been processed, although their composition indicates an alloy not dissimilar to IN625 [155]. 
Static mechanical properties are well quantified by individual manufacturers, although the 
precise processing parameters utilised can cause measurable variations in properties 
between material produced on the same system [51]. 
Rene’ 41 has been investigated for production through a blown powder laser-DED process, 
although this alloy is precipitation strengthened, the quantity of strengthening precipitates 
is low and processing is achievable without excessive defects [34]. However mechanical 
properties in the as-built state for Rene’41 are surpassed by IN718 with respect to strength 
while having similar ductility, providing little motivation for its uptake over that of IN718. 
IN718 is also a heavily researched alloy for AM, with both laser and electron beam power 
sources, and again by laser-DED and powder bed fusion technologies [35-38]. Although 
there is limited uptake of superalloys by EBM, due to the higher chamber temperatures 
needed. Notably, recent research has moved from determining the basic processing and 
properties of IN718 using powder bed LM or laser-DED towards the reliability and 
consistency of the materials quality [101], with a view to its use as a main stream 
manufacturing technology in the near future. The work of Krauss et al., [101] examines the 
effect of laser scanning strategy, recoating and part layout during build on the repeatability 
of fragile thin walled components in terms of their geometric finish side wall variations, 
surface roughness etc. 
Processing by either EBM or LM results in columnar grain growth perpendicular to the 
layers [35], as does laser-DED, although grain sizes are typically larger. Processing by 
WAAM is reported to result in larger grain sizes (although still relatively fine compared to 
casting [156]), which exhibit a similar directional microstructure. 
42 
 
Other superalloys which have been researched to a lesser degree include Hastelloy X [157, 
158] and Waspaloy [159], with research into the wire fed laser-DED of Waspaloy using high 
powered diode lasers (2kW) producing good pore and crack free deposits [160]. 
Carter et al., [87] have investigated the deposition of CM247LC (a γ’ superalloy) using 
powder bed LM in an effort to characterise the microstructure and reduce the presence of 
micro-cracking, however cracking could not be eliminated. More recent work into the 
densification and cracking of Hastelloy X in academia [100, 161, 162], as well as commercial 
research, has now resolved this problem to the extent that it joins IN625 and IN718 as a 
commercially available material for AM [163]. Both Tomus et al., [100] and 
Harrison et al., [162] found that it was necessary to alter both the processing parameters 
(laser speed) and material composition to achieve high density crack free results. Cracking 
was determined to be due to microsegregation of Mn, Si, S and C to the grain boundaries 
during solidification, and resulted in cracking due to the typically high residual stresses, 
crack free results were obtained by reducing the quantities of Mn and Si present in the 
feedstock alloy, although the effect of the altered composition on hardness or mechanical 
properties has yet to be assessed. Ultimately though compared to the currently available 
IN625 and IN718 materials, Hastelloy X has both lower tensile properties at high 
temperature, and is less creep resistant, however feedstock powders may be cheaper as 
there are fewer exotic alloying elements (Nb, Ti). 
Inconel 738 deposited by laser-DED has been found susceptible to liquation cracking, 
however optimisation of the process parameters achieved good crack free results [164]. 
The work of Yang et al., [165] deposited Rene 104, a high Ti/Al content γ’ strengthened 
alloy using a laser-DED process. It was found to be impossible to produce crack free as-built 
material, due to the complex interaction between the three known cracking mechanisms 
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(SAC, liquation cracking and DDC) and the thermal cycling of the material in previously 
deposited layers. 
The alloys listed in Table 3 represent the current cutting edge of superalloys which can be 
reliably processed by AM, commercially or within academia. Though different primary 
strengthening mechanisms are represented (solid solution, γ’ and γ’’), the limits imposed 
by cracking mean that all of the alloys currently available lie within the lower range in 
terms of mechanical properties, compared to the wider superalloy market. 
Table 3 : Commercially available alloys processed by AM to a reliable standard 
Material UTS (MPa) Yield Strength (MPa) Elongation (%) 
Rene’ 41 [34] 855 682 30.3 
IN718 [166] 980 634 31.0 
IN625 [167] 990 615 35 
C263 931 517 30.0 
Hastelloy X [163] 850 570 29.0 
 
Though it is often found that alloys processed by an AM route tend to have higher strength 
than their conventionally wrought counterparts [30, 38], often with no effect on ductility 
[30], or even an increase compared to the minimum specification [38]. 
Notably a recent paper by Kanagarajah et al., [168] outlines the material properties of 
Inconel 939 (IN939) produced by LM. While other alloys such as IN718 are commonly used 
in cast, or wrought form up to 650oC, IN939 is almost exclusively utilised in cast form at 
temperatures up to 850oC for turbine combustion components. IN939 is a γ’ strengthened 
alloy, containing 3.7wt% titanium and 1.9wt% aluminium, and as such would normally be 
considered “un-weldable” or at least at high risk of SAC. Kanarajah et al., produced a single 
dog bone geometry in two build orientations, and observed that the y’ precipitates were 
present in the as built condition, but returned into solution with the y phase during heat 
treatment. For the γ’ precipitates to be present in the as built state shows that at least 
some age hardening has occurred in the material as a result of heat input during 
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subsequent layers, and could potentially lead to SAC problems if the quantity or duration of 
heat input were to be increased. The geometry of the components built would not typically 
suggest excessively high residual stresses (which would encourage cracking), it would be 
interesting to see if the process parameters utilised in depositing these samples were 
transferable to a geometry of increased complexity or thicker section, where SAC may 
manifest as the combination of geometry induced and material induced (γ’ precipitation) 
stresses may near the UTS of the material. Although full details of the processing 
parameters are not disclosed, the paper notes some steps were taken to reduce build 
stresses, pre-heating the substrate to 100oC, as well as building upon a thick 4mm pad of 
deposited material. 
2.1.8.2 High Deposition Rate – WAAM 
The use of MIG based deposition for common materials such as IN718 has been attempted 
in research [169]. However, despite IN718’s usual weldability, the prolonged time at high 
temperature encountered during WAAM type deposition resulted in the formation of 
brittle Laves and δ-phases, leading to materials defects, although these may well be 
controllable with further investigation. 
Relatively limited investigation of the PTAW process has been made for use with nickel 
superalloys, with some work has been conducted on PTAW for deposition of Haynes C276 
and Inconel 625 [130]. 
The largest single body of work conducted in this area has looked at pulsed PTAW with 
Inconel 625 wire [154], evaluating the effect of deposition strategy (raster direction) on the 
tensile properties of the material. The work describes a typical perpendicular columnar 
dendritic microstructure, which coarsens with Z height (presumably due to retained heat 
giving lower cooling rates). Z height was found to produce a decrease in hardness, and was 
corroborated with a reduction in measured tensile properties; while raster direction had an 
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effect it was minor in comparison. However, changes were not made in processing 
parameters to account for differing thermal conditions/weld behaviour away from the 
substrate, nor was any interpass cooling/dwell utilised, or substrate temperatures 
monitored to ensure consistent weld pool behaviour and solidification. Later work by the 
same authors addresses this by comparing the properties of material deposited with and 
without an interpass cooling strategy, demonstrating that more consistent properties are 
found with more consistent processing conditions, variations in hardness between layers & 
at layer interfaces was also minimised by implementing interpass dwells. It was reported 
that an interpass cooling time of 300s was utilised “to make the temperature of previous 
layers material decreased to about room temperature”, it is not clear if this 300s dwell was 
in between each individual weld bead, or in between each layer. However, given the high 
input current (pulsed from 140A to 230A) and low welding speeds (0.23m/min), it is 
uncertain that “room temperature” would have been achieved at any point during 
deposition, and no evidence of measured substrate or deposited material temperatures is 
given. Continuous duty cycle (not pulsed) PTAW may provide the potential for lower total 
heat inputs which would reduce the need for interpass cooling and enable higher 
deposition speeds. It also appears that only one material “billet” was manufactured for 
each of the deposition strategies, and only one tensile test for each combination of 
deposition strategy and heat treatment was made, while the overall conclusions are 
believable, there is no apparent rigor to lend confidence that the same deposition 
conditions can be duplicated, or that results are robust. 
GH163, a high Co content and relatively low γ’ content, has also been deposited by PTAW 
using powder feed [170], with the variation of micro hardness across layer interfaces found 
to be minimal and free of defects, showing that such issues can be controlled [170]. 
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2.1.9  State of the Art Superalloy MMC Additive Manufacture 
2.1.9.1 Zirconia/Waspaloy graded material by SLM 
Mumtaz et al., [47] have used powder bed LM to produce a functionally graded material 
based upon a Waspaloy matrix with zirconia reinforcement, grading the material from 
100% Waspaloy up to 10% zirconia. The processing was reported as successful, with an 
average 0.34% porosity, and no interface defects detected. The choice of zirconia 
reinforcement was motivated by a desire for a thermal barrier effect, utilising zirconia’s low 
thermal conductivity, but avoiding the bonding issues usually associated with a coating by 
including the barrier material within the top layers of the component. 7-9% yttria was also 
included to stabilise the ceramic at high temperature. Ceramic was not homogenously 
distributed, potentially due to small particle agglomeration, or melt pool flow effects; 
however the surrounding matrix was well consolidated and showed good particle wetting. 
The work conducted examined the use of 400µm powder layers for what was essentially a 
functionally graded coating, using an unaltered parameter set from that of the matrix 
deposition, it did not go so far as to investigate a full MMC material and the processing 
parameters required for a continual deposition of MMC material [47]. 
This research shows an initial investigation into the potential for nickel alloy based MMC 
graded materials, however no optimisation, or further research. There is also a particular 
focus on functionally graded materials in particular for applications as a fully integrated 
thermal barrier coating, rather than monolithic homogeneous MMCs, which will likely 
exhibit differing processing characteristics  [47]. 
2.1.9.2 Inconel 690 + TiC by laser-DED 
The work of Wilson and Shin [171] using a laser-DED system has successfully produced a 
functionally graded TiC reinforced Inconel 690 material, using varied powder feed rates. In 
order to enable adequate powder feeding, one feeder was filled with IN690, while the 
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other was loaded with a pre-mixed IN690+TiC blend, using 49 vol% TiC. The pre-mixing of 
powders was found to be difficult using a roller mill at such high TiC volume fractions, and 
the mixture was eventually “shaken by hand for 30min until the powders were visibly 
blended”. The blending of lower volume fraction mixtures for direct powder bed deposition 
is likely to be easier to homogenously blend, as well as providing a more flowable powder 
feedstock for delivery to the powder bed. The programmed delivery of material was 
compared to the actual distribution of TiC in the sample, and although in general there was 
little difference between the programmed and delivered material, there were some 
notable fluctuations, presumably due to random inconsistencies in the powder feed due to 
agglomerations, inhomogeneity, or powder overspray. The position of the IN690+TiC 
powder feed in relation to the melt pool was not disclosed, therefore, given that no melting 
or dissolution of TiC particles was observed, it could be assumed that the powder was 
injected at the rear of the molten pool in order to avoid excessive particle melting, 
considered by Wilson and Shin [171] to be detrimental to material properties. The use of 
IN690 as the matrix alloy was however detrimental, as minor cracking and void defects 
were observed due to the material’s known susceptibility to hot cracking during repeat 
pass welding, a more weldable alloy might have made a more forgiving candidate. 
2.1.9.3 Inconel 718 + TiC by laser-DED 
The work of Hong et al., [172] examined the formation of IN718+TiC MMCs, using a high 
powered Nd:YAG laser blown powder fed DED process. On the basis of some preliminary 
experiments, a 25 wt% TiC mixture was selected for investigation, on the basis that <20 
wt% TiC would provide no strengthening effect, and that >30 wt% TiC could not be 
processed due to porosity and cracking. This initial premise is flawed, as many other 
researchers have reported significant strength improvements with as little as 1 to 5 wt% TiC 
[114, 173]. At 30 wt% TiC, the material is a Ceramic Matrix Composite, as the volume 
fraction of TiC would exceed that of the metallic “matrix”. 
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Powders were pre-mixed at 25 wt% TiC in a ball mill for 4 hours, however no discussion of 
powder homogeneity, or its delivery to the melt pool in the desired quantities was entered 
in to, despite the known difficulties of delivering irregularly shaped particles by blown 
powder methods [171, 173]. 
The experimental work considered only one welding speed (500mm/min) and only a 
narrow range of laser power (0.7-1.3kW) with a fixed material delivery rate (2.4g/min). If 
this experimental window was utilised to determine the processability of differing TiC 
contents, there is virtually no way to know if other TiC weights may have processed 
acceptably by utilising a much wider parameter window. The weld deposit behaviour (weld 
bead widths, heights etc) was evaluated and described only in terms of linear energy 
density, rather than exploring the complete potential parameter window, and the 
independent effects of laser power or speed on the weld behaviour. 
Two distinct TiC behaviours were observed, the majority of TiC dissolved in the molten pool 
and re-formed as flower/star shaped particulates, while some larger particles survived 
without melting, but formed a thick interfacial reaction layer of several micro-meters. An 
attempt to measure the hardness of the interfacial layer was made, but given that it was 
only 2-3µm thick, and the hardness indents shown were on the order of 20µm, the 
reported variation is inconclusive, and could be attributable to overlap with the reinforcing 
particle. Although bulk material hardness was reported to increase from 390HV up to 
453HV, and was found to increase with higher energy densities. 
It was claimed that the material was “fully dense”, despite the high TiC content which 
might have been considered to increase the risk of γ’ Ni3Ti formation and SAC, 
unfortunately no measurement of the materials relative density was presented. Ni3Ti was 
detected by XRD, but attributed to the matrix alloys original chemistry, rather than the 
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dissolution and reaction of TiC, presumably as the dissolved Ti and C are in proximity to 
each other, and there is a high driving force for them to reform as TiC. 
Overall this research showed the feasibility of producing a TiC reinforced material, where 
the TiC has undergone melt and resolidification, providing a thermally stable phase with 
good interfacial bonding. However, the process parameter window and processing 
behaviour has not been investigated, and the TiC content used is exceptionally high, such 
that ductility is likely to be poor. The material may also be vulnerable to SAC or ductility dip 
cracking during intensive exposure processing, or post processing heat treatments. Though 
IN718 has impressive mechanical properties in its own right, the use of a more easily 
weldable and generally ductile alloy such as IN625 may provide a better balance of process 
window, and final material properties (strength vs. ductility). 
2.1.9.4 Inconel 625 + TiC by laser-DED 
The use of AM for Inconel 625 - TiC composites has been evaluated by Zheng et al., [173] 
using a blown powder laser-DED system, but due to problems with powder 
delivery/flowability, Ni coated TiC particles were required to ensure a consistent molten 
pool. The use of a powder bed fusion process could remove the need for Ni coating and 
remove potential “overspray”, where the proportion of TiC content actually delivered to 
the molten pool is difficult to determine. Notably the use of a nickel coating on the TiC 
particles has protected them from melting, becoming dissolved in the molten pool and re-
precipitating during solidification. No significant agglomeration of TiC particles was noted, 
with the violent melt pool convection created by a highly focussed laser beam providing 
good mixing and randomisation of the reinforcement. Tensile test results showed a 
substantial increase in tensile strength from 560MPa for the control matrix alloy, up to 
655MPa for +10 wt% TiC and 690MPa for +20 wt% TiC additions, although a corresponding 
reduction in elongation to failure was measured from 46% down to 5.5% and 3.5% for the 
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+10 wt% and +20 wt% TiC samples respectively. XRD results indicated that only Ni and TiC 
phases were present, suggesting the possibility of only a limited interfacial reaction, 
uncoated TiC particles may enable a greater matrix/reinforcement bond to be established 
during the molten stage. If a higher efficiency of load transfer can be achieved, then it may 
be possible to provide a similar strength increase with a smaller volume fraction of 
reinforcement particulates, so potentially providing a better balance of strength and 
ductility. 
The work of Bi et al., [114] examined the production of IN625 with additions of nano-
particulate sized TiC (<150nm),using a DED process with a 6kW fibre laser source. The 
quantity of TiC utilised was varied, but within a small range and at relatively low 
proportions (<1 wt%), the TiC powder utilised was spherical, avoiding any problems with 
powder delivery due to morphology, and presumably reducing agglomeration, after 
thorough mixing. An increase in microhardness of 12% between the matrix alloy and the 
composite material was observed, although differences between TiC contents were too 
marginal to determine any trend with confidence. The nano-TiC was largely segregated at 
the grain boundaries, and resulted in a refined grain structure, as would be expected if the 
small particles acted as nucleation sites for grain growth, therefore it is difficult to attribute 
the improved material performance (up to 30% improvement in yield strength) exclusively 
to load carrying by TiC particulates over the refined microstructure or vice versa. Indeed it 
is more likely that ODS type strengthening mechanisms would be present than MMC 
behaviour, given the scale of the particulates. SEM and EDX examination of particulates in 
the deposited material was made, and particulates of a similar size to the feedstock were 
analysed to be high in Ti and C, unfortunately no XRD analysis was made to more accurately 
determine what phases were present in the deposited material. Although the author has 
not reported the process parameters used in this study, it can be seen from the results 
presented that a reasonably low energy/power density has resulted in minimal ablation or 
51 
 
dissolution of the TiC particles. The use of nano-TiC does of course raise concerns for the 
health and safety implications of fine powder handling, and also presumably increases the 
cost of the feedstock powder, particularly in a spherical morphology. 
The most recent published research on IN625+TiC MMC’s by Hong et al., [174] using a 
laser-DED process was published since the work contained in this thesis was completed; 
therefore it is discussed in detail alongside the experimental results in Section 4.3.9. 
 
2.2 Superalloys 
This section of the literature review is intended to provide a background on commonly 
utilised high temperature superalloys, their strengthening mechanisms and processing 
characteristics, with particular thought to strengthening and cracking mechanisms in the 
context of AM processing. 
2.2.1 Overview 
Superalloys are defined as a class of metals exhibiting high strength at elevated 
temperatures. The superalloy class can be further broken down according to their base 
element. Iron based superalloys (generally heat-resistant stainless steels), cobalt based 
superalloys and nickel based superalloys are the mainstream [175], primarily with additions 
of chromium to improve oxidation and corrosion resistance [176], depending on the alloy a 
wide variety of other elements may be included, of which molybdenum, titanium, 
aluminium and niobium are the most commonly utilised [1]. Though superalloys are costly 
to manufacture and develop, the engineering requirements often necessitate their use, 
particularly within the aerospace sector. 
Common applications for high-temperature alloys include turbines, rockets and heat 
exchangers, or indeed any application which demands strength or corrosion resistance at 
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elevated temperature. Improvements to material properties enable corresponding 
improvements to thrust and fuel economy within aero engines [1, 175]. 
Corrosion resistance is particularly important within the hostile environments of turbine 
engines, due to the highly corrosive nature of the gasses (e.g. sulphur in coal fired power 
plants or sea-water ingestion in aero engines) [1]. For land based gas turbines the 
properties of interest are high temperature creep, tensile strength, ductility and oxidation 
resistance, all of which contribute to the potential service life of a component or its 
performance capability [15]. Indeed the interest in improved performance of service life is 
so high in the aerospace and power generation industries, that significant investment in the 
development of bespoke alloy systems for specific component applications is often 
undertaken [177]. 
2.2.2 Nickel Based Alloys 
Nickel has excellent inherent corrosion resistance and high-temperature strength [178], 
making it a desirable starting point for the development of superalloys, these alloys have 
become the material of choice for high temperature applications (above 800oC), 
particularly within the gas turbine sector [1] and aero engine sector [5]. 
2.2.3 Superalloy Strengthening Mechanisms 
Superalloys can be strengthened by either a single mechanism, or more commonly two or 
more acting together to varying degrees; the primary strengthening mechanisms present in 
superalloys typically fall into one of three categories: 
1. Solid Solution Strengthening. 
2. Precipitation Hardening or Age Hardening. 
3. Oxide Dispersion Strengthening (ODS). 
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2.2.3.1 Solid Solution Strengthened. 
Solid solution hardening strengthens an alloy by forming a solid-solution of two or more 
elements, solute atoms introduce a stress field into the material which restricts the motion 
of dislocations and so increases the yield stress. 
Solid solution strengthened alloys usually exhibit maximum Ultimate Tensile Strength (UTS) 
values of about 830MPa, and yield strengths from 345-480MPa [14]. 
Solid solution alloys for structural engineering applications are more often based upon 
nickel with a chromium solute at a ratio of approximately 2 : 1 depending upon the 
particular alloy and the other alloying elements added. This forms the γ-phase, a solid 
solution alloy system based upon Ni-Cr-Fe which is the basis of most nickel based 
superalloys [179].  The γ-phase is of an austenitic Face Centred Cubic (FCC) type and may 
often contain significant concentrations of other alloying elements. The FCC crystal 
structure has atoms at the corner points of the cube and in the centre of each face, giving a 
dense packing factor of 0.74, it is the most stable crystal structure for nickel. The γ-phase is 
the matrix phase for almost all superalloys, and is most stable in the FCC form, alloying 
elements of cobalt, iron, chromium, ruthenium, molybdenum, rhenium and tungsten all 
partition to the austenitic γ-phase, as their atomic radii are similar to that of nickel [1]. 
2.2.3.2 Precipitation Strengthened  
Precipitation strengthened alloys contain aluminium, titanium, niobium or tantalum for the 
formation of strengthening precipitates. The precipitates are coherent with the matrix, 
meaning that the crystal lattice at the interface is continuous, precipitates create strains 
which substantially increase the materials strength [14].  
The gamma prime (γ’-phase) precipitate is the most common [178]. The precipitates are 
formed usually from the Al and Ti content, γ’-Ni3(Al,Ti), though Nb and Ta content may also 
form γ’ if present. The precipitates impart stiffness to the alloy up to the limit of the aging 
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temperature, beyond which precipitates coarsen, coalesce and lose their effectiveness. The 
strengthening effect correlates to γ’ particle size, with the high temperature strengthening 
effect of the γ’ phase also increasing with the volume fraction of γ’ present within the 
material, which in turn is determined by the amount of precipitate element available within 
the alloy composition [179]. 
If supersaturated in Ti, Nb or Ta, other precipitates may form from the metastable γ’-phase. 
Excess Ti can form a Hexagonally Close Packed (HCP) η-phase Ni3Ti, with excess Nb 
available, this metastable η-phase transforms to a Gamma-double-prime phase, γ’’ (Ni3Nb), 
with Body Centred Tetragonal (BCT) structure and disc shaped morphology.  If over-aged, 
this forms an equilibrium Ni3Nb phase, which ultimately decreases the hardness previously 
provided by the γ’ and γ’’ phases [179]. For Ni-Fe alloys or those rich in Nb, γ’’ is generally 
the preferred strengthening phase rather than γ’ [1]. 
The γ’’ particulates are coherent with the matrix, but impose high coherency strains (the 
misfit between phases) of several %, which provide high temperature strength by 
restricting the motion of dislocations through phases. γ’’ has a limited number of slip 
planes available for the movement of dislocations, precipitating in thin discs in the region 
of 50nm diameter to 10nm in thickness having a single orientation in relation to the matrix 
crystal structure [1]. 
At high temperatures, γ’’ alloys are susceptible to the formation of an incoherent over-aged 
δ phase and so provide no such strengthening effect. The δ phase forms at 650-980oC, 
below 700oC it nucleates at grain boundaries and grows at the expense of γ’’. At 700-885oC 
the γ’’ rapidly coarsens, and beyond the solvus temperature of 885oC γ’’ is unstable [1]. 
Compared to the γ’ phase, γ’’ precipitates more slowly (due to the high coherency strains 
[1]) in Inconel 718 [180], so providing a resistance to Strain Age Cracking (SAC, is caused by 
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precipitate growth post weld and is discussed in more detail in Section 2.2.5.4.3), as 
welding or heat treatment processes are typically completed before excessive precipitates 
can form and reduce the material’s ductility. 
2.2.3.3 Dispersion Strengthening – ODS Superalloys 
In Oxide Dispersion Strengthened (ODS) alloys, small oxide particles have a strengthening 
effect by impeding dislocation motion, due to the effects of Orowan bowing mechanisms. 
Orowan bowing is the process by which closely spaced, hard particles resist the passage of 
dislocations, forcing them to wrap around the particles and leaving dislocation loops 
surrounding the particles once they have passed [181, 182]. These loops then build a dense 
tangle of dislocations, which decrease the mobility of any given dislocation so contributing 
further to the materials strength. The Orowan stress required to force a dislocation past 
the obstacle is inversely proportional to the distance between the particles. 
In comparison to γ’ alloys, which lose strength as the γ’ precipitates aggregate and coarsen, 
ODS alloys maintain their strength to higher temperatures (>1000oC) as the oxide particles 
suffer less coarsening and remain discrete, almost until the melting point of the material 
[183]. Pure ODS alloys tend to exhibit greater stability than the precipitation hardened 
alloys, improving properties at temperatures above 900oC [182]. In general precipitation 
hardened alloys have greater strength at moderately elevated temperature (~750oC), whilst 
at higher temperatures (>900oC) the precipitates coarsen and re-dissolve, while ODS alloys 
retain a greater strengthening effect [182], which can be beneficial to long term creep 
properties [9, 59].  
For commercial use, ODS alloys are formed essentially by the addition of fine particles to a 
more basic γ/γ’ alloy system. The particulates are most often Y2O3, Al2O3 or Hf, and usually 
have a median particle size of less than 10nm [184, 185] and are present in low volume 
fractions of 0.1-1.0% [186]. Strength is then derived from the existing solution 
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strengthening and γ’ precipitates at moderate temperatures and by the very fine oxide 
particulates at higher temperatures. Particulates are typically on the order of a few 10’s of 
nm, and spaced at distances of around 5x the particle diameter, the presence of fine 
particulates not only provides an Orowan strengthening mechanism, but can also act as a 
grain refiner and so provide an indirect strengthening effect [187, 188].  
ODS materials are conventionally processed by mechanical alloying/blending of powders, 
hence the “MA” designation of many of the commercial alloys  e.g. MA6000, MA760 etc. 
During mechanical alloying, particles are successively welded, fractured and re-welded, 
until the mixture becomes homogenous. ODS alloys typically exhibit fine grain structures 
due to the heavy cold working during mechanical alloying. Components are then produced 
by hot extrusion, hot compaction, hot rolling or hot isostatic pressing (HIPing) stages [182]. 
As the dispersed particles must be of a small size <1µm, though typically in the region of 
10nm [189] [184, 185], ODS effects are regarded as absent in the strengthening of MMC 
materials with micro-scale reinforcement particles [181]. The difference between an ODS 
alloy or a MMC is therefore in essence one of scale. 
2.2.4 Review of Superalloys  
2.2.4.1 Standard Alloys 
Depending upon the alloy, strengthening mechanisms employed can include one or more 
of the following to varying degrees. Solid solution strengthening with some combination of 
molybdenum, niobium, cobalt or tungsten; γ’ based precipitation strengthening from 
titanium, aluminium and occasionally Tanatalum additions; or γ’’ precipitation 
strengthening from additions of Niobium. Some variants also utilise ODS derived from the 
effect of very small oxide particles in trapping dislocations, and in influencing the materials 
grain structure. 
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A range of commercially available nickel superalloys, their composition and the active 
strengthening mechanisms of each are listed in Table 4. The yield strength of these alloys at 
high temperature is also presented as a function of combined  γ’ and γ’’ precipitate fraction 
in Figure 12, illustrating the significance of these phases in improving mechanical 
properties. 
 
Figure 12: Effect of strengthening precipitates on high temperature strength (recreated from [1] ) 
In general, alloy strength increases with a larger fraction of strengthening precipitates; 
which unfortunately also increases the difficulties found during welding due to cracking 
phenomena (the specific problems of superalloy weldability are presented in detail in 
Section 2.2.5.4). Of particular interest are the alloys Inconel 625 and 718, as they are both 
known to process well by AM.  
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Table 4: Common alloy compositions and strengthening phases (data from [1, 190]) 
Alloy Strengthening mechanisms/phases 
present 
Ni Cr Fe Co Mo W Nb Ti Al C B Other 
Inconel 625 Solution (Mo, Nb, Fe) 58 21.5 <5.0 <1.0 9.0  3.65 <0.4 <0.5 0.1 - - 
C-276 Solution (Mo, Fe, W, Co) bal 15.5 5.5 2.5 16.0 3.75 - - - 0.02 - 0.35V 
Inconel 600 Solution (Fe, Cu) 72 16.0 8.0    - - - 0.15 - 0.5Cu 
Hastelloy X Solution (Fe, Mo, Co, W) bal 21.75 18.5 1.5 9.0 0.6 - - - 0.10 - - 
Inconel 718 γ’’ (Ni3Nb) 
+ γ’ (Ni3Al, Ni3Ti) 
+Solution (Mo, Co, Fe) 
52.5 19 bal 1 3.05 - 5.13 0.35 0.6 0.08 0.06 0.3Cu 
Inconel 713 γ’ (Ni3Al, Ni3Ta, Ni3Ti) 
+ Solution (Mo, Nb) 
74 12.5 - - 4.2 - 0.9 0.8 6 0.12 0.012 1.75Ta 
Inconel 738 γ’ (Ni3Ti, Ni3Al)  
+ Solution (Co, W, Mo) 
61.5 16 - 8.5 1.75 2.6 2 3.4 3.4 0.17 0.01 - 
Inconel 
MA6000 
ODS + γ’ (Ni3Ti, Ni3Al)  
+ Solution (W, Mo) 
bal 15.5 - - 2.0 3.8 - 2.5 4.5 0.06 0.01 1.9Ta, 
1.1Y2O3 
Rene 41 γ’ (Ni3Ti, Ni3Al) 
+ Solution (Co, Mo)  
55 19 - 11 10 - - 3.1 1.5 0.09 0.01 - 
Rene 80 γ’ (Ni3Ti, Ni3Al) 
+ Solution (Co, Mo, W)  
60 14 - 9.5 4 4 - 5 3 0.17 0.015 - 
Udimet 500 Solution (Co, W, Mo) 
+ γ’ (Ni3Ti, Ni3Al) 
53 18 2 18 17 4 - 3 3 0.1 0.3 - 
Udimet 700 γ’ (Ni3Ti, Ni3Al) 
+ Solution (Co, Mo) 
53.5 15 - 18.5 5.25 - - 3.5 4.25 0.1 0.03 - 
Nimonic 80 γ’ (Ni3Ti, Ni3Al) 
+ Solution (Co) 
73 19.5 1.5 1 - - - 2.25 1.4 0.05 - 0.1Cu 
Nimonic 90 γ’ (Ni3Ti, Ni3Al) 
+ Solution (Co)  
55.5 19.5 1.5 18 - - - 2.4 1.4 0.06 - - 
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2.2.4.2 Solution Strengthened (IN625) 
Inconel 625 (IN625) is a solid-solution strengthened alloy, consisting of niobium and 
molybdenum within a Ni-Cr-Fe matrix [178].  It has a FCC structure, and may contain 
carbides (MC and M6C) inherently found in such an alloy [129]. IN625 exhibits good yield, 
creep and fatigue strength, with high corrosion resistance, along with a very wide service 
temperature (cryogenic to 982oC) and excellent weldability [32, 129, 178]. Typically IN625 
finds applications within the aerospace, chemical, petrochemical, marine and nuclear 
industries [1, 32, 129]. 
AM of IN625 is commercially available from a variety of suppliers in the AM industry. The 
work of Dinda et al., [32] provides an insight into the current state of the art. It was found 
that IN625 can be processed to have minimal porosity and to be crack free within a very 
wide window of process parameters, making it ideal for AM and as a base alloy for 
materials development by providing a significant freedom with process parameters which 
may be more restrictive with other materials. The current state of the art for AM superalloy 
materials, including IN625 is discussed in more detail in Section 2.1.8. 
2.2.4.3 Precipitation Strengthened (IN718) 
Inconel 718 (IN718) is a precipitation strengthened nickel alloy, with an FCC γ matrix, with 
strengthening γ’ (Ni3(Al, Ti, Nb)) and γ’’ (Ni3Nb) phases. The use of primarily γ’’ 
strengthening aids in avoiding Strain Age Cracking (discussed in more detail in Section 
2.2.5.4.3), due to the significantly slower aging rate for γ’’ [35]. 
Applications for IN718 include components in liquid fuelled rockets, rings, castings, aero 
and land based turbines and cryogenic containers. Although developed as a “weldable” 
alternative to many γ’ reinforced alloys, it does not exhibit the same forgiving welding 
behaviour as IN625, although its mechanical properties exceed those of IN625 [35]. 
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Some researchers have attempted to improve the temperature capability of IN718 by fine 
compositional changes, improving its service temperature from 650oC to 680-700oC [191]. 
However the conversion of γ’’ to detrimental δ-Ni3Nb at service temperatures above 650
oC 
[1, 192] places a practical limit upon the use of γ’’ based materials, which is unlikely to be 
overcome without resorting to the use of γ’, and so reducing the fabricability of the 
material.  
Waspaloy, Rene 41 and Udimet 700 are widely used γ’ strengthened commercial alloys. 
While each of these exhibits high strength at high temperatures, they are all known to be 
highly susceptible to strain-age cracking, which limits the potential for production by 
fabrication or for their in-service repair [192, 193]. 
2.2.4.4 Current alloy research and usage 
As turbine temperatures are predicted to increase, research is always ongoing into new 
high temperature nickel superalloys for specific applications [194, 195] or to address 
specific aspects of their mechanical properties [196, 197]. 
For general engineering use  and for use in lower temperature regions of modern gas 
turbines  a small group of well known and well characterised alloys remain relevant today 
even though their original patents are more than half a century old. Specifically the Inconel, 
Hastelloy, Nimonic and Waspaloy alloy families are the most readily available and widely 
used alloys [12]. These established alloys are used widely and consistently in high 
performance applications such as rocket engines [198], Formula One exhausts [199], 
turbochargers[200], and engine valves [201]. A review of recent patents for nickel based 
superalloys indicates that even the newest alloys are based around the same fundamental 
γ/γ’ alloy system and are often derivatives of long established alloys such as Waspaloy or 
Inconel 718 with specific alterations to suit a given application [202-204]. 
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2.2.5 Nickel Superalloy Phenomena & Characteristics 
2.2.5.1 High Temperature Mechanical Properties 
Possibly the most important property for a superalloy is the ability to maintain a high yield 
strength and UTS, as well as high Young’s Modulus at high temperatures. Figure 13 shows 
the effect of temperature upon each material’s yield strength, with titanium and stainless 
steel alloys shown for context. Colours indicate the relative weldability of the alloys based 
upon strengthening phase (details of weldability discussed fully in Section 2.2.5.4). In 
general it can be seen that higher strength alloys become more difficult to process, while 
IN718 has impressive high temperature properties and is weldable, the mechanisms 
involved are more complex than those of primarily solid solution strengthened alloys, 
which could complicate its potential use as an MMC matrix in the context of this review. 
IN718 contains relatively high quantities of the strong carbide forming element Nb (Section 
2.3.2.4 explains the relative thermodynamic stability of potential alloying and/or carbide 
forming elements in more detail), which is likely to form in preference to any other added 
carbide reinforcement, so depleting the matrix of Nb and preventing formation of the γ’’ 
phase which provides IN718’s high temperature strengthening. The need to age IN718 at 
high temperature in order to allow the γ’’ phase to form may also further complicate the 
thermal processing of an MMC based on this alloy. Therefore a simpler solid-solution 
strengthened alloy (such as IN625) may be a better initial matrix alloy candidate, to allow 
the effect of the MMC reinforcement to be assessed in isolation from the effects of other 
complex phases.   
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Figure 13: Yield strength vs temperature for common superalloys – colour indicates weldability (data from [174]) 
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2.2.5.2 Porosity 
Porosity is of significant concern in high performance engineering and aerospace 
applications, if porosity is present in a material, component design must compensate with 
increased section thicknesses and therefore weight, to ensure an adequate safety margin. 
While casting may prove a cheaper production route than wrought, components will be 
heavier to account for this safety need. Controlling porosity is increasingly difficult in more 
complex casting geometries, leaving wrought product as the only viable route for some 
components [193], while those with internal features must be investment cast. Although 
other characteristics such as surface roughness, wear resistance or corrosion resistance are 
important, in the development of a new AM material, minimising porosity is the primary 
interest before addressing other performance factors. 
There is currently no unified standard for the assessment or qualification of AM 
components with regards to porosity, therefore the most relevant standards for 
comparison are those for welding (as AM is based upon repetitive fusion welding) and 
casting as the traditional processing route for complex geometries with internal features 
According to BS EN 4678 [205], which covers the quality of laser welds for aerospace, and 
BS ISO 24394 [206] which covers the qualification of manual welders for Steel or Nickel 
materials, any defects larger than 0.2mm in diameter, identified by metallographic 
sectioning or radiography require reworking or scrapping. Any significant visually inspected 
defects, such as a variation of more than 25% in weld width or other undesirable weld bead 
geometry, or a lack of fusion also require scrapping or rework. BS EN ISO 10675-1 [207] 
defines acceptance levels for defects in welds, as inspected by radiographic techniques for 
steel, titanium or nickel alloys. Acceptance level 1 (the highest quality) requires that for 
porosity in a multi-layer deposit or coating, the sum of projected areas must be less than 
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2%, and that the maximum diameter of any single defect is less than 0.2x the nominal 
material thickness (for a butt weld). 
Quality of production aerospace castings is defined by BS EN ISO 2103 [208], and requires 
inspection by radiographic techniques to quality level 2, grade B or higher, in accordance 
with the previously mentioned standards for radiographic inspection [207]. 
2.2.5.3 Machinability 
The machinability of superalloys is known to be relatively poor, at approximately 8-20% 
that of steels making subtractive processes expensive as a production route [5, 11]. 
Manufacturers undertake significant research to quantify and understand the factors which 
influence their machinability, or to exploit opportunities to manufacture by a cast route 
instead [16, 193]. 
The machinability of superalloys is made difficult for several reasons [5, 8-12]: 
 High hardness and strength which is retained at high temperatures. 
 Low thermal conductivity can generate temperatures of up to 1200oC at the cutting 
point. 
 Alloys often contain abrasive carbide particles, increasing tool wear rates.  
 Significant work hardening of alloys. 
 Alloys may also react with the tool materials, causing additional diffusion wear.  
This increases the cost of machining such alloys, as tool life is short while surface abuse 
results in poor quality finishes without expensive or time consuming measures. 
A great deal of past and current research has investigated the development of nickel 
superalloy specific machining techniques in order to improve quality and reduce costs [5, 
12, 16, 175, 209-211]. For example specific ceramic matrix composites to increase tool life 
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during the machining of Inconel 718 [8, 9]. Laser assisted machining (using laser beams to 
heat the material surface before/during cutting) has been researched and found to 
increase tool life and cutting performance, but is again costly and likely to require 
homogenising post-machining heat treatments [83-85]. The use of hybrid machining, 
whereby the work piece is subjected to plasma heating to soften it, while cryogenic cooling 
of the tool with liquid nitrogen is conducted has also been investigated and shown great 
improvement over traditional processing [10]. Ultra-sonically assisted drilling for high 
aspect ratio holes has also been found to be beneficial [86]. 
The near-net or net shape manufacture of components would therefore serve to 
dramatically reduce the quantity of material to be removed to a level which would be more 
readily and economically achieved with conventional machining processes. 
The low machinability of Inconel 718 and other superalloys means their use for highly 
complex geometries within turbine engines is expensive, due to the extensive machining 
required. Press and sinter based powder metallurgy routes are also inadequate for highly 
complex geometries, requiring machining, though other PM routes (such as powder 
injection moulding) show potential as a more cost-effective manufacturing route for 
Inconel 718 [212]. While investment casting remains and is likely to remain the production 
method of choice for complex turbine blades, there are numerous other high temperature 
components where AM may be effectively applied in the future to realise a performance or 
cost benefit [213]. 
2.2.5.4 Weldability 
The AM of metallic materials is in essence a repetitive welding process [113]. Therefore at 
this point it is worthwhile considering the processes, mechanisms and phenomena 
associated with the welding of nickel based superalloys, as many of them are consistent 
with their AM processing characteristics [87]. 
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The welding of nickel based superalloys is an important property for both the fabrication of 
components from stock material, and for the repair of cast or wrought components [15]. 
Depending upon the composition of the alloy, its level of weldability varies, generally those 
which utilise solid solution strengthening (such as IN625)  are found to be weldable [179], 
as are those with low volume fractions of precipitate among the precipitation hardened 
alloys (C263, Haynes 230, Nimonic 75, Rene 80) [15]. 
However, more complex higher performance alloys (Waspaloy, Inconel 939, Inconel 738, 
Udimets and Nimonics) which utilise higher fractions of precipitates or more complex 
strengthening mechanisms become more difficult to weld, due to differing and complex 
cracking phenomena which will be discussed in detail in this section. Weldability issues for 
γ’ strengthened alloys are complex, with several mechanisms acting either during 
multi-pass welding or later as a result of required post-weld heat treatment [15]. 
The difference in weldability is significant, with BS EN ISO 24394 [206], which covers the 
qualification of manual welders for particular materials in aerospace production dividing 
non-precipitation hardenable and precipitation hardenable high alloyed austenitic steel, 
nickel alloys and cobalt alloys into two separate groups for the purposes of qualification.  
Robinson et al., [13] and Dupont et al., [14], provide an excellent overview of the differing 
mechanisms involved in the cracking of nickel superalloy weldments. Figure 14 has been 
adapted from Robinson et al., to include post weld cracking mechanisms and shows the 
range of crack formation mechanisms and their typical locations (weld material or Heat 
Affected Zone (H.A.Z)). A more detailed explanation of the relevant cracking mechanisms 
follows.
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Figure 14: Crack mechanisms for nickel alloys (adapted from [13]) 
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2.2.5.4.1 Solidification Cracking 
Solidification cracking occurs within the fusion zone of a weld either during or after the 
material solidifies, as the weld material is weakened due to its high temperature and so it is 
susceptible to cracking. After solidification, cooling of the material post-weld can introduce 
sufficient stresses due to material contraction such that cracking occurs [14, 15, 214].  
Overall due to their already high strength at high temperatures, nickel superalloys are not 
susceptible to solidification cracking unless the weld material properties are degraded by a 
defect such as element segregation due to low solidification rates, porosity or other 
material impurities or defects. 
2.2.5.4.2 Liquidation or Liquation Cracking 
Liquation cracking occurs due to the constitutional liquation of secondary phases (such as 
γ’ precipitates, M5B3 borides, MC or M23C6 carbides or M2SC sulfocarbides [215, 216]) 
within an alloy, forming liquid films along grain boundaries within the partially melted zone 
of a weld [13-15, 214]. Liquation cracking tends to occur in the heat affected zone (HAZ) or 
previously deposited fusion material which is re-heated during subsequent weld passes, 
localised intergranular or interdendritic films form and reduce the materials ductility, 
leading to cracking as a result of residual welding stresses in the material [13, 215-217] . 
Although the scenario of re-heating deposited material is similar to AM, the high cooling 
rates of AM may counter liquation cracking susceptibility, as the material is likely to re-
solidify before low melting point alloying elements can segregate to the grain boundaries. 
However “Laser Rapid Forming” of Rene 88DT, a highly alloyed γ’ strengthened alloy 
containing over 40% γ’, along with Co, Mo, and W in solution, has been shown to 
experience liquation based cracking within previously deposited layers, while laser cladding 
has also experienced cracking between layers [218]. Laser welding of Inconel 718 [192], 
Inconel 617 [217], Rene 80 [215] and Inconel 738 [216, 219] have all shown susceptibility to 
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liquation cracking, the root cause of which is the presence of complex secondary alloy 
phases. The highly alloyed nature of such superalloys means that liquation cracking can be 
an intrinsic problem, rather than the result of un-desired impurities or improper processing 
[14, 15]. 
 
 
Figure 15 : Liquation cracking in a) fusion zone of laser welded Inconel 617 [217] b) HAZ of laser welded 
Inconel 738 [219] 
2.2.5.4.3 Strain-Age Cracking (SAC) 
Strain age cracking occurs specifically in precipitation strengthened alloys, either during 
re-heat in multi-pass welding [180], or during post-weld heat treatment [14, 15], and is 
prevalent within γ’ reinforced superalloys which have high levels of alloying elements [13]. 
a) 
b) 
HAZ 
Fusion zone 
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SAC occurs when γ’ forming elements which are in solution begin to precipitate during 
post-weld annealing, or due to heating from additional nearby weld passes. The presence 
of these precipitates reduces the materials ductility, making it vulnerable to cracking. This 
problem is compounded further, as the material undergoes a volume contraction during 
the precipitation of γ’, which add to the strains already present due to thermal contraction 
[180]. Coarse grains or an oxidising atmosphere may also increase the problem – so 
cracking is more likely within the HAZ where liquidation occurs and coarse grains are 
formed [180].  
Welding can be achieved by using a filler material with low levels of alloying elements in 
order to locally dilute the parent alloy and reduce its susceptibility to SAC and so reduce 
the extent of cracking, however for strength and corrosion reasons usage of the parent 
material as the filler is preferred if possible [13]. For example, with careful control of 
process parameters it is possible to weld “un-weldable” alloys such as Inconel 939, using 
IN625 (a Ni-Cr-Fe alloy with minimal γ’ forming elements) as a filler, however micro-
cracking (up to 0.5mm in length) does still occur, and so weld repairs to turbine 
components are strictly controlled in terms of the permissible length of weld which may be 
used on any one component [15].  
While generally weldability decreases with the increasing presence of strengthening 
precipitates, the notable exception to this rule is in cases where γ’’ is the strengthening 
phase [179], as its precipitation kinetics are much slower. Figure 16 shows a generally 
accepted chart of the weldability of nickel based superalloys as a function of combined 
titanium and aluminium content (and thus total γ’ volume fraction). Solid solution 
strengthened alloys such as IN625 and C263 lie well within the “weldable” zone. Alloys such 
as IN713 or IN738 which rely upon high percentages of γ’ forming elements suffer from 
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significant welding problems, while alloys such as Waspaloy and Rene 41 lie upon the 
boundary of weldability. 
 
Figure 16 : Weldability of Nickel-Based Superalloys as a function of Ti/Al content [15] 
As the weldability of the alloy depends upon the quantity of γ’ particulates, and this in turn 
depends upon the availability of precipitate forming elements available within the alloy, 
the weldability of a nickel based superalloy can be qualitatively assessed by the combined 
quantity of Ti + Al content, (and to a lesser extent Nb) with ~ 4 wt% taken as a practical 
limit for the transition between alloys generally regarded as weldable or unweldable [15, 
179]. This limit has been further investigated by Rowe, correlating ductility to the presence 
of γ’ and so susceptibility to SAC [180]. The ductility of several key superalloys is correlated 
to the presence of γ’ forming elements and γ’ fraction in Figure 17, we can see that 
although the use of γ’’ in IN718 does enable the alloy to avoid the problem of SAC, its Nb 
content means that ductility remains low compared to solid solution alloys such as C263. 
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Figure 17 : Correlation of alloying elements, and so γ’ phase to elongation [180] 
2.2.5.4.4 Ductility Dip Cracking (DDC) 
While the solid solution and γ’’ strengthened alloys are relatively immune to SAC, they are 
however susceptible to Ductility Dip Cracking [14, 220]. DDC results when the materials 
ductility experiences a brief drop at temperatures approaching the solidus temperature 
(Ts). This is often over a narrow temperature range, and can occur within any of the three 
areas, (weld material, HAZ and re-heated material). DDC is independent of precipitate 
formation, or grain boundary impurities [14]. 
Though there are many suggestions as to the precise mechanism of DDC, there is no 
general agreement on the mechanism, and some suggestion that it varies between 
materials [14]. The mechanism which has been proposed based on work in nickel alloys in 
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particular is one of a grain boundary shear effect, similar to a creep-rupture type failure. 
This was proposed by Rhines and Wray [14], and more recently by Ramirez and Lippold 
[221], as well as Noecker and DuPont [220]. 
While DDC is a particular temperature related phenomenon, it is also worth noting that any 
general decrease in a material’s ductility (for example due to higher γ’ fraction) is also likely 
to reduce weldability. With lower ductility and/or tensile strength, material becomes more 
susceptible to crack formation as a result of the expected residual tensile stresses present 
due to differential thermal contraction of weld material after fusion welding. 
2.3 Metal Matrix Composite Materials  
This section of the literature review provides a background on MMCs, their strengthening 
mechanisms and processing. A short summary of known reinforcement materials is 
presented in order to shortlist three candidates for feasibility study experiments and 
downselection. 
2.3.1 Categories of MMC 
MMCs are formed by the addition of a ceramic reinforcement to a metallic matrix. A wide 
variety of matrix/reinforcement combinations exist, but are usually based around a single 
metal base system. Steel, titanium, aluminium, magnesium or nickel are the most usual 
matrix materials [222]. With oxides/carbides/nitrides the most usual reinforcement 
materials utilised (SiC, Al2O3, TiC, TiB, TiB2, WC, Zr2O3, Y2O3, TiN) [223, 224]. 
2.3.1.1 Continuous Fibre Reinforced 
MMCs may be reinforced by the inclusion of continuous fibres (wires or filaments), running 
the length of the material specimen. The principal reinforcement mechanism of a 
continuous fibre composite is that the fibre should carry the primary loading, rather than 
strengthening the matrix or preventing dislocation movement [225]. Continuous fibre 
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reinforcements provide the most effective strengthening of any mechanism for a given 
direction [226]. However interest declined during the 1970’s due to their high cost and the 
production limitations [227]. 
2.3.1.2 Discontinuous (short) Fibre Reinforced 
Discontinuous fibres do not run the full length of the material, with fibres terminating 
within the matrix material. This category of composite does not rely solely on the 
reinforcement for its strength, as the matrix must transfer stresses between the 
disassociated fibres and across the matrix/fibre interface [225]. 
Typical fibres used (SiC) have diameters of a few µm (microns) and lengths of a few 
hundred µm and have been used in Al-SiC composites to produce diesel engine pistons for 
example. Properties depend significantly upon the interfacial bonding, and coated fibres 
are often used to control the interfacial reactions during processing. Short fibre composites 
are more readily post-processed than continuous, however their formability is much less 
than that of a particle reinforced system. Short fibres do exhibit advantages over 
particulates in the areas of creep resistance and wear resistance if aligned in the direction 
of loading or wear, as their greater surface area allows for more effective load transfer to 
the reinforcement [228]. 
2.3.1.3 Particulate Reinforced 
Raw feedstock for particulate reinforced composites is used in powder form, which is 
comparatively low cost versus the use of short fibres or whiskers. While short fibres or 
whiskers are both difficult to manufacture and size, powders can be simply ground then 
sieved to obtain the desired particle sizes, so making them more cost-effective [226]. 
Typical powder sizes are from one to tens of micro-metres [229]. 
75 
 
Particulate reinforced composites are so far focussed on Al, Ti, Fe and Mg based alloys, 
with the common use of SiC or Al2O3 as the reinforcing particulate [228]. Other particulates 
which have been investigated include TiB2, B4C, SiO2, TiC, WC, BN, ZrO2 and W [228]. 
The interface between particle and matrix is of course vital in ensuring good load transfer. 
The processing of MMCs should aim to avoid excessive interfacial reaction and minimise 
defects such as poor interfacial bonding, internal voids and inhomogeneous distribution of 
reinforcement [228]. 
Compared to fibre or whisker reinforced composites, particulate systems generally exhibit 
more isotropic properties, as no alignment effects are present, and can be processed using 
many of the processes used for monolithic materials [226]. However, unlike continuously 
reinforced composites, the matrix strength plays a more important role in determining the 
overall material strength [227]. Discontinuously reinforced composites tend to be more 
suitable than continuous for applications where directional properties are not required, or 
are not desired [230]. 
Particle reinforced composites are distinct from oxide dispersion strengthened systems due 
to their larger particle size (~1-100µm), resulting in negligible Orowan strengthening, and 
their high volume fraction (5-40%) [227]. 
Particulate reinforced systems (and other discontinuous short fibre/whisker) have the 
advantage over continuous systems in that their processing is easier, they may be 
machined, extruded, rolled or forged, though the process parameters may differ from 
those used for the matrix alloys [231]. 
2.3.1.4 Whisker Reinforced 
Whiskers have been found to provide an intermediary step between homogenous 
discontinuous reinforced materials and continuous reinforced materials. Whiskers have 
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small sizes, with high aspect ratios up to several hundred to one [228], (e.g. 20-50nm 
diameter and 30µm long) whisker based composites tend to be easily formed and 
machined [225]. Single crystal whiskers provide extremely high strengths, close to 
theoretical maximum values as they are mono-crystalline and so contain minimal 
dislocations [228, 229, 232]. Their higher strength contributes directly to the bulk 
properties of the final composite and are generally more effective than low aspect ratio 
particulates as whiskers provide a higher surface to volume ratio to enable better load 
transfer between matrix and reinforcement. 
The processing of whisker based reinforced composites can prove difficult though, due to 
the tendency of the reinforcement to cluster, or resist attempts to form an aligned 
structure [228]. 
However the most significant problem whiskers pose is as a health hazard during handling. 
Whiskers are very fine and liable to become airborne, being able to reach and damage the 
human respiratory system; they are therefore not desirable on this basis. For this reason, 
most research involving whisker based reinforcement ceased during the early 1990’s, with 
minimal commercial exploitation [228, 232, 233]. 
2.3.2 MMC Strengthening Mechanisms and Phenomena. 
2.3.2.1 Direct Strengthening 
The direct strengthening effect of a reinforcement material within the matrix is provided by 
allowing the higher strength reinforcement to carry the loading on the material.  
For a discontinuous reinforcement system the load is transferred through the matrix, 
across the interface to the generally higher strength/stiffness reinforcement, which then 
“carries” much of the loading. Particulates have a lower aspect ratio than fibres, so the load 
transfer is less efficient, but still provides a significant strengthening effect [226]. 
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It is generally accepted that the bond between matrix and reinforcement is key to the 
transfer of load to the reinforcement, and the strength of the bond is an important factor 
in determining the overall strength of the composite [234]. However, excessive interfacial 
reaction is known to be detrimental to overall properties, as the matrix alloy system 
becomes contaminated with impurities from the dissolved reinforcement [135].  
2.3.2.2 Indirect Strengthening 
Due to the significant difference in thermal expansion between matrix and particle, upon 
cooling if sufficient residual stress is generated, then dislocations form at the 
matrix/particle interface, in order to relax the stress (plastic relaxation) [182, 235-237]. This 
causes thermally-induced dislocation punching, or dislocation loops as the material is 
locally work-hardened and so results in an indirect strengthening of the matrix [226, 227, 
238]. The dislocation density increases close to the reinforcement, and increases generally 
within the matrix with a larger volume fraction of reinforcement [236, 239]. 
The level of indirect strengthening provided may be increased by a higher volume fraction 
of reinforcement, or by a reduction in the particulate size, as this provides a greater 
interfacial area for the dislocation punching to occur [226]. The difference in coefficient of 
thermal expansion (CTE) has also been identified as a possible factor in the degree of 
dislocation punching present, while stress concentrations due to reinforcement 
morphology may also affect dislocation density and location [182]. 
The density of dislocations generated has been studied and theoretical models established 
which enable the prediction of dislocation densities and the increase in tensile strength due 
to differential thermal contraction of the matrix and reinforcement [236]. 
The presence of dislocations around the reinforcement may also be affected by post 
process heat treatment, with some uncertainty as to whether the dislocations may be 
annihilated, or if the reinforcement could serve to trap them and maintain the high 
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dislocation density after annealing. The difference in CTE between matrix and 
reinforcement, as well as the matrix properties at high temperature mean that this 
behaviour can be highly specific for a given matrix and reinforcement combination. 
It was observed that the intensity of dislocation generation varied with particle size and 
shape [240]; smaller spherical particles generating the lowest intensity of dislocations, 
sharp corners aid dislocation generation by acting as stress concentrations [236]. 
The dislocations formed may also provide nucleation sites for the formation of precipitates 
during an aging heat treatment [226, 227], and may also alter the aging times, significantly 
accelerating the aging process [241]. 
Orowan bowing has also been identified as a possible reinforcement mechanism, however 
its contribution to the strength of micro-sized particulate reinforced materials is regarded 
as negligible, as particles are too large, spaced too loosely, and lie on grain boundaries, it is 
regarded that Orowan bowing cannot function [181, 240]. However for smaller nano-scale 
particulates which may inadvertently occur during powder metallurgy processing the 
mechanism may be operative [242]. 
2.3.2.3 Interfacial Region 
“In composites the role of the interface is crucial. Stiffening and strengthening rely on load 
transfer across the interface, toughness is influenced by crack detection/fibre pull-out, and 
ductility is affected by relaxation of peak stresses near the interface.” – Clyne and Withers 
1993 [227]. 
Stresses present at the interface arise either due to thermal expansion mismatch, or due to 
applied load. Interface bonding is important to the direct strengthening effect, affecting 
elastic-modulus, and work hardening rate by determining the level of load transfer possible 
between matrix and reinforcement [227]. 
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Progressive interfacial chemical reaction either during processing or in service is also able 
to alter the behaviour of the composite and bonding strength [227]. Interface failure 
usually occurs by local cavitation, de-bonding or crack propagation, which may occur in 
shear, or normal to the reinforcement surface [227]. Although with particular fabrication 
processes and reaction kinetics, it is possible to produce viable composites with 
thermodynamically unstable constituents [227]. 
2.3.2.4 Thermodynamic Stability 
Interfacial reactions can be important within MMCs, as they can affect interface strength 
and so overall material strength. If interfacial reactions occur during processing or service, 
they may have a detrimental effect on the interface if the finished products are 
thermodynamically unstable. Ideally a reinforcement material will not react with the matrix 
at high processing or service temperatures [223].  
The relative thermodynamic stability of the elements present at the interface zone will 
determine the nature of the interface, with the potential for films of new compounds to be 
formed if sufficient driving force exists for the reaction to take place [234]. Thermodynamic 
stability of carbides/oxides may be presented in the form of an Ellingham diagram, these 
illustrate the Gibb’s free energy of formation for each compound as a function of 
temperature [243, 244]. Compounds with higher energies of formation reside lower on the 
diagram, and will remain stable compared to those above them on the diagram, assuming 
sufficient time is allowed for the reaction to occur, and the elements are able to mix freely 
without being segregated by any other physical effects for example. 
If ΔGo has a large negative value, then a large thermodynamic driving force for reaction to 
occur will exist (at that temperature), though the speed at which the reaction will occur 
may differ. If ΔGo is positive, the constituents are stable and no reaction will occur [227]. So 
for a Ni-Cr-Fe matrix alloy such as IN625, if there were an abundance of carbon available, 
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according to the Ellingham diagram presented in Figure 18, this would react to form Nb2C 
in preference to TiC, followed by TiC once all the available Nb had been consumed, then 
Cr7C3 and so on as each of the available elements was exhausted. On a micro-scale the local 
availability of elements to react with will have an influence as well, as they may be kept 
physically separate during the melt or solidification process, or limited by the quantity of 
reactants available. From the Ellingham diagram it can therefore be seen that TiC is a highly 
stable choice of reinforcement compared to SiC or Al2O3 when compared to the other 
carbide forming elements present in a typical superalloy matrix. 
The level of reaction (or reaction layer thickness x) which occurs can be determined given 
the rate constant k for a particular reaction, and a given time t, as given in Equation 3. 
𝑥 = 𝑘√𝑡 
Equation 3 : Interfacial reaction layer thickness [227] 
The brief processing times at high temperature (T>0.4Tmp) found within AM processing will 
be advantageous in controlling interfacial reaction layer thickness, as cooling rates are 
typically high, and t is therefore small [172].  
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Figure 18: Ellingham diagram for oxides/carbides of alloying elements and reinforcements of interest [245-
247] 
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2.3.2.5 Effect on Mechanical Properties 
The stress-strain curves of MMC materials differ from those of the un-reinforced alloy in a 
variety of aspects. An example of a stress strain curve for an MMC material is given in 
Figure 19, taken from the work of Chawla and Shen [226]; though some elements of the 
behaviour are not easily visible, they are explained in more detail by Clyne and Withers 
[227] and are summarised below.  
Typically MMCs exhibit a steep but brief linear work-hardening regime, given their highly 
effective load transfer. The work-hardening rate is then reduced as relaxation processes 
are activated earlier (secondary dislocations, diffusion and reinforcement fracture) [227]. 
Ultimate Tensile Strength (UTS) and yield strength is improved, as a greater degree of work 
hardening occurs when compared with the matrix alloy alone. The effects of increased 
work hardening are greater in fibre based reinforcements, as the high aspect ratio 
(compared to particulates) enables more effective load transfer [227]. 
 
Figure 19: Typical MMC stress strain curves for a 2080 aluminium alloy MMC with increasing SiC volume 
fraction [226] 
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2.3.2.6 Effect on Creep Properties   
The use of discontinuous short fibre or particulate reinforcement has been seen to improve 
the creep resistance of both magnesium [248, 249] and aluminium [230, 240, 242, 250] 
alloys, and some investigations have shown this to hold true for nickel based composites 
[251]. 
The morphology of the particulate reinforcement has been noted to affect creep 
resistance, with irregularly shaped Al2O3 particles in aluminium showing less resistance 
than spherical (though always superior to un-reinforced matrix alloy) [240]. 
There is only limited data available on elevated temperature MMC creep behaviour, as 
most research to focuses on light alloy (aluminium or magnesium) matrices designed for 
low temperature use. At elevated temperatures the behaviour of the light alloy matrix 
changes (often over-aging), so limited information on the effect of the reinforcement is 
available [240, 242]. This is potentially less of an issue for the use of a superalloy matrix 
which is designed for such temperatures and so is more stable. 
Though similarity to dispersion strengthened alloys has been noted [227], this supports the 
theory that some small degree of Orowan bowing occurs due to the unintended presence 
of nano-scale reinforcement particulates. For example some aluminium MMCs enhanced 
creep resistance has been attributed to the generation of fine precipitates as the result of 
interfacial reactions [230, 240]. 
Interface strength/bonding also has a significant effect on creep properties, if there is poor 
load transfer the composite is observed to have a lower strength/creep resistance than the 
matrix alone, as its effective cross section has been reduced [224]. 
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2.3.2.7 Discontinuous MMC Failure Mechanisms 
Failure mechanisms for discontinuous MMCs are more complex than those for continuous, 
failure originates as a result of voids forming and linking within the matrix. Depending on 
the material, failure can also be caused by fracture of the reinforcement particles, (more 
likely with large particles as likelihood of a flaw increases). Voids can form around 
reinforcement particulates, as work-hardening in the local region is greater. If the interface 
between matrix and reinforcement has a high integrity, voids will nucleate in the adjacent 
matrix. If the matrix/particulate bond is poor then failure will take the form of de-bonding 
between the two. If a thick reaction layer is present, this is usually more brittle, and may 
favour debonding/cracking [227]. 
2.3.3 Processing of MMCs 
Figure 20 shows a variety of the traditionally available process routes used in the 
manufacture of MMCs, each having its own thermal processing history and resultant 
material characteristics. Figure 20 has been adapted from Clyne and Withers [228] to 
include AM as a processing route. The most common processing routes for manufacture of 
MMCs are discussed in the following sections. 
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Figure 20: Overview of MMC processing routes (adapted from [228]) 
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2.3.3.1 Stir Casting 
Stir casting forms a discontinuously reinforced composite, by the addition of reinforcement 
to a stirred liquid melt, the homogenous mixture is then available for casting if the 
particulate content has not excessively increased viscosity [222]. Inhomogeneity can be 
caused by sedimentation or agglomeration in the melt, or by particle pushing ahead of an 
advancing solidification front. Particle pushing is reduced when solidification is rapid, as 
above a critical “growth velocity” particles are enveloped rather than pushed [228].  
The prolonged liquid-ceramic contact required for stir casting can also be problematic in 
allowing excessive interfacial reaction to take place [227, 228]. 
2.3.3.2 Squeeze Casting 
Squeeze casting processes apply high pressure and increased cooling rates to a solidifying 
MMC, providing a fine microstructure, while pressuring of the liquid phase reduces 
porosity. Squeeze casting may be performed on a stir-cast material, or heated powder 
mixture, while squeeze infiltration is the injection of liquid matrix into a fibre pre-form 
[222, 227, 228]. 
2.3.3.3 Spray Deposition 
Spray deposition is defined as either the introduction of reinforcement into a liquid metal 
stream to deposit on a substrate, or feeding of cold material into a heated zone. Thermal 
spraying utilises the feeding of wire or powder into a hot torch and acceleration of the 
molten material by a gas stream to deposit on a substrate [222, 227, 228]. Spray deposition 
is also characterised by high cooling rates, producing a fine microstructure and having the 
potential for forming non-equilibrium phases and a lack of macro segregation [222]. 
2.3.3.4 Liquid Phase Sintering 
Liquid phase sintering is an established powder metallurgy manufacturing route. A green 
powder pre-form is pressed to form a green body, then heated until a liquid phase is 
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created, this liquid phase moves by capillary action to fill pores in the structure, the body’s 
solid elements coalesce and eventually grain growth further reduces porosity. Typical 
sintering times are 1hr, while sintering time, temperature and compaction pressures are 
the primary process variables [252]. Achieving full density however can be difficult if the 
liquid phase is unable to penetrate areas of porosity due to surface tension effects [252]. 
2.3.3.5 Powder Based Processing  
MMCs by powder based methods begin with the blending of matrix and reinforcement 
(either powder, platelet or short fibre). By traditional routes, processing usually involves a 
cold compaction, canning and evacuation/degassing followed by a high temperature 
consolidation (e.g. Hot Isostatic Pressing) [222, 228]. 
Preparation of powders is usually achieved either by simple mixture, or by mechanical 
alloying within a high energy ball mill (attritor). Mechanical alloying is used for the 
production of dispersion strengthened alloys, as it can produce fine dispersions of small 
(<1µm) particles, it is also suitable for introducing hard reinforcement to a softer matrix 
[222]. Milling of MMC powders can have a significant effect on the Particle Size Distribution 
(PSD) and morphology, as milling media or hard reinforcement particles impact and 
influence each other [253]. Generally the PSD decreases as particles are deformed or 
fractured, although in the case of some materials cold welding between matrix material 
powders may increase the PSD [170, 253, 254]. Eventually a steady state may be reached, 
whereby the rate of size reduction by particle fracture is equal to the rate of size increase 
due to cold welding and no net change in particle size for the mixture occurs [253]. 
Reduction of reinforcement particle size may improve material properties (providing 
greater surface area and therefore more efficient load transfer), while work hardening of 
matrix material particles during milling may also influence properties [254]. 
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Efficient mixing of MMC powders can be influenced by both milling/mixing speed (energy) 
and duration, with generally a longer mixing time and higher energy resulting in a more 
randomly and homogenously mixed powder [255].  
Homogeneity of powder feedstock can be difficult to assess, most often a visual or 
optical/SEM microscope examination is made for a qualitative assessment [170, 254], with 
the distribution of reinforcement and matrix often more easily quantified in the 
consolidated sample. Overall powder mixtures are difficult to quantify with absolute 
certainty [256]. 
In some cases, the degree of mechanical alloying which takes place can be sufficient to 
form new phases “in-situ”, this typically occurs in “high energy” milling where impacts are 
capable of fusing the constituent powders into a new phase either by diffusion/welding or 
as the result of a self-propagating reaction [253]. 
Production of MMCs by extrusion can often produce an alignment effect, compromising 
homogeneity. Rolling or forging imposes significant strains on the material, which can 
cause cavitation, particle fracture and macroscopic cracking. At high temperature 
processing can also experience macroscopic hot tearing. Production by HIP does not 
impose such violent stresses upon the material, it is a common process for the removal of 
residual porosity however, it is less effective at removing enclosed porosity such as pores 
containing gasses, or porosity within particle clusters. HIPing also tends to leave oxide films 
intact, providing poor inter-particle bonding [228]. 
2.3.3.6 In-Situ formation and Self-propagating High temperature Synthesis (SHS) 
Reactive Processing  or “in-situ” forming is any method by which a reaction is initiated to 
create a “compound from pure elements or compounds” [252]. If the rate of heat 
generation is sufficient the reactions can become self-propagating, producing a 
“combustion front” which travels through the material, known as self-propagating high 
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temperature synthesis (SHS). If the rate of heat loss is great enough, compared to the heat 
generation, or the species are consumed, then the reaction will no longer be self-sustained 
[252]. 
For a powder bed fusion process this raises the question of whether a reactive processing 
route is feasible, should the reaction be sufficiently self-sustaining, it may move beyond the 
desired laser scanning area, or even propagate out of control to react the entire powder 
bed. The investigations of Persson et al., [252] indicate that sufficiently high porosity within 
green components can slow or extinguish a self-propagating reaction; so the relatively 
loose uncompressed powder bed may or may not be susceptible to a “run-away” reaction if 
a reactive process were to be investigated. 
The use of the SHS reaction to produce in-situ reinforcement has been the subject of 
widespread research, forming either one or a combination of TiC, TiB and TiB2 from 
elemental powders or B4C [257-259] within traditional production methods and blown 
powder AM processes [95, 260]. 
For the formation of Ti borides/carbides the formation is generally conducted within Ti or a 
Ti alloy (Ti64) to produce titanium matrix composites [258-261], although elemental 
powders have been used within other matrices to provide TiC/TiB reinforcement for base 
matrices such as steel [257], iron [262], magnesium [263], aluminium and nickel [118]. 
In-situ formation also provides a route to the use of whisker type reinforcement without 
the associated health hazards of handling whisker particles, and at lower cost [233, 259]. 
However, the formation of high aspect ratio whiskers by in-situ reactions generally require 
processing times of several hours to achieve the necessary directional crystal growth [233]. 
Although TiB has been formed in-situ by the Laser Engineered Net Shaping (LENS) process 
(a blown powder laser-DED process), the needles formed have a high aspect ratio, but are 
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of small scale (2-10µm long by 30-50nm wide) [264]. Given the brief processing time 
involved in AM larger needles are likely unattainable as there is little opportunity for crystal 
growth as exists during a lengthy hot pressing operation. 
Powder metallurgy introduced reinforcements tend to suffer problems with contaminated 
particle/matrix interfaces (oxidation or other contamination), which reduces the interface’s 
strength, this may be overcome by the in-situ formation of the reinforcement [118, 262]. 
Porosity can be relatively high in materials processed using an SHS reaction though as 
gaseous by-products can become trapped during solidification  [262]. 
The work of Dadbakhsh et al., [265] demonstrates the potential for in situ reinforcement of 
aluminium alloys in a powder bed type AM process. Of particular note are the effect of 
such a processing route on the resulting phases present in the material, and its relative 
density, as in situ reactions provide several mechanisms by which voids may be formed in 
the material during solidification [265]. Again the use of high cooling rate laser processing 
was shown to result in fine reinforcement particulates on the order of 100nm [265]. 
Porosity was inspected by CT scanning, and attributed to oxides which had not been able to 
vaporise out of the melt pool, some variation was found in the characteristics of the 
porosity based upon the matrix alloy composition, with a lower thermal conductivity 
promoting higher melt pool temperatures and more complete melting between previously 
deposited material and the current layer. Spherical micro-porosity was noted as a result of 
gas bubble entrapment. Significant densification problems were encountered, with a 
maximum relative density of 80% achieved through this in situ processing route, with 
porosity showing a highly interconnected nature. 
Ideally an in-situ formation of the reinforcement, but without the occurrence of a self-
propagating reaction may well be beneficial to the properties of the composite, and has 
been shown possible during the short melt environment of an additive process [118, 265]. 
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2.3.4 MMC Problems and Obstacles 
It is important in the selection of reinforcement to try and avoid too great a mismatch of 
the thermal expansion co-efficient, which can cause internal residual stresses after 
processing [225]. Generally metals have greater thermal expansion coefficients than 
ceramic materials, once consolidated from high temperature processing, this will inevitably 
result in a level of residual stress once cooled [227]. 
Difficulty has been found in examining the creep-resistance of MMCs processed by a 
powder route, the processing and handling of the powders can generate small oxide 
particles, which provide a level of ODS, not normally present when other process routes are 
used and often provide anomalous results [227]. 
Excessive interfacial reactions, and an inability to provide a robust protective coating have 
proven problematic in achieving MMCs using SiC or Al2O3 in any high temperature matrix 
(Ti, Ni) [266]. However it is worth noting the processing method used –  HIPing at ~1000oC, 
HIPing usually requires extended processing times, providing ample opportunity for 
reactions to occur – AM processing endures only brief periods of local high temperature 
during processing, so may avoid any significant issue in this area. 
MMCs tend to have a lower fracture toughness than the matrix material, while also 
experiencing thermal fatigue – this is particularly relevant to materials which will 
experience high temperature cyclic usage (e.g compressor blades), in particular thermal 
fatigue has been noted in tungsten fibre superalloy composites [235]. 
2.3.5 Candidate reinforcement materials for MMCs  
The following section reports upon a background literature review of the materials used to 
reinforce MMCs within any given matrix material or alloy system and in particular within 
nickel based matrices. The intent is to identify the most promising candidate reinforcement 
materials to enhance the performance of a nickel based superalloy. 
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2.3.5.1 Commonly Utilised Reinforcements: Al2O3, SiC and TiC 
2.3.5.1.1 Aluminium Oxide (Al2O3) 
Al-Al2O3 discontinuous composite systems have been widely exploited, given their desirable 
low density, high specific stiffness, low thermal expansion and increased fatigue resistance. 
They are also relatively low cost to produce in high volumes [231]. Their use is seen in many 
applications, including the automotive industry, for the production of engine components 
such as connecting rods or pistons. 
Continuous alumina fibres within Al matrices have been found to improve specific stiffness 
and specific strength, while maintaining low elongation (possibly due to local clustering of 
fibres). The improvement to properties was taken as an indication of good interface 
wetting during a flow-casting process [267]. 
Al2O3 reinforced materials have been produced by electro-deposition with a pure nickel 
matrix [268, 269] for increased wear resistance when compared to the parent nickel 
material [270]. 
The addition of nano scale Al2O3 particulates in small quantities (<1.0wt%) to nickel hard 
facing alloys also results in an improvement to wear resistance, however in this case the 
particulates serve to act as a grain refiner rather than a composite material [271]. 
The potential for a detrimental interfacial reaction between Al2O3 and nickel has also been 
observed, whereby dissolution of the Al2O3 can result in oxidation of the nickel alloy and 
the presence of free aluminium within the matrix, however it is worth noting this may be 
process dependant due to the ample time for reaction during HIP type operations [266]. 
2.3.5.1.2 Silicon Carbide (SiC) 
Aluminium-SiC whisker composites show a heterogenous formation of the matrix alloy’s 
precipitates near to reinforcement particles, attributed to a local depletion of the 
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nucleation species, and uneven distribution of vacancies. This heterogeneous phase 
distribution is likely to cause unstable crack propagation during failure, and local 
heterogeneous plastic flow. Similar effects should potentially be expected in γ’ 
strengthened superalloys as mechanisms of precipitate formation are similar [272]. 
SiC retains high strength and is thermodynamically stable (at least compared to Iron) up to 
high temperature of 1100oC. Often used where abrasion or wear resistance is required, but 
also improves UTS and yield strength in iron matrix materials [223]. 
SiC reinforced nickel materials have been widely produced by electro-deposition as a 
coating within a pure nickel matrix, for wear and corrosion protection applications. The 
composites generally exhibit an increase in hardness (benefitting wear resistance). An 
improved resistance to hot oxidation has also been observed within gradated electro-
deposited Ni-SiC coatings [268, 273-277]. 
Ni-SiC nano-composites (again formed by electro-deposition processing) have also been 
investigated, showing an improvement to properties from both sub-micron (0.4µm) sized 
reinforcement and from nano-crystalline grain structured Ni matrix. Historically even 
moderate volume fractions of reinforcement caused a drop-off in mechanical performance 
due to particle agglomeration [278]. But more recent research has improved 
homogenisation and reduced agglomeration by stirring and ultrasonic agitation of the 
electroplating bath [279], such that up to 10vol% SiC in nickel is now achievable for wear 
resistant coatings [280]. 
The addition of SiC increased yield strength in conventional Ni, but was overshadowed by 
the effect of reduced grain size in the nano-crystalline Ni. While SiC is themochemically 
stable within a pure Ni matrix [278], considering it as a reinforcement in the context of 
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more complex nickel alloys, alloying elements such as Cr, Nb and Ti are more reactive 
carbide formers [281], as can be seen in Figure 18 in Section 2.3.2.4. 
More recently, the efforts of some researchers have focussed on the use of Al+Al2O3 coated 
SiC fibres within a nickel alloy matrix, to provide an intermediate bonding layer which can 
bond well with both matrix and reinforcement, but limits the potential for excessive 
reactions to take place [282]. 
2.3.5.1.3 Titanium Carbide  (TiC) 
Titanium carbide offers high hardness (up to 3200Hv), modulus and flexural strength [283], 
and within aluminium matrices has been found to provide a greater benefit to tensile 
strength and modulus than equivalent SiC, B4C and TiB2 reinforcements [284]. Its uses are 
typically for high temperature applications, with good thermal-shock and oxidation 
resistance [225]. 
TiC may be added directly to the matrix, or may be formed in-situ, if its constituent 
elements are provided. This in-situ formation has been achieved by exothermal reaction in 
an SHS process. This has been achieved in isolation under inert atmosphere, as well as 
within molten magnesium as part of the production of a TiC-Mg composite [263]. 
The AM of TiC reinforced commercially pure titanium has been previously investigated to 
produce functionally graded materials through using a laser-DED process, successfully 
producing a crack free, and high density material, depending upon the volume percentage 
of TiC, above 80% volume significant cracking problems were observed. At high TiC volume 
fractions it was found that gradually introducing the TiC reinforcement from 0% volume up 
to 95% volume over several millimetres of build height reduced the likelihood of cracking 
due to thermal stresses and material mismatch [95]. Although the work of Liu et al., [95] 
shows that the laser-DED process is capable of producing MMC materials with TiC.  
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Moreover the precise volume of TiC reinforcement present in the finished material was not 
quantified, with no quantifiable relationship between the input parameters (powder feed 
speeds) and the actual deposited composite, and no account taken of powder flow 
behaviour or overspray for example. Forming TiC by adding C to a Ti matrix also provides a 
simple chemistry, with complete availability of Ti to form TiC, and no issues of 
stoichiometric imbalance to consider. Achieving the in-situ formation of TiC within a 
differing matrix alloy will however limit the quantity of Ti available, particularly if excess Ti 
were detrimental to the matrix alloy (as in the case of γ’ weldability for superalloys). A 
precise stoichiometry of Ti and C would be required, if no other carbides were formed in 
preference to TiC with other alloying elements, and that no significant proportion of the 
elements were vaporised during processing, leaving a non-stoichiometric mix of Ti and C 
available in the melt pool. In the case of Ni superalloys (with reference to Figure 18 in 
Section 2.3.2.4), of the common alloying elements present, only Nb is a stronger carbide 
former than Ti, and should already exist at stoichiometric ratio within the matrix alloy, so 
such a processing route is feasible. 
The use of TiC within a single layer surface coating in a nickel alloy matrix has been 
investigated by Yang et al., [283], through both the addition of TiC and by in-situ forming 
from Ti and C. A stoichiometric mix of Ti and C (in the form of graphite) were included in 
the powder. The intent of in-situ formation being to produce a more thermally stable end 
product, with a cleaner interface, better able to transfer stress at the particle/matrix 
boundary, however no experimental results or comparison is given to confirm if this was 
the case. However the research has successfully produced an in-situ TiC reinforced nickel 
alloy, though issues are noted with the motion of the reinforcement within the molten 
pool, due to its lower density the TiC particles tend to float to the surface faster than the 
advancing solidification front, resulting in an uneven distribution of particles and particle 
size. A fluxing element (CaF2) was also found to permit the formation of a cladding without 
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excessive porosity [283]. Although the Nickel alloy utilised was not named, its composition 
(Ni, Cr, Fe, B, Si, C), having no typical superalloy alloying elements such as Mo, Co, Nb, Ti or 
Al would indicate a hardfacing corrosion resistant alloy rather than a complex superalloy, 
and so no conclusions can be drawn with regards to interactions with carbide forming 
elements such as Mo or Nb contained in superalloys. 
More recent work by Guang et al., [285] examining the use of in-situ formed TiC-TiB2 
reinforced nickel coatings for steel, included molybdenum and chromium as part of the 
feedstock material, this potentially gives some insight into the interactions between TiC 
and the alloying elements found in superalloys (namely Cr and Mo). The lower Gibb’s free 
energy of TiC allowed for the majority of the elemental powders to form TiC as intended, 
although some additional C2MoTi, MoNi or MoNi4 phases were identified as the Mo content 
approached 8wt%. However this is inconsistent with typical Mo behaviour as an alloying 
element in most superalloys, where MoC would be expected to form in preference to 
MoNi. However identification of such phases is hindered by complex XRD spectrum 
interpretation, as many of the minor phases exhibit peaks at similar positions to other 
expected phases such as TiC, and the peak shifts or broadening associated with lattice 
strains due to in-situ TiC formation are largely unknown and make interpretation of these 
small peaks difficult with any certainty. These additional phases do however only form with 
high quantities of Mo available, whereas typical superalloys contain smaller quantities – 
the work by Guang et al., is relevant in showing that TiC will be preferentially formed in the 
presence of Mo and Cr. Energy Dispersive Spectroscopy (EDS) results for the presence of 
carbon and boron are referred to, despite admissions that carbon cannot be accurately 
measured using EDS, this is also true of boron, though the author makes no 
acknowledgement of this, limiting confidence in their interpretation of the results. As a 
result the distribution of elements within the microstructure of the material is difficult to 
judge, and no examination is made of the interface between matrix and particle. The 
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method of adding Mo as part of a feedstock powder appears to produce results which 
differ from the expected behaviour of a Mo containing superalloy, differing results should 
be anticipated for a pre-alloyed metallic powder mixed with a ceramic reinforcement, to 
forming from several separate mixed powders. 
The production of a TiC reinforced pure Ni matrix via a laser-DED process has also been 
successful, using elemental (Ti and graphite) powders for in-situ formation of the 
reinforcement. The material showed an increase in hardness and a reduction in its co-
efficient of friction compared to pure nickel, providing potential for low friction high wear 
surface applications [118]. Notably the author refers to the “nominal” composition of the 
deposited material, given that no measurement of final composition was made, and the 
difficulties of accurately delivering three feedstock powders of differing densities and 
morphologies. More traditional melting/casting routes have been used to successfully 
produce TiC reinforced superalloy composites, again to produce a wear resistant low 
friction material [286, 287]. 
2.3.5.2 Other Reinforcements 
2.3.5.2.1 Tungsten Carbide (WC) 
Primarily used for cutting tools, tungsten carbide has high “rigidity, compressive strength, 
hardness and abrasion resistance” WC can bring benefits to abrasion resistance and impact 
strength [225]. Recent research by Li et al., [288] has investigated the use of WC as a 
reinforcement phase within a Ti matrix alloy, manufactured by a laser-DED system feeding 
WC powders into a Ti melt pool generated from wire feedstock, providing improved 
hardness and wear resistance compared to the parent alloy. 
WC reinforced coatings have been produced by electro-deposition [268, 289] and Laser 
cladding  using a pure nickel matrix [290] and Ni-Cr matrix [291]. Again the benefit sought 
was as a wear/corrosion resistant coating [289, 291]. It is noted that WC/Ni composites 
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have also been produced by high velocity oxygen fuel, thermal spraying, plasma spraying, 
hot isostatic pressing and chemical vapour deposition [289] as well as by mechanical 
alloying and spark plasma sintering [292].  
For laser cladding, a high crack sensitivity was noted, the cladding process showed a 
tendency for WC to sink within the melt pool, and high degrees of entrapped gas porosity. 
The main reason for cracking though was thermal stress, which was reduced by pre-heating 
the substrate [290]. 
PTAW cladding has been performed with three simple Ni alloys, having nil, low and high Cr 
content, combined with WC reinforcement for wear resistant coatings [135]. Difficulty was 
encountered in producing a functional product however, as WC particles passing through 
the plasma column dissolved, creating a brittle secondary phase upon solidification [135]. 
Reinforcement of Ni and Co based alloys with WC particles has shown a tendency for 
recrystallization to occur, causing weakening of the material, due to the formation of brittle 
secondary phases such as W2C and M6C carbides formed with Cr and particularly Mo [227, 
293, 294]. 
2.3.5.2.2 Chromium Carbide (Cr3C2) 
Chromium carbide (Cr3C2 also formed as Cr7C3 or Cr23C6) provides extremely high resistance 
to oxidation and corrosion. Its density is higher (6.68g/cm3) and melting point lower in 
comparison to many other ceramics (1895oC) [225], while hardness varies depending on 
the composition from 975Hv to 2250Hv. However with reference to the Ellingham diagram 
in Figure 18 all three carbide compositions are less chemically stable compared to other 
alloying elements commonly found in nickel superalloys. 
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2.3.5.2.3 Tantalum Carbide (TaC) 
TaC is characterised by a high melting point (4014oC) and high hardness (up to 2000Hv) 
[225]. However the high density of TaC at 14.3gcm-3 compared to the density of nickel 
alloys ~8.4gcm-3 would be a potential disadvantage in producing an MMC with a superior 
specific strength or stiffness to the original alloy. The high raw material cost of tantalum (as 
a rare earth material) is also likely to make the availability and price of TaC prohibitive. 
2.3.5.2.4 Thorium Oxide, Zirconium Oxide and Yttrium Oxide (ThO2, ZrO2 and 
Y2O3) 
A review of previously classified Soviet materials research in the MMC field noted the use 
of thorium oxide within nickel alloys as beneficial to high temperature durability [229]. 
However thorium oxide possesses a level of radioactivity, and is classified under UN2912, 
Hazard Class 7, effectively restricting its practical use. 
Heat resistant nickel alloys have been combined with ThO2, ZrO2 and Y2O3 particulates, to 
the benefit of heat-resistance and durability in tests at 1100-1300oC [229]. Y2O3 reinforced 
MMCs have also been produced in-situ by PM methods with a pure nickel matrix, 
demonstrating improved creep resistance [251]. 
2.3.5.2.5 Titanium Boride (TiB) and Titanium Diboride (TiB2) 
TiB has a low density (4.5gcm-3), high hardness (3000Hv) and stiffness (520GPa), as well as 
chemical stability [264, 295] and high melting point (3000oC), while TiB2 has a particularly 
high melting point (3230oC), stiffness, and lower density (4.451gcm-3) [296]. As such both 
are desirable candidate materials for use within an MMC. 
Of the two compounds, the available literature shows that TiB2 has been added to a matrix 
directly [296, 297], or may be formed in-situ with the correct elements available. For 
example, TiB2 has been combined with a Nickel base matrix to produce a coating by HVOF 
spraying from elemental powders. The TiB2 reinforcement was created by an SHS reaction 
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within a simple Ni-Cr matrix, improving wear resistance compared to the matrix material 
alone. Significantly high volume fractions of TiB2 (65%) were seen to be detrimental though 
compared to those at 40% [298]. 
Production by pulsed plasma sintering has also been investigated, again utilising an SHS 
reaction for the formation of TiB2 within a pure nickel matrix, achieving 99.8% density with 
no excess phases (eg. Ni3Ti or NiB) formed [299]. 
2.3.5.2.6  Carbon Nano-Tubes / Graphene 
Carbon Nano Tubes (CNTs) have generally been researched to reinforce polymer 
composites, with some work now emerging for the more complex metallic systems [300, 
301]. A similar disparity has been noted with the new material graphene, primarily being 
utilised with polymer materials, and minimal work published relating to the use of 
graphene to strengthen MMCs [301, 302]. CNTs are essentially rolled graphene sheets, 
either single or multi-walled [300]. 
The production of CNT reinforced MMCs is generally achieved by a powder metallurgy 
route, although agglomeration can limit the proportion which may be included (generally 
<8%wt) [300, 303]. Solid state processing via HIP or extrusion is most usual, while matrix 
materials tend to be selected for their low melting point (Al, Mg, Cu) as high processing 
temperatures may cause damage to the CNTs, formation of an interface layer, or clustering 
[300, 301, 303-308]; the materials may even be formed by cold compaction and extrusion 
techniques [309]. 
Overall there is some disagreement about the behaviour of CNT within a metal matrix and 
the resulting effect upon mechanical properties. Work by Ci et al., [310] identifies a good 
interfacial bond after heat treatment (up to 950oC) of an Al-CNT material produced by 
sputtering aluminium onto CNTs. George et al., [238] identified a similarly effective bonding 
without the presence of carbides in an Al-CNT material produced by powder metallurgy, 
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ball milling and HIP. In contrast Kwon et al., [311] attribute the enhanced properties of a 
spark plasma sintered Al-CNT material to the presence of a carbide interface layer which 
allows improved load transfer between matrix and reinforcement. However, 
Chunfeng et al., [312] observed complete dissolution of the CNTs to form Al4C3 carbides 
when manufactured by HIP, thus reducing rather than improving material properties. 
The work of Bartolucci et al., [302] compares the strength of aluminium, produced by a 
powder route, to that of a Multi-Walled CNT (MWCNT) composite, and a graphene platelet 
composite, a 12% improvement in UTS was noted for MWCNTs, but a dramatic reduction in 
strength for the graphene platelets, even in very small quantities (0.1%wt), due to the 
formation of aluminium carbide and destruction of the graphene.  
However, the work of Bastwros et al., [313] has shown an improvement in the properties of 
a base 6061 aluminium alloy due to the addition of between 1.0 and 2.0 wt% of graphene. 
Similarly to Kwon et al., Bastwros et al., suggest that the improvement in strength is 
enabled by an aluminium carbide bonding layer between the matrix and reinforcement 
which allows load transfer. 
2.3.5.2.7 Carbon Nano-Tube/Nickel 
Electro deposition [314] and blown powder DED techniques [315, 316] have been 
investigated for the production of CNT reinforced nickel, for the advantage of their self-
lubricating properties for use as bearing surfaces in need of low friction [315].  
The work of Hwang et al., [316] compares Ni-CNT with Ni-Graphite composites produced by 
a blown powder laser-DED technique, the tubes were in bundles, and formed using the 
same parameters as those for Ni-Graphite. Good matrix/CNT wetting was observed, with 
no significant reaction layer noted, and the MWCNTs survived the melt process without 
dissolving, unlike graphite. The minimal reaction layer was attributed to the form of the 
CNTs, with only the ends un-bonded (unlike graphite), as well as the short dwell time within 
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the molten pool, due to the use of the DED process. Although Hwang et al., have 
established that MWCNTs may be processed by a melt route without significant interfacial 
reaction or dissolution, no evaluation of mechanical properties was made to identify any 
potential improvement to be gained by the use of CNTs in Ni matrices. 
However CNTs have a large aspect ratio, similar to whiskers (for short CNTs) or asbestos 
fibres (for long CNTs), suggesting potential for serious long term damage to the human 
respiratory system if inhaled (e.g. mesothelioma or cell death) [317, 318]. Limited research 
exists on the assessment of the potential health risk posed by the handling and processing 
of loose CNTs, but similarities in behaviour of certain CNT forms to asbestos have been 
confirmed [319]. This raises the concern that their use may pose a health hazard, or at least 
increase the cost and complexity required to safely handle the smaller nano-scale material 
compared to that needed for the current micron sized materials [320]. Overall the level of 
risk is still relatively uncertain [318], prompting some companies to discontinue 
nanotechnology research [317, 321], while their use and handling may be safe within a 
research environment, this may not readily translate to a production environment. 
2.3.6  Superalloy based MMCs 
A review of available literature specifically in the context of MMCs based upon nickel 
superalloy matrices has been conducted and the specifics presented in this section. While 
active research was conducted in the 1980s and early 1990s, very little has been published 
regarding the conventional manufacture of superalloy based MMCs since. This is 
presumably due to improvements in the properties of the superalloys through methods 
such as investment cast directionally solidified and single crystal materials, which have 
reduced the motivation for development of a conventionally manufactured superalloy 
MMC [1]. 
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2.3.6.1 Zirconia Particle Reinforced Rene 95. 
ZrO2 particle reinforced Rene 95 is used as graded interfaces to reduce thermal stress 
where dissimilar materials join, particularly looking to the application of thermal barrier 
coatings to superalloy substrates. Composites follow a powder metallurgy preparation 
route. It was found that the ZrO2 reacted with the γ’ (Ni3Al), forming Al2O3, depleting the 
matrix of its strengthening γ’ phase, although MMC strength is higher than unreinforced 
alloy at low strain rates, the MMC is weaker at high strain rates. The changes in strength 
are thought to be due to grain refinement and chemical changes in the matrix more so than 
particulate strengthening effects [322]. Zirconia was used as its thermal expansion 
mismatch with Ni-based alloys is relatively small [322]. 
2.3.6.2 Tungsten Fibre Reinforced Superalloys 
At high temperatures both the fibres and matrix are ductile, eliminating problems with 
notch sensitivity in brittle materials. High CTE mismatch results in susceptibility to thermal 
cycling damage [323]. For continuous fibre reinforced Waspaloy and Incoloy 907 
composites, the fibres negated the effect of surface cracks due to thermal shock and 
provided a barrier to fatigue crack propagation, however this mechanism is not anticipated 
in discontinuous composites [324]. 
Other researchers have shown the need for interface coatings (in this case Hafnium Nitride) 
to prevent a loss of strength in the tungsten fibres due to re-crystallisation which is induced 
by contact with nickel above 1000oC [325]. This can result in significant problems with 
decreased mechanical properties due to excessive interfacial reaction during in-service 
thermal cycling [323]. 
Additionally significant difficulties exist in producing components from such a material, 
being extremely difficult to machine, they are typically produced by PM/HIP routes or hot 
forging, where the latter can result in significant damage to the reinforcing fibres or the 
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bond between matrix and fibre. Therefore for practical production there are highly 
restrictive forming limit criteria for the shapes which can be produced in these materials by 
such a manufacturing route [325]. 
2.3.6.3 Alumina Fibre and Particulate Reinforced Superalloys 
The strength and upper temperature limit of superalloys may be improved by 
reinforcement with strong high-modulus ceramic fibres. Alumina has been identified by 
some researchers as promising candidate, due to its chemical compatibility with the 
superalloys. The use of fibre coatings was examined as a method of reducing residual 
interface stresses during thermal cycling, with some benefit being shown for some 
coatings. The analytical study presented indicates that under thermal cycling the thermal 
expansion mismatch between fibre and matrix is highly problematic, creating residual 
stresses with the potential for crack formation at the interface between matrix and 
reinforcement [326]. 
The use of α-AL2O3 (sapphire) fibres within a Haynes 230 superalloy matrix has been 
investigated, laminating fibres in sequential layers of Haynes 230 foil and powder. Boron 
was utilised to suppress the melting point of the nickel matrix to achieve a Transient-Liquid-
Phase process, although excess boron produced a heterogeneous material, the process was 
described as feasible, though no mechanical properties were recorded to indicate the 
potential of this material/process combination [327]. 
Both single crystal and polycrystalline Al2O3 fibres have been utilised within an Inconel 718 
matrix, produced by pressure casting [328]. While other researchers have investigated the 
use of sapphire, YAG and sapphire-YAG fibres within a matrix of a γ/γ’ based superalloy, 
again produced by pressure casting. The pressure casting route provided reasonable 
homogeneity in the fibres distribution, for a highly simplistic cylindrical sample geometry, 
while wetting of the fibres was deemed acceptable. However some voids were still present 
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at the interface, an issue which would be more problematic in complex geometry if high 
integrity components were to be manufactured [329]. 
Laser cladding has been used to produce a nano-particulate Al2O3 reinforced Ni-based 
superalloy coating, while the coating did appear to have potentially improved hardness, 
this was primarily due to a highly altered grain structure (from large columnar to fine 
equiaxed) caused by the presence of nano-particulates acting as nucleation sites during 
solidification [330]. 
2.3.6.4 SiC Particulate or Fibre Reinforced Superalloys  
Electron Beams (EB) have been used to surface harden IN625/SiCp composites, novel 
microstructures were observed, attributed to the localised melt and “supercooling”. 
Ahmad et al., [331] have modified bulk superalloys by EB melting the surface and 
introducing SiC particulates to Inconel 625, Hastelloy C-276 and Zircaloy-4. The high energy 
of the EB was deemed to provide strong interfacial bonding, although some of the 
improvement to properties can be attributed to the refined microstructure, not solely the 
reinforcement addition. Rapid solidification also meant that the γ’’ precipitates which 
dissolved during melt had insufficient time to re-precipitate after melt, while the SiC 
particles either partially or completely dissociated and reacted with the matrix.  
The use of SiC as a reinforcing phase in several superalloy matrix materials (Inconel 718, 
Hastelloy X) produced by hot pressing has been noted to produce reaction layers, at 
temperatures of 700oC to 1150oC, with a significant increase in the reaction after 1150oC 
[266]. The reactions produced silicides of Ni, Ti and Cr, as well as M6C phases in reaction 
with the alloying elements present. The presence of minor reaction products was noted 
after 100h at  700oC and under a pressure of 7MPa, but not in any significant quantity, 
increasing the temperature to 1150oC to simulate hot pressing resulted in significant 
quantities of reaction products. As processing by AM takes place in a significantly shorter 
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time frame, the production of MMCs without any significant reaction products for service 
temperatures of under 700oC may well be feasible. 
2.3.6.5 Titanium Carbide Particulate Reinforced Superalloys (IN718) 
Yang et al., [332] investigated the reinforcement of IN718 with TiC particulates of 10-50µm 
which were wet blended at 20% volume with IN718 powder before HIPing and extrusion. 
Homogeneous distribution of the TiC particles was found difficult to achieve, with 
agglomerations occurring, which permitted voids to form within the agglomerations as they 
prevented infiltration of matrix during processing. The MMC produced exhibited higher 
modulus, but lower yield and UTS, while ductility was greatly reduced.  
Table 5: Reported properties for TiC reinforced IN718 compared to parent alloy [332] 
Material Young’s modulus 
(GPa) 
Yield strength 
(MPa) 
Tensile strength 
(MPa) 
Ductility 
(%) 
TiC(P)/IN718 227 955 1200 1.4 
IN718 207 980 1430 19 
 
Examination of tensile test samples showed that this was due to the TiC agglomerations, 
reinforcement de-cohered or cracked at these sites to cause premature failure [332]. 
Although room temperature properties were inferior to the matrix alloy, at elevated 
temperatures (650oC) the MMC exhibited excellent retention of strength compared to the 
matrix alone [332]. 
Although this MMC did exhibit some benefit to high temperature properties, the 
processing route has compromised its performance, which would be improved if a more 
even distribution of reinforcement could be achieved. A more detailed review of TiC 
reinforced superalloys is conducted in Section 2.1.9.2, as part of a discussion of current AM 
research on superalloy MMCs. 
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2.4 Conclusions 
As a result of the literature review, several conclusions may be draw in relation to the three 
streams investigated (AM technologies, Superalloys and MMCs). In summary while AM has 
great potential, a combination of higher processing rates and available material properties 
would be beneficial to the application of the technology for superalloy components. 
 The AM processing of nickel based superalloys is highly desirable compared to 
traditional casting or subtractive processes for component geometries with 
complex features, short production runs or high material removal from solid. 
 Despite low deposition rates, powder bed LM processes are likely to be adopted for 
moderate sized complex aerospace component production using nickel superalloys.  
 Higher power lasers and thicker build layers may provide benefits in productivity, 
but no research has yet been conducted to establish the process parameter 
window and potential material density. 
 Current mainstream powder bed LM or EBM techniques do not have sufficient 
deposition rates or build envelopes for the economical near net shape production 
of large components. 
 For high deposition rate WAAM processes PTAW shows some advantages, but 
understanding of processing parameters, strategies and material properties are still 
limited. 
 High performance γ’ strengthened superalloys cannot be processed by AM due to 
weldability restrictions, limiting current AM materials to the low end of materials 
performance. 
 MMC materials may offer an effective route to improving materials performance, if 
their processing behaviour can be understood and refined to produce high relative 
density material. 
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3 Experimental Methodology 
 
This chapter details the methodology and reasoning behind the experimental work 
conducted, covering feedstock material preparation, the scope and intent of 
experimentation and the analysis techniques used to evaluate the deposited materials. 
Three core research areas were identified as a result of the literature review in Section 2. 
1. Can high deposition rate powder bed laser melting of a solid solution strengthened 
superalloy be achieved? 
2. Can a process map for PTAW deposition of a solid solution strengthened superalloy 
be developed and what are the characteristics of the material produced? 
3. What is the processing behaviour of a solid solution strengthened superalloy based 
MMC within a high deposition rate powder bed LM system? 
To date powder bed laser melting technologies have not achieved deposition rates in 
excess of grams per hour and it is unkown if the use of layer thicknesses in excess of 100µm 
would be practical or capable of producing material of acceptable density. The experiments 
conducted as described in Section 3.1.2 are designed to assess the feasibility of high 
deposition rate powder bed LM and to establish an understanding of relevant process 
parameters and deposition behaviour for the selected IN625 alloy. 
While PTAW deposition has been utilised for the WAAM of IN625, current research has not 
fully characterised a process parameter map for this material, for example in a manner 
similar to the comprehensive work on Ti-6Al-4V by Martina et al., [79]. To date only limited 
investigations of deposition parameters [125] and single weld width walls have been 
conducted by PTAW for IN625 or similar superalloys [126], with no detailed process 
parameter window characterisation having been undertaken for single weld tracks or for 
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the deposition of large multi-layer, multi-weld width features. The experiments conducted 
as described in Section 3.1.3 are designed to address these gaps. 
Alongside the need for higher deposition rates for powder bed LM processes, the range of 
materials performance is limited by an inability to process alloys with high γ’ phase 
content. There exists therefore an opportunity for MMC materials to aid in improving the 
properties of solid solution strengthened alloys such as IN625 which can be successfully 
processed to achieve a high relative density and crack free product. Therefore concurrent 
research into the high deposition rate powder bed LM of an IN625 based MMC will also be 
conducted in order to compare and contrast with current research into the laser-DED 
processing of similar materials [114, 171-174]. 
3.1 Sample Manufacture 
In order to evaluate the potential for high deposition rate AM, powder bed laser melting of 
IN625 was investigated using 100µm and 500µm layers at up to 4kW. 
To evaluate the potential for improvements to material properties, the laser melting of an 
IN625 MMC was also investigated alongside this, down selecting a candidate reinforcement 
material (TiC). The manufacture of the selected TiC reinforced IN625 was then assessed for 
both a two component powder mixture, and a reactive “in-situ” powder feedstock.  
Experiments were conducted to determine the appropriate process parameter window for 
all three powder bed materials, followed by multi-layer deposition to manufacture samples 
for analysis of microstructure, composition and hardness. 
The use of WAAM in the form of PTAW deposition for the manufacture of IN625 from wire 
feedstock was also investigated, the intent being to establish a process parameter window 
and manufacture material for analysis and mechanical testing.  
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3.1.1 Powder preparation 
3.1.1.1 Low Energy Ball Milling 
The preparation of feedstock powders for MMC evaluation was conducted using a low 
speed horizontal axis rotary ball mill (Glen Creston Ltd, UK). For the preparation of MMC 
powders for powder bed deposition, low energy ball milling was selected as the most 
expedient method of mixing powders. To evaluate the effect of the ball milling apparatus 
on powder composition, a comparison was made between powders milled in an alumina 
jar, with alumina milling media, with the composition of powders milled in a steel jar, with 
steel milling media, and a batch prepared in a rubber jar with steel media. EDS spectra 
were collected from samples after milling, the results of which are shown in Table 6. Data 
was collected using a Zeiss Sigma SEM with Oxford Instruments XMaxN Silicon Drift 
Dectector EDS system (Oxford Instruments, UK), with Aztec v2.0 software to perform the 
quantitative analysis. It can be seen that some contamination of the powder has occurred, 
with higher quantities of both aluminium and oxygen present in the sample from the 
alumina jar and media, the composition of the samples milled in the steel and rubber jars 
have not however altered significantly.  
However it can be noted that the samples milled in the steel and rubber jars have 
maintained their morphology, with no fracturing of metallic particles taking place. 
Therefore depending upon the results desired, the selected jar and media utilised may 
vary, if milling is the intent, then an alumina jar will be utilised, if mixing is to be performed 
without altering the particle size or shape, then a soft rubber jar will be used. 
Table 6 : EDS measurement of powder composition after 1hr mixing in different jars/media 
% Composition: Ni Cr Mo Nb Fe Si O Ti Al Error 
Inconel 625 ref  62.7 21.7 6.3 5.2 1.3 0.6 2.1 0.1 0.1 ±0.20 
Alumina Jar & Media 60.8 21.3 7.1 3.4 1.3 0.5 3.4 0.1 2.1 ±0.20 
Steel Jar & Media 63.2 22.0 7.5 3.5 1.5 0.5 1.7 0.1 0.1 ±0.20 
Rubber Jar & Steel 
Media 
64.3 22.3 7.1 3.2 1.4 0.4 1.2 0.0 0.1 ±0.20 
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A calibration of ball milling speeds was also undertaken utilising high speed photography 
(Photron SA1.1, Photron, Japan) to measure the rotational speed of the jar, as controlled by 
the ball mills rotary potentiometer. For milling of powders speed 4 (~150rpm) was selected, 
as this permitted the highest energy to be imparted to the media, while still allowing them 
to “tumble” during milling, rather than be centrifuged against the jar wall. 
 
Figure 21: Relationship between ball mill speed settings and jar rpm 
Other than for materials down selection, preparation of powders for laser melting was 
conducted for up to 72 hours, with samples taken at 24, 48 and 72 hours for observation by 
SEM, and mixing determined by a combination of SEM examination, EDS measurement and 
particle size analysis after the full 72 hours mixing.  
3.1.2 Powder Bed Laser Melting 
3.1.2.1 Powder Bed Laser Melting Equipment 
In order to conduct experiments into the Laser Melting of materials, a bespoke powder-bed 
type machine was designed and constructed by the author specifically for this work. A 
Remote Laser Welding facility was available to provide a high powered laser source, based 
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upon a 4kW Ytterbium Fibre laser (IPG Photonics, Germany), having a wavelength of 
1060nm and coupled to a 5-axis robot (Comau, Italy), with Smartlaser scanning control.  
The powder bed system was based upon a Z-Corp 3D Printer chassis, with revised stepper 
motor driver electronics and a bespoke PC based control console providing a remote 
control facility. Remote control was necessary given the Comau robotic laser, as personnel 
cannot be present during laser exposure. The manufactured system is shown in Figure 22 
before setup in the welding cell for use as shown in Figure 23 and Figure 24. 
An entirely revised build platform, re-coater and process chamber was designed, 
manufactured and installed in order to achieve a system suitable for processing metallic 
materials. The system was designed to be mobile and completely self-contained, such that 
it could be removed and repeatably setup alongside the 5-axis robotic laser source (or any 
other laser source if desired). 
Resolution of the build and feed platforms was measured to be repeatable within ±10µm. A 
re-coater carriage with interchangeable hard (rigid metallic blade) or soft (thin metallic 
rake/comb) re-coating edges was also enabled for remote control with recoating speed 
controlled by adjusting motor voltage to a preset level.  
A fabricated steel process chamber was designed and constructed to enclose the working 
area of the machine and sealed with foam gaskets. However complete sealing was not 
possible, therefore the equipment operates on the principle of continuously purged inert 
gas.  
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Figure 22: Adapted Z-Corp 3D Printer with inert atmosphere build chamber & full remote control 
 
Figure 23 : Experimental equipment in-situ with remote laser welding source and robot (home position) 
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Figure 24 : Experimental equipment in-situ with remote laser welding source and robot (exposure position) 
Processing of material was conducted under an inert Argon (Pureshield, BOC, UK) 
atmophere. The O2 level within the chamber was monitored and logged continuously using 
a calibrated Rapidox 2100 oxygen sensor (Cambridge Sensotec Ltd, UK) accurate to 1ppm. 
Laser exposure was commenced once the chamber atmosphere recorded less than 300ppm 
of O2, in order to maintain a low oxygen content within the chamber atmosphere during 
processing, argon was continually purged at a flow rate of 15-20lpm, such that the 
maximum concentration of oxygen remained below 1000ppm during deposition. The 
oxygen limit of 1000ppm (0.1%) was selected for parity with commercial equipment 
currently available on the market, the 300ppm start measurement was determined as the 
highest 02 concentration permissible so as not to exceed 0.1% during exposure due to 
convection within the process chamber. For deposition utilising 500µm powder layers, the 
atmosphere preparation procedure was somewhat altered. The chamber was flooded with 
argon to an O2 concentration of under 150ppm for a duration of at least 2minutes before 
deposition of the first layer, to ensure that a reasonable effort had been made to purge the 
powder bed with Argon. A higher flow rate of argon was maintained throughout the 
deposition process (30-35lpm), with no more than 300ppm of O2 observed at any time, and 
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no more than 150ppm of O2 present before commencing deposition. The 300ppm limit was 
selected as the lowest practical O2 concentration achievable with the current equipment. 
Laser power and focal spot was measured using Primes PowerMonitor and FocusMonitor 
equipment (Primes GmbH, Germany) and the data evaluated using Primes 
LaserDiagnoseSoftware v2.9 to provide an evaluation of beam shape and the magnitude of 
any power losses in the beam line. Beam diagnostics were performed in both 2011 and 
2013, and showed near identical results for power and focal spot size, with the latter being 
slightly higher than manufacturer’s specification (ranging from 0.876mm to 0.890mm 
rather than 0.60mm). Comparing Figure 25 and Figure 26, it can be seen that the beam 
diameter has varied by less than 1.6% over the course of all experimentation performed 
using this equipment, and can therefore be deemed consistent.  The relationship between 
the programmed laser power and that delivered to the work-piece is shown in Figure 27, 
however for simplicity the programmed value will be referred to throughout this thesis. An 
equation for the relationship between programmed and delivered power is provided in 
Equation 4, should the reader desire to calculate the actual power delivered at the 
workpiece for any of the experiments described. 
 
Figure 25: Beam diagnostic – 2011 
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Figure 26: Beam diagnostic - 2013 
 
Figure 27: Relationship between programmed laser power and actual power delivered 
𝑀𝑒𝑎𝑠𝑢𝑟𝑒𝑑 𝑃𝑜𝑤𝑒𝑟 =
𝑃𝑟𝑜𝑔𝑟𝑎𝑚𝑚𝑒𝑑 𝑃𝑜𝑤𝑒𝑟
1.11
− 23.35 
Equation 4 : Laser power at workpiece as a function of programmed laser power 
Mild steel substrates of 80 x 100 x 10 mm, were restrained against thermal stress induced 
deformation. The mild steel substrates were bolted into a larger aluminium platform (240 x 
320 x 20 mm) to act as a moderate thermal sink during repeated deposition runs.  
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Substrate temperature was monitored and recorded using a K-Type thermocouple and 
handheld thermocouple reader/logger. To obtain a measurement reasonably close to the 
deposition site, build plates were machined from the reverse side to allow the 
thermocouple to be placed within the plate at a distance of 4mm from the upper surface. 
       
Figure 28: Substrate design for powder bed laser melting experiments 
The material to be consolidated was deposited upon the substrate by a spring loaded steel 
“blade” re-coater mechanism; with the layer thickness set at either 100 µm or 500µm as 
required, as shown in Figure 29. Initial deposition experiments revealed that unless 
adequate top surface flatness of the deposited material could be guaranteed, then 
interference with the rigid steel re-coater occurred, causing damage & eventally jamming 
the machine. Thereafter a “soft-re-coater” based upon a thin metallic comb was utilised for 
all experiments, with the comb replaced when visibly damaged by contact with deposited 
material.  
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Figure 29 : View of powder bed LM build platform and recoated first layer 
3.1.2.1.1 High speed photography  
In order to examine the melt processing behaviour of the candidate MMC materials a high 
speed camera (Photron SA1.1, Photron, Japan) was utilised to record the weld passes. 
Given the high brightness of the welding process, high intensity lighting was used to reduce 
the contrast between the ambient light level and that generated by the weld process. This 
enabled a reasonable image of the weld pool to be obtained. A moderate frame rate of 
50,000fps was selected in order to maintain sufficient image resolution (256x128pixels) 
over the region of interest.  
Build area 
75mm 
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Figure 30: Laser Melting experimental configuration with high speed photography 
 
3.1.2.2 Reinforcement Down Selection 
3.1.2.2.1 Objectives 
 To determine the “processability” and potential benefits of three possible MMC 
reinforcement materials (Al2O3, SiC and TiC) 
3.1.2.2.2 Methodology 
In order to determine a potential MMC reinforcement material for further research, three 
candidate materials were selected for evaluation, Al2O3, SiC and TiC. Each was blended at 
5wt% with IN625 powder for 1hr, until visual inspection showed them to be well mixed. 
Baseline process parameters for the deposition of IN625 were established from single track 
deposition experiments as detailed in Section 3.1.2.3, with four multi-layer samples 
produced according to the parameters in Table 7, these were used for the processing of the 
candidate MMC materials to provide a direct comparison.  
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 Table 7 : Baseline IN625 parameters at 100µm 
Sample Power (W) Scan (mm/min) 
1 800 6000 
2 800 7000 
3 1000 6000 
4 1000 7000 
 
Each material was processed using the same parameters; deposition was continued in all 
cases until interrupted by excessive material build-up which caused jamming of the re-
coating mechanism. Manufactured samples were then analysed using optical microscopy, 
SEM, EDS and hardness indentation to evaluate the best candidate for further work. 
3.1.2.3 Powder Bed Laser Melting Single Track Deposition 
As a result of the material down selection experiments, three materials were identified for 
further research. 
 IN625 as a baseline for deposition at both 100µm and 500µm layer thicknesses 
 IN625+TiC a TiC reinforced MMC with 5wt% TiC added 
 IN625+Ti+C a powder blend for the in-situ forming of TiC from Ti and Graphite 
(mixed to provide 5wt% TiC at a stochimetric ratio) 
Single track deposition experiments were conducted as outlined in Table 8. Three materials 
were evaluated, IN625, IN625 blended with 5wt% TiC and IN625 blended with a 
stoichiometric mixture of Ti and carbon in the form of graphite at 5wt%. Two layer 
thicknesses were investigated for each material, the minimum practical thickness of 100µm 
(where possible) and a thicker 500µm layer.  
The IN625+Ti+C in-situ formed MMC material was also evaluated in combination with a 
pre-heated substrate as significant cracking problems were observed. Pre-Heating was 
achieved by defocussing the laser beam to ~10mm diameter and rastering over the 
substrate surface until a temperature of 300oC was obtained. 
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Table 8: Single track deposition experiments performed 
Material 100µm Layer  500µm Layer 
IN625 Completed Completed 
IN625+TiC Completed Completed 
IN625+Ti+C Unable to re-coat Completed 
IN625+Ti+C 
Pre-Heated (300oC) 
Unable to re-coat Completed 
 
3.1.2.3.1 Objectives: 
 To determine the effect of laser power and speed upon the stability of the resulting 
weld bead. 
 To relate the weld power and speed used to the resulting weld bead geometry. 
 To identify an appropriate parameter set for use in depositing multi-layer samples. 
3.1.2.3.2 Methodology: 
Single track welds were produced on mild steel substrates at a variety of laser powers and 
speeds (1-4kW at 2-10m/s). A full factorial approach was adopted to ensure that all areas 
of the process map were investigated and all interactions would be apparent. 
Table 9: Linear Energy Density (J/m) for all experimental parameter combinations 
Laser Power (W) Welding speed (m/min) 
2 4 5 6 10 
1000 500 250 200 166.7 100 
1750 875 437.5 350 291.7 175 
2500 1250 625 500 416.7 250 
3250 1625 812.5 650 541.7 325 
4000 2000 1000 800 666.7 400 
 
The full factorial experimental matrix for five levels of power and five levels of speed is 5x5, 
giving 25 individual combinations of parameters for experimentation. Three repeats of 
each parameter combination were made, giving 75 individual welds, which were randomly 
allocated to a position on the required four build plates according to the order shown in 
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Table 10. The sample ordering shown in Table 10 was utilised for all single track laser 
melting experiments in each material/layer thickness combination. 
A total of 75 weld beads were therefore produced, with a maximum of 20 weld beads 
deposited sequentially upon each substrate. A laser exposure program was written, such 
that welds were conducted on alternating sides of the centre point, increasing X offset by 
3mm for each weld as shown in Figure 31. In order to minimise thermal effects between 
tracks, a 10 second dwell was included between each exposure as well as the alternating 
exposure strategy, each repeat of a given parameter set was also randomised to a different 
position on the substrate. 
 
Figure 31 : Schematic of laser exposure program for single track welds, relative to centre point of substrate. 
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Table 10: Randomised allocation of parameter combinations & positions 
 Build 1  Build 2  Build 3  Build 4 
Sample 
Number 
Power 
(W) 
Speed 
(mm/min) 
 Power 
(W) 
Speed 
(mm/min) 
 Power 
(W) 
Speed 
(mm/min) 
 Power 
(W) 
Speed 
(mm/min) 
1 1750 4000  2500 10000  3250 8000  1750 4000 
2 1000 8000  2500 4000  3250 4000  1000 6000 
3 1750 2000  1000 10000  1750 10000  1750 8000 
4 3250 2000  2500 10000  1000 2000  3250 6000 
5 3250 2000  1000 10000  4000 8000  1000 4000 
6 4000 6000  3250 8000  4000 10000  3250 8000 
7 1750 2000  1000 2000  3250 4000  4000 8000 
8 4000 4000  2500 8000  3250 2000  1000 8000 
9 3250 4000  2500 2000  4000 2000  4000 6000 
10 4000 2000  1750 2000  2500 6000  4000 10000 
11 3250 10000  1000 6000  3250 10000  1000 6000 
12 1750 6000  3250 6000  1750 6000  2500 6000 
13 1750 8000  1750 8000  4000 10000  2500 8000 
14 2500 10000  1750 4000  2500 8000  4000 6000 
15 4000 2000  1000 4000  1750 10000  1750 6000 
16 2500 6000  1000 8000  2500 2000    
17 2500 4000  2500 4000  1000 10000    
18 4000 4000  1750 10000  2500 2000    
19 3250 10000  3250 6000  1000 4000    
20 4000 8000  4000 4000  1000 2000    
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Immediately after deposition and removal from the build chamber, each weld was assessed 
based on the criteria listed below as falling into one of five distinct categories. An example 
of each weld type is shown in Figure 32, PTAW deposited welds have been used to 
illustrate the differing behaviours due to the larger welds, making behaviour easier to 
identify, the same forms and behaviour operate in powder bed LM. 
1. Stable: a continuous bead with no notable deviation from a straight line, having a 
continuous section shape (Figure 32a). 
2. Humping: a continuous bead, but having significant fluctuations in section shape, 
typically creating a wave or characteristic hump back effect (Figure 32b). 
3. Balling: discontinuous bead which has broken down into approximately spherical 
sections (Figure 32c). 
4. Wavy: continuous bead with some transverse deviation from the intended straight 
line (Figure 32d). 
5. Unstable: a continuous section shape which has segmented on occasion along its 
length or exhibits other defects (Figure 32e). 
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Figure 32: Characteristic weld behaviours illustrated by PTAW bead on plate welds a) stable, b) humping, c) 
balling, d) wavy, e) unstable. 
A transverse section was then taken at the welds mid-point (Y=0) for analysis by optical 
microscopy and SEM. The width of the weld bead was measured manually using Vernier 
a) 
b) 
c) 
d) 
e) 
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callipers at three points, near the start of the track, the centre and the end. To avoid 
measuring start or end effects the approximate positions of measurement were Y=-20, Y=0 
and Y=+20. 
Optical microscopy was utilised to measure the weld bead width, height above the 
substrate surface and the weld penetration depth into the substrate as shown in Figure 33. 
As can be seen in the illustration below, the width measured by Vernier calliper and by 
optical microscopy may differ depending upon the weld beads geometry. Where 
measurements do not agree, the optical microscopy value has been used.  
 
Figure 33: Schematic of weld bead measurement positions 
3.1.2.4 Powder Bed Laser Melting Multi-Layer Deposition 
Multi-layer deposition was conducted at 100µm for reinforcement down selection, then at 
both 100µm (where possible) and 500µm for the further investigation of IN625, IN625+TiC 
and IN625+Ti+C. 
Due to cracking observed in the IN625+Ti+C experiments, pre-heating was also utilised to 
evaluate its effect if any. The intent being to decrease the thermal gradient between the 
top and bottom surfaces of the sample and so reduce the degree of thermally induced 
residual stress, as suggested by Tahmasbi et al., [333]. 
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The process parameter evaluations performed on single track welds established a good 
overlap in the process windows of both matrix and TiC reinforced MMCs, as such the same 
process parameters were utilised for all materials such that the deposited material can be 
compared like for like, rather than observing any variations in material characteristics or 
properties due to parameter changes. 
3.1.2.4.1 Objectives: 
 To determine if the stable parameter set identified by single track deposition is 
viable for producing larger components 
 To provide material samples for compositional and structural analysis 
 To obtain an understanding of the process parameters in a multi-layer scenario for 
use in AM 
3.1.2.4.2 Methodology: 
Samples were defined as a series of parallel lines measuring a total of 10 mm wide by 30 
mm long, with a variable hatch spacing between lines and a 0.85 mm diameter laser focal 
spot. The hatch distances and corresponding beam overlap values are presented in Table 
11, for each hatch distance the number of lines was selected such that the overall sample 
geometry remained the same (10mm x 30mm). 
Table 11: Powder bed LM hatch spacing and beam overlap values utilised 
Hatch Spacing (mm) Beam diameter (mm) Beam overlap 
(area fraction) 
0.5 0.85 15% 
0.8 0.85 1% 
1.1 0.85 0% 
 
The raster pattern utilised to produce the samples is shown in Figure 34, with X & Y values 
defined as off-sets from a single centre point. 
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Figure 34: Laser path for multi-layer sample 
To prevent excessive material deposition at the start and end of each track, a linear ramp in 
and out of laser power was employed over a distance of 1mm, with this portion of the 
sample being disregarded during all further analysis. Each hatch distance was investigated 
by the production of four samples on each substrate, according to the parameters shown in 
Table 12. However the order of exposure was seen to influence the deposition behaviour of 
subsequent samples (i.e. two samples with identical parameters on the same substrate 
differed in their geometry and processing behaviour, due to variation in substrate 
temperatures). Therefore subsequent analysis of the samples compares only the first 
sample on each substrate, produced at 4000W and a scan speed of 5500mm/min, at three 
hatch spacings, 0.5mm, 0.85mm and 1.1mm for each material. Although this means that 
the effect of laser power and scan speed upon deposited multi layer samples is not 
evaluated, the effect of differing materials and differing hatch spacings can still be 
assessed. 
Table 12: Multi-layer powder bed LM parameters 
Sample Laser Power (W) Laser Speed (mm/min) 
1 4000 5500 
2 4000 6500 
3 4000 5500 
4 4000 6500 
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Deposition of multilayer samples was conducted until a fixed number of layers had been 
achieved, or the samples had interrupted the build process by way of a re-coater crash.  
Once deposition was completed, substrates were removed from the chamber and allowed 
to finish cooling to room temperature. Samples were examined by Stereomicroscopy 
before sectioning for metallographic preparation and examination by Optical microscopy, 
SEM, EDS and hardness testing. 
3.1.3 Wire and Arc Additive Manufacture 
3.1.3.1 PTAW Equipment 
To conduct experiments into the WAAM of material, a bespoke Plasma Transferred Arc 
Welding (PTAW) based deposition system was constructed and developed. The system 
being based upon a conventional 3-axis CNC machine, coupled to a PTA welding set 
(Eutronic GAP, Castolin Eutectic GmbH, Germany). Two welding torches were available for 
experimentation, an E152 powder fed torch and an E15N wire fed torch, shown mounted 
to the stripped down CNC machine in Figure 35 during commissioning. The associated 
material feeders are shown in Figure 36.  
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Figure 35: 3-axis CNC machine with welding torches in position a) Wire fed torch "parked", b) Powder fed 
torch "welding" 
       
Figure 36: Available material delivery systems a) "push" type wire feeder,  b) wheel and bucket powder 
feeder (x2) 
The powder fed torch was fed by two independent powder feeders, utilising a rotary wheel 
and bucket type metering system, and being purged with inert carrier gas. Initial 
experiments found that powder delivery rates were inconsistent when the powder feed 
units were placed remotely from the torch. While vibratory assistance did improve 
consistency (measured by recording the weight of powder delivered to a container in 
1minute), it was decided that the feeders should be located directly above the torch, 
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providing the minimum of disruption to material feed rates. The delivery rate of spherical 
metallic powders was found to be consistent to within ±1%. 
The feeding of the available ceramic powders was found to be problematic with standard 
equipment, with the angular morphology causing powders to agglomerate in their free 
condition (Figure 37), or to interlock and form a blockage at any orifice. While vibratory 
assistance was beneficial to the consistency of the delivery rate of spherical metallic 
powders, angular ceramics simply interlocked more rapidly.  
 
Figure 37: Angular TiC morphology encourages agglomeration and prevents powder flow 
Blended metallic/ceramic powders were also attempted, but despite the small proportion 
of ceramic powders, a consistent feed rate of material could not be established and 
vibration was found to encourage separation of the two powders as shown in Figure 38. 
60mm 
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Figure 38: Wheel & bucket powder feeder - segregation of powder mixtures with vibratory assistance 
Wire feeding of Inconel 625 wire was found to be advantageous in comparison to powder 
feeding, both in consistency and sample quality. Having a lower surface to volume ratio, 
wire feedstock carries lower proportions of surface oxidation into the molten pool, so 
increasing the quality of deposited material, particularly on repeat passes. The lower cost 
of raw material (approximately 30% that of powder) also contributed to the decision to 
base future experiments around a wire fed deposition system. 
Two deposition strategies were considered for PTA experimentation, the deposition of a 
series of parallel lines, or the use of a weave strategy. While a weave strategy can produce 
a relatively flat deposit, problems can occur with heat build-up, as movement of the torch 
is quite slow and heat input is continuous until the layer is completed. This is particularly 
noticeable in low thermal conductivity materials such as nickel, as evidenced in Figure 39, 
after three to four layers are deposited, significant heat is retained towards the end of the 
deposition pass, altering welding parameters and permitting oxidation of the material once 
the torch and shield gas has been removed. 
5mm 
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Figure 39: Heat build-up in material deposited in a weave pattern using powder fed torch – material remains 
red-hot after deposition of layer three has ceased. 
While a deposition strategy based on a series of parallel lines may be more time consuming 
per layer, it does serve to keep local material temperatures at a lower level, each pass is 
made over a longer distance, and there is an opportunity to allow substrate cooling while 
the torch returns to the start point of the next weld. This ensures a more consistent 
processing environment, such that the substrate temperature at the start of each layer 
deposition is the same, rather than increasing the substrate temperature significantly as 
deposition continues. 
As a result of these initial trials, a parallel line deposition strategy with wire fed material 
was selected for future experiments. An interpass cooling strategy was also determined, 
allowing substrate temperature to drop below 200 oC ±1% before deposition of the next 
weld bead. The substrate temperature was monitored and recorded using a K-Type 
thermocouple probe and handheld thermocouple reader/logger. After each layer is 
complete, the height of the deposited material is measured, and the torch raised a 
corresponding distance for the next layer.  
 
20mm 
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Figure 40: Parallel line deposition strategy using wire fed torch with inter-pass cooling strategy to achieve a 
two layer deposit without overheating 
3.1.3.2 WAAM – Single Track Deposition 
3.1.3.2.1 Objectives: 
 To determine the effect of welding current, welding speed and material feed rate 
upon weld stability. 
 To relate weld power, weld speed and material feed rate to the resulting weld bead 
geometry. 
 To determine a parameter set and deposition procedure for use in multi-layer 
deposits. 
3.1.3.2.2 Methodology 
The methodology for investigation of welding stability followed the concept of a bead on 
plate experiment, depositing weld material upon a substrate in a single straight weld bead. 
The substrate used was 100mm x 12mm mild steel flat stock, with welds defined as an 
80mm traverse located centrally on the 100mm wide substrate. Individual substrate strips 
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were used for each weld in order to maintain similar test conditions, measuring 100mm x 
25mm x 12mm, which were held in a vice, with the top surface positioned flush with the 
top of the vice jaws using a straight edge, to provide a repeatable position. While some 
variation in substrate temperature was observed due to heat soak into the vice, substrate 
temperature was always below 40oC before welding commenced. 
The intent of the experiment being to investigate the PTAW process window for deposition 
of IN625 wire, the experimental matrix shown in Table 13 outlines the full factorial 
combination of parameters, investigating Welding Speed at six levels, Welding Current at 
three levels and Wire Feed rate at three levels. 
After deposition, each weld was characterised using the same five categories as for similar 
powder bed LM experiments (as described in Section 3.1.2.3) 
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Table 13: Experimental matrix for PTAW single track welds 
Welding Speed (mm/min) Weld Current (A) Wire Feed rate (m/min) 
650 147 2.0 
650 147 1.5 
650 147 1.0 
650 124 2.0 
650 124 1.5 
650 124 1.0 
650 101 2.0 
650 101 1.5 
650 101 1.0 
550 147 2.0 
550 147 1.5 
550 147 1.0 
550 124 2.0 
550 124 1.5 
550 124 1.0 
550 101 2.0 
550 101 1.5 
550 101 1.0 
450 147 2.0 
450 147 1.5 
450 147 1.0 
450 124 2.0 
450 124 1.5 
450 124 1.0 
450 101 2.0 
450 101 1.5 
450 101 1.0 
350 147 2.0 
350 147 1.5 
350 147 1.0 
350 124 2.0 
350 124 1.5 
350 124 1.0 
350 101 2.0 
350 101 1.5 
350 101 1.0 
250 147 2.0 
250 147 1.5 
250 147 1.0 
250 124 2.0 
250 124 1.5 
250 124 1.0 
250 101 2.0 
250 101 1.5 
250 101 1.0 
150 147 2.0 
150 147 1.5 
150 147 1.0 
150 124 2.0 
150 124 1.5 
150 124 1.0 
150 101 2.0 
150 101 1.5 
150 101 1.0 
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Final experiments were conducted utilising a bespoke wire-feed nozzle design with 
increased stiffness and positional accuracy, with welds placed upon independent substrates 
in order to increase the repeatability of the equipment and test conditions. The revised 
torch assembly is shown in Figure 41. 
 
Figure 41: Revised wire fed PTA configuration for single bead on plate tests 
After deposition, the width and height of each weld was measured using Vernier Callipers 
(±0.05mm) in the centre of the weld, and approximately 15mm from either end. Specific 
samples were then selected for metallographic sectioning, preparation and observation by 
microscopy to determine weld penetration depth and dilution. Samples were selected for 
sectioning which covered a reasonable range of weld power, weld speed and wire feed, 
such that interactions could be explored, however all samples were not sectioned due to 
the high number available. 
10mm 
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3.1.3.3 WAAM – Multi Layer Deposition 
3.1.3.3.1 Objectives: 
 To demonstrate the stability of chosen weld parameters and deposition strategy in 
a multi-layer scenario. 
 To provide material for analysis and evaluation by metallography, SEM, EDS, XRD, 
µ-CT and tensile testing. 
3.1.3.3.2 Methodology 
Multi-layer deposition was conducted upon substrates of 100mmx180mmx12mm, to 
produce material for the purposes of tensile testing. 
Based upon the results of single bead on plate tests and multi-bead, multi-layer feasibility 
trials, a hatch spacing of 3.5mm was selected using a welding speed of 450mm/min a 
current of 147Amps and a wire feed rate of 2.03m/min. A parallel series of 8 x 145mm long 
weld beads were deposited to provide a layer measuring approximately 30mm by 150mm 
as a near-net billet for the machining of tensile samples. To control excessive bead height 
at the start of welds, the welding speed was increased to 650mm/min for the first 20mm 
before switching to 450mm/min for the central section. To control weld height drop off 
towards the end of the weld bead, welding speed was reduced to 350mm/min for the final 
20mm, as shown in Figure 42. A 5ms dwell was also utilised at the end of the weld to build 
up a small amount of material and prevent accumulated drop off in weld height with 
multiple layers. While a 5mm overrun was attempted to ensure removal of the wire from 
the molten pool, the movement of the pilot plasma arc tended to drag the molten material, 
particularly after several layers. Therefore a programmed 10mm retraction of the welding 
wire 1second before turning off the main arc was utilised to ensure removal from the weld 
pool and a clean separation. 
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Figure 42: Welding speed variation in Y direction 
An end of line dwell of 5s was utilised to ensure complete shielding of the solidifying weld 
pool, before returning the torch for the start of the next weld bead. At this point a 25s 
dwell was included in the deposition program, as this was sufficient to allow the substrate 
temperature to return to <200oC, as monitored by thermocouple readings. 
Additional first and last weld beads were deposited on occasion to build up the side wall 
geometry when notable sloping had occurred (approx. every two to three layers as 
needed). 
As the build progressed, thermal conduction out of the previously deposited layer and into 
the substrate & machine bed was reduced due to the lower thermal conductivity of IN625 
compared to steel, the reduced sectional area available for heat transfer and the greater 
distance of material through which heat must be conducted. To prevent an excessive 
accumulation of heat in the previously deposited layer which might influence the 
deposition of the next layer the welding current was reduced according to the schedule 
shown in Table 14. The torch offset increase was made after each layer and was varied 
slightly according to manual measurements of the deposited material in order to maintain 
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a constant torch offset distance of 7mm from the work piece. Welding voltage was 
therefore maintained within the range of 25.5V to 28V (nominal target 26.5V), with a lower 
voltage indicating a smaller torch offset than ideal and a higher voltage indicating a larger 
offset. 
The schedule shown in Table 14 was determined after a series of trial builds during which 
differing weld currents were attempted to identify which values produced a visually 
consistent weld at each layer compared to the previous layer. 
Table 14 : Build Parameter variation with Z height for PTAW Multi-Layer builds 
Layer 
Approx. torch 
offset increase 
(mm) 
Welding Current 
(A) 
Welding Speed 
(mm/min) 
Wire Feed 
Rate (%) 
0 
0 – (7mm from 
Substrate) 
NA NA NA 
1 2 147 450 20.3 
2 4 147 450 20.3 
3 6 142 450 20.3 
4 9 136 450 20.3 
5 12 136 450 20.3 
6 14 136 450 20.3 
7 16 131 450 20.3 
8 18 131 450 20.3 
 
3.2 Powder Analysis 
3.2.1 Powder Characterisation 
3.2.1.1 Objectives 
 To characterise feedstock powders utilised. 
 To determine the homogeneity/mixing of MMC powders. 
3.2.1.2 Methodology 
Feedstock powders were analysed by Laser Diffractometry (LD), to determine particle size 
distribution, SEM and EDS to determine morphology and provide a qualitative examination 
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of homogeneity, and XRD to determine the bulk composition/phases present for later 
comparison with deposited material. 
3.2.1.2.1 Particle Size Distribution - Laser Diffractometry 
Laser Diffractometry particle size analysis was selected in order to quantify the Particle Size 
Distribution (PSD) of the feedstock powders and the powder mixtures resulting from low 
energy ball milling. While mechanical sieving was available, the technique is limited to 
describing the proportion of particles between the available sieve mesh sizes. Initial trials 
using a vibratory sieving station were attempted, however the vibration applied to allow 
particles to pass through the mesh was found to encourage and increase agglomeration of 
TiC powders, so influencing the results. On this basis the technique was rejected for the 
measurement of PSD. 
While other methods of particle sizing based upon mechanical and imaging methods are 
available, the use of light scattering in the form Laser Diffraction is probably the most 
widespread and commonly utilised laboratory method [334, 335]. Also known as small 
angle light scattering, this technique utilises the fundamental principles of the interaction 
of a monochromatic light source with a particle suspended in a liquid or air, with the 
diffraction pattern produced by a particle varying dependent upon its size. However a 
simple diffraction pattern is not all that is produced, in reality a complex scattering pattern 
is produced based upon the combination of absorption, diffraction, refraction and 
reflection which has taken place depending upon specific interaction of the light source, 
particle and suspension medium in question. 
Lorenz-Mie theory (more commonly known as Mie theory), in particular provides the most 
accurate method of determining particle size from a complex scattering pattern, however 
this depends upon the optical properties of both the suspension media and the particulate 
being a known value. Unfortunately in many cases the data for complex refractive index is 
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unavailable and so results determined using Mie theory without an accurate optical model 
of the material are, at best, unreliable. 
As an alternative to Mie theory for the deconvolution of measured diffraction patterns, a 
simpler Fraunhofer diffraction model can be utilised. This is valid only for particles which 
are significantly larger than the wavelength of the light source (at least five to six times 
greater), but does produce results which agree with Mie theory when this limitation is 
observed [335, 336]. The benefit of the Fraunhofer model is that the optical properties of 
the material are not required and it may therefore be used on samples of unknown 
refractive index, or samples which contain materials with differing refractive indices, both 
of which are the case for several of the powders to be examined. 
LD methods are based upon the approximation of particle shape to an ideal sphere and 
while this is a reasonable assumption for spherical gas atomised metallic powders, ceramic 
powders are usually of an angular morphology. However diffractive scattering techniques 
are relatively insensitive to particle shape when using forward scattering up to a particle 
aspect ratio of 2:1 [335]. 
Initial examinations of the powders to be measured under SEM identified aspect ratios 
below (2:1) and therefore Laser Diffraction using Fraunhofer de-convolution was 
determined to be appropriate for the measurement of PSD. 
The equipment utilised was a Beckman Coulter LD 13 320 Laser Diffraction particle size 
analyser (Beckman Coulter, USA) with a liquid dispersion system, utilising distilled water 
with a known refractive index of 1.3. Prior to measurement the system was purged and 
rinsed using the in-built functions to ensure cleanliness, with a de-bubbling routine to 
remove any air bubbles from the media which may have affected the measurement. 
Optical alignment and background measurement were also conducted as necessary before 
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measurements. Powders were loaded until an obscuration of between 8-12% was achieved 
in line with the instrument manufacturer’s recommendations. For each measurement, a 
duration of 60 seconds was selected, with a pause of 30 seconds before each measurement 
run was made. Each powder measurement was repeated a minimum of three times to 
ensure a representative value was obtained. 
Individual feedstock powders were measured, as were the powder mixtures resulting from 
ball milling experiments in order to enable a comparison and assessment of mixed powder 
fractions in a similar manner to the work of Kuhnle et al., [58]. 
LD measurements may be shown as a frequency distribution, showing the proportions of 
the sample which exist at each size. Additionally the PSD may also be described in terms of 
percentiles, giving d10, d50 and d90 values. These values represent the maximum particle 
size, below which either 10%, 50% or 90% of the sample volume resides respectively, and 
so provide an overview of any typical bell curve distribution by defining the upper and 
lower limits and the centre point. 
3.2.1.2.2 Morphology Investigation by SEM & Homogeneity Using EDS 
Homogeneity of mixed powders was found to be difficult to determine, both in terms of 
distribution, and material proportions. Examination by SEM was conducted, sampling 
powder batches using adhesive carbon tabs. However the difference in material density 
results in a significant proportion of ceramic powders adhering to the tab over metallic 
powders. While SEM imagery can provide an indication of ceramic agglomeration, or the 
level of embedding in the surface of metallic particles, overall homogeneity of the mixture 
cannot be declared with any confidence. A visual inspection of the powders, coupled with 
PSD measurement was found to be more effective. 
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3.2.1.2.3 Compositional Analysis – XRD 
The composition of each feedstock powder was assessed using X-Ray Diffraction (XRD), to 
identify the phases present before processing. A Panalytical Empyrean XRD system with 
Highscore software (Spectris Plc, UK) was utilised with scans run from 5o to 100o 2θ using 
fine steps of 0.01o. Scans were conducted with a cobalt anode material at a working current 
and voltage of 40mA and 40kW respectively, with samples positioned in a vertical 
goniometer. 
Although XRD can potentially be utilised to determine relative proportions of a powder 
mixture, this requires a Rietveld analysis of the scan data, unfortunately the required 
software module was not available for use in this work. However the data is of use in 
determining if any mechanical alloying has taken place during powder mixing, and for 
comparison with the deposited sample material. 
XRD is a crystallographic technique, whereby the interactions of an incident X-ray source on 
a sample produce a diffraction pattern which can be interpreted to provide information 
about the arrangement of electrons/atoms within the material. As each compound or 
phase has a differing arrangement of atomic bonds, XRD is able to provide information on 
the chemical compounds or metallurgical phases present, whereas EDS can only provide 
information on the elements present and their relative proportions. 
Powders were randomly sampled from each of the purchased materials before mixing, and 
again after each stage of mixing conducted, before laser melting was conducted. Powders 
were placed in a powder sample holder, and the top smoothed flat and compressed using a 
flat block.   
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3.3 Deposited Sample Analysis 
3.3.1 Metallographic Preparation 
3.3.1.1 Sample Preparation for SE, BSE and EDS SEM Analysis 
All Samples for SEM were sectioned using a rotary abrasive disc (Buehler Isocut 1000, 
Buehler). Figure 43 indicates the position and orientation of the section cut used in the 
analysis of all samples, with a similar mid line section taken for single track welds. Samples 
were fixtured mechanically before cutting at a controlled feed rate of 8mmmin-1 at a disc 
speed of 4000rpm. Once sectioned, samples were mounted for polishing using phenolic 
resin (Buehler Simplimet 2000, Buehler), at a pressure of 250bar and a temperature of 
125oC. A moderately high feed rate was maintained to minimise any work hardening, while 
a high coolant flow was used to minimise local heating. IN625+Ti+C in-situ formed samples 
were found to be significantly harder, and were therefore cut using a rigid diamond edged 
blade to maintain high cutting rates. 
 
Figure 43: Section position for analysis of deposited samples 
Where XYZ directions or positions are discussed, two co-ordinate systems have been used, 
one for the deposition process, and a second for the sectioned sample, as shown in Figure 
44, where XY is now in the section plane once the sample has been cut. 
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Figure 44: Reference frames for deposited samples and micrograph sections. 
Mounted samples were ground and polished before analysis, according to recommended 
procedures given below in Table 15.  
Table 15 : Sample polishing procedure 
Step Media Fluid Rotation Force Duration 
Grinding 320 grit wet & 
dry 
Water 
250rpm 
Complimentary 
26N Until Plane 
Grinding Beuhler Hercules 
S rigid grinding 
disc 
9µm diamond 
suspension 
150rpm 
Complimentary 
26N 5:00 
Polishing 
Beuhler Ultrapol 
3µm diamond 
suspension 
150rpm 
Complimentary 
26N 3:00 
Polishing 
Buehler Ultrapol 
0.05µm 
colloidal silica 
150rpm 
Contra-rotating 
26N 2:00 
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Samples were inspected under an optical microscope between each step in the procedure, 
with additional time given to steps as necessary to remove all scratches at that size. An 
ultrasonic bath was utilised between each stage to prevent contamination and ensure 
cleanliness. 
Once polished, samples were immersed in the ultrasonic bath for 15 minutes and then 
cleaned with Acetone and dried prior to being placed into a de-humidified cabinet.  
3.3.1.2 Gold Sputtering 
The examination of samples by SEM relies upon sufficient conduction of electrons from the 
sample surface to ground. In the case of non-conductive samples such as ceramics, this can 
be achieved by sputtering a layer of carbon or gold onto the surface, in order to provide a 
conductive pathway. 
While initial observations of MMC samples were performed without sputtering, it was 
found that the surface became locally charged, presenting difficulties in focussing at high 
magnifications, and creating a degree of “beam wandering”. Beam wandering occurs when 
a charged area of the sample deflects the imaging beam slightly, this is particularly 
noticeable when conducting multiple pass EDS scans, as the beam does not return to the 
intended position on subsequent passes, creating a blurred image. Samples were therefore 
gold sputter coated to prevent this, gold was selected in preference to carbon as some of 
the samples of interest contained carbide particles, therefore it is easier to distinguish the 
spectra of the coating and the material of interest. 
A commercial sputtering machine was utilised (Agar Auto Sputter Coater 103A, Agar 
Scientific) with a maximum of 3x 25mm diameter samples processed at any one time. The 
sample surface was kept between 20mm and 30mm from the gold sputtering target. 
Sputtering was conducted for a duration of 40 seconds, utilising Argon atmosphere and a 
sputtering current of 20mA. 
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3.3.1.3 Sample Preparation for SEM Analysis 
Samples were mounted on aluminium stubs, with conductive silver paint utilised to 
connect the sample surface to the stub and the SEM stage. 
3.3.1.4 Sample Preparation for Optical Microscopy 
Sample preparation for optical microscopy followed the metallographic preparation 
procedure as given in Table 15, where samples were to be inspected by both SEM and 
optical microscopy. Where optical microscopy was the only inspection to be conducted, the 
final 0.05µm colloidal silica process was omitted as unnecessary. 
3.3.1.5 Sample Preparation for Hardness Analysis 
Samples for analysis by micro-indentation hardness testing were polished according to the 
same procedures described for optical microscopy or SEM. Samples were then mounted in 
a flat top sample holder for measurement and analysis. 
3.3.2 Stereo Microscopy 
3.3.2.1 Objectives 
 To compare the geometric accuracy of the differing materials (matrix vs MMCs) 
after powder bed LM processing. 
 To identify macro-cracking and compare between materials/processes. 
3.3.2.2 Methodology 
Stereo microscopy was utilised to provide a comparative examination of as-deposited 
powder bed LM samples, at a magnification of 2x. The microscope used was a calibrated 
Nikon SMZ 745T (Nikon Corporation, Japan). 
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3.3.3 Optical Microscopy 
3.3.3.1 Objectives 
 To examine sample sectional geometry and accuracy (sidewall/top surface 
straightness/roughness). 
 To measure areal porosity and determine variations due to Z height, material or 
processing route. 
3.3.3.2 Methodology 
Optical microscopy has been conducted as part of many of the experiments within this 
study. All samples examined were prepared according to the metallographic sectioning and 
polishing procedures laid out in Table 15. 
The microscope used was a Leica DM400M (Leica Microsystems, Germany), with samples 
imaged using Buehler Omnimet v9.0 (Buehler, USA) image acquisition software at a 
magnification of 2.5x. The Omnimet software being able to provide calibrated 
measurement of features and generate image montages to provide a greater appreciation 
of the entire sample. The microscope was periodically calibrated at all magnifications 
throughout the duration of this study. 
Porosity measurement was made at a magnification of 10x, at six positions on each cross 
section; twice within the top third, twice in the central section and twice in the bottom 
third, just above any cracking or dilution with the substrate. Contrast thresholding was 
used to distinguish material from voids in the optical micrograph captured, with data 
gathered on the number of individual voids and their areas. Contrast thresholding analysis 
selects regions of an image based upon their contrast values compared to the rest of the 
image. For a micrograph where solid material appears “bright” whereas porosity and 
defects appear dark, a threshold may be set such that the image analysis software will 
select only the darker areas which may be judged to be defects of some kind (both 
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porosity, inclusions and optical artefacts may therefore be included). The proportion of the 
image which has been selected, based upon the thresholds set, may then be reported as a 
proportion of the overall image and an areal porosity measurement obtained. For this 
investigation a threshold was selected and maintained for all samples, unless significant 
polishing defects or a non-flat sample was noted, in which case the threshold values were 
adjusted to give a realistic representation of the material defects visible. 
3.3.4 Hardness Analysis 
3.3.4.1 Objectives 
 To identify any potential changes in the mechanical properties of the deposited 
material due to reinforcement addition to matrix materials when processed by 
powder bed LM. 
 To measure the extent of variation in material properties due to processing 
technique (powder bed LM vs PTAW). 
3.3.4.2 Methodology 
Micro-Indentation Hardness measurement is an accepted method for determining the 
hardness of materials using a micro sized indenter, with measurements made by optical 
microscopy. For this study indents were performed using a Buehler Micromet 5101 micro-
indentation hardness tester (Buehler, USA) with Vickers indenter at a load of 500g for 10s. 
Measurement of the indent, and calculation of the Vickers hardness was made using 
Buehler Omnimet MHT software (Buehler, USA) 
Hardness testing in order to evaluate a material’s strength is an established methodology, 
being more expedient than manufacture and testing of tensile specimens [337-339]. Of 
course it must be remembered that hardness is only an indication of relative properties. 
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Fully automatic indentation hardness testing was also conducted using a Wilson Hardness 
Tukon 1102 micro-indentation hardness tester (Wilson Hardness, USA) with Buehler WIN-
Control v2.98.6 software (Buehler, USA). Image recognition capability within the software 
enabled fully automatic hardness testing, such that significantly higher numbers of indents 
were realistically possible. To obtain an appreciation of the variation in material properties 
within a sample, a matrix pattern of indents was used, with a regular 0.25mm spacing, 
adhering to the appropriate standards with regards to minimum indent spacing [282], as 
can be seen in Figure 45 each indent is effectively made in isolation with no interaction 
between adjacent indents. In order therefore to examine the hardness distribution within a 
complete sample cross-section, over 2500 indents were made, with a manual check of the 
reported values made and a variety of the reported measurements re-examined manually 
to ensure accuracy. Indents were made using 300gf for a duration of 10s. 
 
Figure 45: Example of indentations made and spacing 
Various proprietary image recognition and auto-focussing algorithms were utilised, and an 
optimised combination of edge/corner identification methods was selected based upon 
trials with the appropriate samples. However the need to manually check values meant a 
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practical limit of a 5mmx5mm sample area was used for comparing hardness distribution 
measurements between multiple samples. 
3.3.5 SEM Imaging  
3.3.5.1 SE/BSE SEM Imaging 
3.3.5.1.1 Objectives 
 To examine the microstructure formed during processing of both LM and PTAW 
samples of IN625 and MMCs in context with EDS measurement to identify 
composition. 
 To make a qualitative assessment of reinforcement distribution, homogeneity and 
form. 
3.3.5.1.2 Methodology 
Scanning Electron Microscopy (SEM) utilises an electron beam to probe the surface of a 
sample, providing both topographical and compositional imaging. This permits an 
evaluation of the materials microstructure to be made for the purposes of comparing 
processing parameters or the differing characteristics of materials. Although optical 
microscopy typically requires a simpler and easier sample preparation in order to obtain 
similar microstructural information, in the case of highly corrosion resistant superalloys 
highly aggressive etchants are required to obtain a suitable image. As samples were to be 
prepared for SEM in order to obtain EDS information anyway, the microstructural 
information required was also gathered using SEM at the same time, enabling it to be 
assessed in context with the compositional information. 
The SEM utilised for this investigation was a Carl Zeiss Sigma microscope column, utilising 
the Field Emission Gun – SEM principle. Although the exact working distance of each 
sample may differ slightly, all images were taken at a beam voltage of 20-25kV, with 
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aperture sizes of either 30µm or 60µm at a working distance of approximately 6-8mm. The 
parameters were selected on a sample by sample basis to provide sufficient count rates for 
reliable EDS measurement, or to reduce any charging effect if present. 
 
Figure 46: SEM sample in chamber at loading position 
Samples were imaged using both Secondary Electron detection (for topographical contrast) 
and Back Scattered Electron detection (for atomic number contrast) [340]. After polishing a 
slight relief between phases may be apparent in the secondary electron image, while the 
difference in phase composition is readily seen in the back scattered electron image. A 
difference in the average atomic number of an area imaged results in a difference in back 
scattered electron intensity (η), if different portions of the inspected area have a differing 
composition, then this may be represented as a difference in contrast according to 
Equation 5. 
𝐶 =
(𝜂1 − 𝜂2)
𝜂2
 
Equation 5 : Back scattered electron contrast C calculated from backscatter intensity coefficients of two 
phases η1 and η2 [340] 
  
30mm 
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3.3.5.2 EDS Analysis 
3.3.5.2.1 Objectives 
 To quantify the degree of substrate dilution with deposited material. 
 To quantify compositional homogeneity of deposited material & relate to 
feedstock/specifications. 
 To aid in identifying phases formed during MMC processing. 
3.3.5.2.2 Methodology  
Energy Dispersive X-Ray Spectroscopy (EDS) is an analytical technique often coupled with 
SEM. EDS is able to identify the elemental composition of a sample, based upon the X-ray 
spectra emitted when a volume is probed by the electron beam. Probing the sample with 
the electron beam of the microscope excites the electrons of an atom, such that an 
electron is ejected from its inner energy shell. When an electron drops back to fill this hole 
from a higher energy shell, a characteristic X-ray is emitted, which can be used to identify 
the element being probed. 
When coupled with SEM imagery, this technique is particularly useful for examining the 
distribution of elements within an area of a sample, as well as their relative proportions 
from either specific points or areas. 
For this investigation, an Oxford Instruments XMaxN Silicon Drift Dectector EDS system 
(Oxford Instruments, UK) was utilised, having a 50mm2 detector area, with Aztec v2.0 
software analysis suite providing data processing. Where samples were gold sputtered, this 
was noted in the software and the peaks devolved from the spectra obtained. 
It is worth noting that the detection of light elements can be exceptionally difficult by 
conventional EDS systems. Theoretically all elements from atomic number 4(Be) up to 
92(U) can be detected by EDS, however most general purpose EDS detectors have a lower 
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limit of atomic number 10, ruling out the accurate detection of carbon, nitrogen or oxygen. 
The XMaxN detector is potentially capable of light element detection. However the 
measurement of carbon remains an issue due to background and sample contamination, 
therefore no accurate measurement could be obtained and was not considered accurate.  
For the examination of small features by EDS, particularly in the case of 1µm sized particles, 
it is important to consider that SEM is not a purely 2D technique, and that the beam will 
have a 3D interaction volume within the material, whereby X-rays are emitted from atoms 
down to a certain depth within the material, dependent upon beam parameters and the 
materials composition. The depth, diameter and shape of this interaction volume is a 
unique function of beam parameters and sample composition and may be controlled by 
the beam voltage and aperture sizes. 
Therefore any measurement of small ~1µm particles will not be precise, but will be able to 
give an indication of relative compositions if this interaction volume effect is considered 
when interpreting results. Increasing the accelerating voltage of the electron beam will 
serve to increase the depth and diameter of the interaction volume, whilst the same beam 
incident on a material of higher atomic number will have a smaller interaction volume than 
that of a lighter element. For the analysis of bulk composition over an area, the interaction 
volume does not influence the interpretation of results. 
3.3.5.3 EBSD Analysis 
Electron Backscatter Diffraction analysis (EBSD) is able to identify crystallographic 
orientation at points in a sample, as well as identifying different phases of a material. EBSD 
analysis is performed when coupled to an SEM, with a highly polished sample oriented at 
~70o to the incident electron beam. A phosphor screen (at 90o to the beam) is then able to 
detect Electron Backscatter Diffraction Patterns (EBSPs). EBSPs are formed by electrons 
which leave the sample and are diffracted in a particular pattern according to the atomic 
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lattice planes present in the sample. These diffracted patterns hit the phosphor screen, 
which fluoresces, the images from which are captured by a camera on the other side. Also 
known as Kikuchi bands, this pattern can then be indexed to identify the phase and 
crystallographic information, such as lattice parameters. By gathering EBSPs from a sample 
area, a map of crystal orientations and phases can be compiled, though scanning times for 
a high resolution image can be high (>100hrs). 
Sample preparation for EBSD follows a similar regime to that used for SEM, however a final 
stage of vibratory polishing is included. This removes any surface deformation of the crystal 
structure caused by previous mechanical polishing stages, enabling detection of Kikuchi 
bands. Vibratory polishing was conducted using a Buehler Chemomet cloth, with 0.05µm 
colloidal silica polishing media on a Buehler Vibromet 1000 (Buehler USA). Given the high 
hardness of Inconel 625, the best results and polishing rates were found with additional 
weight of 100g added to the sample holders, with a polishing time of 4hrs.  
3.3.6 Compositional Analysis 
3.3.6.1  X-Ray Diffraction 
3.3.6.1.1 Objectives 
 To compare feedstock material phases with those formed in deposited material. 
 To identify which phases are formed in MMC processing. 
3.3.6.1.2 Methodology 
X-Ray diffraction was also utilised in determining the phases present in deposited material, 
for comparison with the original feedstock powders. Deposited samples were sectioned by 
abrasive saw to provide a flat surface, cleaned and placed into a sample holder such that 
the sample surface was flat and parallel with the holder surface. As with the powder 
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analysis, scans were made from 5o to 100o 2θ, using 0.01o steps on the same Panalytical 
Empyrean equipment and Highscore software. 
3.3.7 Micro Computed Tomography 
3.3.7.1 Objectives 
 To provide a qualitative assessment of the distribution and nature of porosity in 
both powder bed LM and PTAW deposited materials (including MMCs). 
 To provide a quantitative analysis of bulk material defects, material relative density 
and the size distribution of defects. 
3.3.7.2 Methodology 
CT scanning is a method of non-destructive 3D imaging, developed initially as a diagnostic 
tool for medicine [341] but subsequently refined and applied successfully to a host of other 
fields [342]. The underlying principle is that an object is imaged from many different 
directions using penetrating radiation (typically X-rays), a computer is then employed to 
reconstruct the internal 3D structure of the object from the intensity values in the 
projected images. This is achieved by rotating the object through 360° about a fixed axis, 
such that the X-rays are able to penetrate it from all directions. Object reconstruction is 
achieved using filtered back-projection [343].   
Samples were scanned using an XT H 320 LC X-ray system (X-Tek Systems Ltd, UK; now 
owned by Nikon Metrology, UK) which utilises a cone beam configuration. Ideally, the 
reconstructed model should have the best possible resolution – i.e. the volume element 
(voxel) size in the reconstructed volume should be as small as possible to allow 
differentiation of physical features on the smallest possible length scale. This is achieved by 
exploiting geometric magnification of the projection images, made possible by the 
divergence of the conical X-ray beam.  
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Samples were scanned with 160kV X-ray energy, 2.9W beam power, 2s exposure per 
projection and a ×22 geometric magnification factor with 30dB detector gain. A 0.125mm 
tin filter was used in order to remove lower energy X-rays from the beam; this serves to 
lower the background intensity below saturation and reduces beam hardening artefacts in 
the reconstructed volume. The combination of settings and sample projections (between 
2189 and 2612 projections per sample depending on geometry) yielded a reconstructed 
voxel size of 9.09μm, with an approximate geometric un-sharpness of 9.16µm (<1%). The 
smallest resolvable object is typically regarded to be 8 voxels in size (although this can be 
arranged either as a cube or long rod shaped aspect ratio). 
Samples were positioned in the scanner vertically with their central axis coincident with the 
axis of rotation. This facilitates the greatest possible magnification, but results in sub-
optimal X-ray conditions [344].  
Data was reconstructed by Dr. John Thornby, WMG using CTPro (Nikon Metrology, UK), 
yielding a 3-dimensional voxelised representation in which the grey value of each volume 
element represents the X-ray attenuation characteristics of material within that volume. A 
grey level thresholding process identifies the presence of voxels containing material, from 
those which do not (voids), data can then be visualised as a model in 3D (or in any one of 
three orthogonal 2D cross-section views) within Volume Graphics Studio Max 2.2 (Volume 
Graphics GmbH, Germany). This software facilitates dimensional measurement and visual 
inspection of features within the volume. Virtual tools are also available to perform a more 
precise defect characterisation, in the form of crack detection and porosity analysis. 
For each sample, a Region of Interest (ROI) was identified, as the exterior surfaces, which 
was then eroded by 18 voxels to remove surface deviations and noise from the 
measurement volume. The input data was smoothed using a 3 voxel median filter, which 
set the grey values of each 3x3x3 cube of adjacent voxels to their median value. While this 
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filtering does reduce the volume of measured defects slightly compared to their absolute 
size, it is a requirement of the analysis process in order that defect detection can be 
conducted, thus reported values will be an under-estimation. Defect analysis was 
performed using the v2.1 Enhanced algorithm within Volume Graphics, and considered 
defects larger than 15 voxels in size in order to remove the majority of falsely identified 
noise defects. 
3.3.8 Tensile testing 
3.3.8.1 Objectives 
 To determine the mechanical properties of PTAW deposited IN625 from room 
temperature, up to and beyond expected service temperatures. 
 To provide an assessment of the material properties variability between differing 
positions within built material and between differing builds. 
3.3.8.2 Methodology 
To begin to characterise and understand a materials properties with a view to practical use 
in engineering applications, three important values should be obtained.  
 Yield strength: the stress at which a materials deformation changes from elastic to 
plastic. 
 Ultimate Tensile Strength: the stress at which the material fractures. 
 Stiffness or Young’s Modulus: the ratio of stress applied to deformation produced 
in a material (as expressed in Equation 6). 
 
𝑌 =
𝑠𝑡𝑟𝑒𝑠𝑠
𝑠𝑡𝑟𝑎𝑖𝑛
=
𝐹 𝐴⁄
∆𝑙 𝑙𝑜⁄
 
Equation 6: Young’s Modulus 
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The data for these properties can be obtained by means of tensile testing, whereby an 
instrumented sample of known geometry is placed in tension, at a controlled rate, while 
force and extension are measured to provide a stress vs. strain plot. 
In order to conduct a tensile test, equipment constructed to meet the relevant standards is 
usually used, while room temperature testing frames are relatively common place, 
elevated temperature testing equipment is less readily available. Two pieces of equipment 
were used in this work, a standard Instron test frame capable of oven heating a sample 
from room temperature to 200oC, and a hydraulically driven machine known as a Gleeble 
capable of quickly heating samples by electrical resistance to over 1000oC. 
3.3.8.2.1 Specimen Geometry & Manufacture 
The geometry of specimens and test procedures for tensile testing can be defined from 
international standards. BS EN ISO 6892 parts 1 and 2 provide guidelines for the tensile 
testing of metallic materials (part 1) and tensile testing at high temperature (part 2). While 
no specific geometry and gripping method is stipulated, ASTM E21/09 suggests that pin & 
clevis type grips provide good axial alignment for high temperature testing. As two differing 
tests were to be conducted on different equipment to characterise the materials properties 
over a wide temperature range, it was necessary to utilise a sample geometry which was 
suitable for both pieces of equipment. 
All samples were machined to within ±0.1mm of the dimensions shown in Figure 47, the 
geometry used was recommended based upon the experience of existing users of the 
Gleeble system at Swansea University, with initial tests conducted to confirm its suitability 
in this material (further discussion on the sample geometry requirements for Gleeble based 
tensile testing in Section 3.3.8.2.3) 
To achieve sufficient geometric accuracy and surface finish, samples were machined to the 
required profile by conventional CNC processes, and the top of the deposit milled flat and 
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parallel with the substrate. Conventional solid carbide tooling was utilised, with a wear 
resistant and thermally conductive coating, a new tool was utilised for the finishing cut to 
ensure geometric accuracy and a high quality surface finish with the minimum possible 
work hardening. A feed speed of 150mm/min was utilised, at a spindle speed of 450rpm, to 
provide a cutting speed of 14m/min. 
 
Figure 47: Tensile sample geometry for Gleeble & Instron testing (1mm thick) 
 
 
Figure 48: PTA IN625 deposited "billet" (top) machined profile (bottom) 
25mm 
25mm 
162 
 
Wire - Electrical Discharge Machining (W-EDM) was utilised to slice samples from the 
profiled deposit at approximately 1mm thicknesses, with the exact dimensions confirmed 
by measurement with a handheld micrometer before testing (Mitutoyo, etc) (±0.01mm). 
The material batch and position within the deposited material was recorded for each 
sample as they were cut. Figure 49 shows the samples from one PTAW build (labelled in 
this case as B3), with each sample labelled according to its removal from the billet, with #1 
at the top surface and #16 the last sample cut close to the substrate. If any visually 
detectable defects, such as those highlighted in Figure 49 were observed in the 
manufactured samples, they were utilised for setup/trial runs rather than forming part of 
the final dataset. As can be seen in Figure 49, such defects occurred only in the top 
sample(s) from the deposited pre-form as a result of the shape of the top surface, not any 
internal defects. Sample 1 from each batch was therefore typically discarded as being 
outside of the bulk material. 
The use of W-EDM to manufacture tensile test samples from MMC materials has been 
previously reported by Zheng et al., [173], who then polished the surface of the samples to 
remove any surface defects. In order to minimise the effect of the EDM re-cast layer the 
surface of each sample was therefore lightly abraded with 600 grit silicon carbide paper 
before measurement and testing. 
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Figure 49: W-EDM cut tensile samples, labelled according to build number and position within the build. 
3.3.8.2.2 High Temperature Testing – Ambient Heating(Instron) 
While ISO 6892:1 describes procedures for room temperature tensile testing (< 35 oC), part 
2 of the standard expands upon this, giving guidelines for testing at elevated temperature, 
with which the 5800R tensile testing frame and 2525 Series 100kN load cell (Instron, USA) 
utilised complied. 
ASTM E21-09 indicates that any measurement of yield strength obtained using cross-head 
displacement alone is of “inferior accuracy”, with significant compliance in the 
measurement column and cross head at temperature producing a significant measurement 
error. Therefore the use of accurate extensometry is highly desirable, though conventional 
mechanical extensometers are difficult to apply within high temperature radiant furnaces 
not already equipped for the purpose.  
Testing may be conducted at constant cross-head velocity or at constant strain rate. Testing 
at constant strain rate is preferred for accuracy, providing feedback from extensometry is 
available during the test. 
164 
 
Practically however, high temperature extensometry was not available to use for this 
experimentation, with cross head position being relied upon and tests conducted at a 
constant 2mm/min cross head velocity. To reduce the inaccuracies associated with this test 
method, sample geometry was designed such that the maximum load was small (~10%) 
compared to the maximum rating of the test frame, jaws/load path and load cell, in order 
to minimise any systematic compliance. Ambient heating was also therefore only utilised 
up to 200oC such that machine compliance was not significantly increased by any decrease 
in the frames materials properties at temperature. To avoid sample buckling due to 
thermal expansion, samples were allowed to reach a steady thermal condition in the test 
chamber prior to installation in the grips. 
Although testing was conducted at a load of approximately 10kN, being comparatively 
“low” load for the capability of the frame and load cell employed, the sensitivity and 
accuracy of the load cell is still sufficient to measure the forces involved. Having a ±0.25% 
linearity and repeatability of measurement over 0.4-100% of the load cell rating (so in this 
case >400N)[345]. 
Room temperature testing was conducted using a standard clip on extensometer (Instron, 
USA), although to maintain parity with higher temperature testing, a 2mm/min cross head 
velocity was still utilised. 
Each test was described according to its failure mode, A, B or C, dependent upon the 
initiation point of the failure shown schematically in Figure 50. An A failure is one which 
occurs in the central portion of the gauge length, a B failure initiates in the gauge length 
but propagates outside of the gauge length, whereas a C failure initiates and propagates 
outside of the gauge length. Where a C failure occurs, this indicates a need to repeat the 
test, while a B failure is notionally acceptable (as failure has occurred in the reduced gauge 
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length section), it should be repeated if possible. Where necessary, tests were repeated 
such that a minimum of 3 A-B class failures were obtained for each test temperature. 
 
Figure 50: Schematic of failure mode categorisation 
Ambient heating tensile tests were conducted at Room Temperature (21oC), 100oC and 
200oC, (±2%) as measured by a thermocouple attached to the samples surface, in the 
configuration shown in Figure 51. Three room temperature tests were also conducted using 
samples which had been annealed at 870oC for 1hr and slowly cooled. 
 
Figure 51: Tensile testing configuration on Instron 5800R frame with ambient heating oven and control 
thermocouple in place 
250mm 
166 
 
3.3.8.2.3 High Temperature Testing – Resistance Heating (Gleeble) 
To achieve high temperature tensile testing beyond 200oC, a Gleeble 3500 Thermo-
mechanical simulator was utilised. The Gleeble heats the specimen by passing a current 
through it and utilising the specimens’ electrical resistance to generate heat within the 
material. The temperature of the sample is controlled by feedback from a thermocouple 
spot welded to the surface of the specimen at its centre point. 
The significant advantage in using resistive specimen heating is in the speed with which 
tests can be performed, with sample changeover significantly simplified compared to a 
furnace heating arrangement. The relatively small heated zone also reduces extensometer 
inaccuracy when using cross head displacement, as the samples gripped ends remain close 
to room temperature as the machine jaws are actively cooled to 18oC. 
The load capacity of the Gleeble system is given by the manufacturer’s specifications as 
98kN, which is comparable to that of the Instron frame at 100kN. Samples were designed 
such that the expected load at failure fell within a range from 5kN to 15kN depending upon 
the test temperature. Importantly this load range is low enough so as not to cause 
significant deflection of the cross-heads or machine frame, but high enough that the 
measured load falls within the systems sensitivity. The Gleeble 3500 system used was 
capable of a resolution of 0.01kN ±1% force measurement and 0.002mm ±0.5% 
displacement measurement [346]. This high displacement accuracy was achieved by using 
an “L-gauge” extensometer as shown in Figure 52 to measure displacement between the 
cross-head jaws, rather than relying upon the displacement of the cross-heads measured 
internally to the machine.  
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Figure 52 : Specimen prior to Gleeble testing – L-gauge extensometer installed to measure cross-head 
displacement 
A specimen geometry based upon the manufacturer’s recommendations and prior 
experience at Swansea University was utilised, as this has a significant impact upon the 
temperature distribution within the specimen (being non-uniform). By reducing the cross 
sectional area of the specimen in the centre, a greater temperature can be achieved as its 
electrical resistance will be lower compared to the gripped ends. This is particularly true in 
flat sheet specimens rather than square or round bar. 
As a result of this non-uniform temperature distribution, traditional notions of the 
specimens gauge length no longer apply, the gauge length may therefore be re-defined as 
the length of the iso-thermal region in the centre of the specimen. Assuming that the 
remainder of the sample is at a significantly lower temperature, and may therefore be 
considered as outside of the test region. The iso-thermal region for these tests was defined 
as the distance until a 10% drop in temperature was detected compared to the 
programmed value achieved at the centre of the specimen, for most samples, this 10% cut-
off coincided approximately with the mechanical 25mm gauge length. 
30mm 
L-Gauge 
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The specimen geometry therefore serves two purposes, firstly to determine the specimen 
gauge length mechanically, and secondly to determine the thermal gauge length. Ideally 
therefore a specimen geometry which results in both the physical and thermal gauge 
lengths coinciding is deemed to be ideal. Due to the effects of resistive heating, and the 
constant thermal transfer out of the sample towards the machines water cooled grips, 
there is a temperature difference between the surface of the specimen and its centre.  
The work of Zhang et al., [116] provides a detailed examination of the temperature 
distribution within a 10mm diameter steel bar specimen. At 1200oC a temperature 
difference of 28oC (2.3%) was measured between the sample surface and core, while at 
900oC the difference is only 5oC (0.55%) over a 5mm radius. For this reason a thin specimen 
geometry was selected, such that the temperature decrease between core and surface 
could be regarded as negligible. The work of Farup et al., [347] shows the variation in strain 
rate through a cylindrical sample during tensile creep testing, again illustrating that at high 
temperatures there is a significant difference in conditions and mechanical behaviour with 
radial distance from the centre of a sample, this is small at less than 1mm, but increasingly 
large beyond this. 
Research into an optimum specimen design for the purposes of high temperature tensile 
testing has been conducted by Norris and Wilson [348], who showed through both 
numerical simulation and physical validation that a flat specimen with a high gauge length 
to thickness ratio and small corner radii provides the closest temperature distribution to 
the theoretical optimum (shown in Figure 53). Therefore the specimen design 
recommended and utilised in this work followed these guidelines and confirmed the 
thermal profile not only by the placement of thermocouples, but also through the use of IR 
Thermography, which is able to make a continuous measurement of the thermal profile at 
the samples surface. The equipment configuration for IR Thermography of samples under 
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test is shown in Figure 54, while the placement of additional thermocouples to corroborate 
the thermograph recordings is shown in Figure 55. 
 
Figure 53 : Optimised specimen design vs  ideal profile for thermal gauge length [348] 
 
Figure 54 : Gleeble test chamber with IR thermal camera to record thermal gauge length 
The thermal gauge length of each individual tensile test was determined using Infra-Red 
Thermography (FLIR T425, FLIR Systems Inc, USA), typical accuracy ±2oC or 2%. The 
challenges of accurate IR Thermography are well known, with temperature measurement 
150mm 
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based upon not only the emissivity of the materials surface (which varies with temperature 
and surface texture), but also the distance from the specimen and the relative humidity of 
the atmosphere through which the specimen is viewed. However the materials emissivity is 
also dependent not only upon its temperature, but also its surface texture. As a result, the 
emissivity of the specimen varies within the frame based upon temperature (with a 
differential of several hundred degrees between the sample centre and gripped ends). The 
emissivity also alters with time throughout the duration of the tensile test, as a variation in 
surface texture occurs when the material is strained. 
 
Figure 55: Thermal profiles measured by IR Thermography were corroborated by thermocouple 
measurement 
It was therefore decided that the emissivity value be updated throughout the test, such 
that the temperature recorded in the centre of the specimen was the same as that 
recorded by the control thermocouple, to within an accuracy of 5%. It was found necessary 
that the side of the specimen monitored by IR Thermography was not the same as that to 
which the thermocouple was welded, as the spot welds were of a different emissivity and 
so altered the temperature recorded. 
30mm 
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The thermal gauge length could then be determined post-test based upon the temperature 
profile recorded by IR Thermography. The temperature distribution was measured along 
three lines placed down the specimens’ length, the average of which was then taken as the 
distribution along the length, an example for a test at 1000oC is shown in Figure 56. The 
temperature of the specimen does also vary across the width, however the actual 
difference between the centre and edge of the specimen is on the order of 10oC to 20oC (a 
variation of <2% from the target temperature) and so the average was deemed a sufficient 
representation. 
IR thermograph measurements were calibrated against the known gauge length to provide 
a value of pixels/mm for each individual test to an accuracy of 2% (thus accounting for any 
movement of the camera between tests). This procedure was conducted for every test 
temperature, and every repeat at that temperature with thermal and mechanical gauge 
lengths recorded for each test to ensure the best possible accuracy for calculation of yield 
and ultimate strengths, as well as Young’s Modulus. 
Specimens were installed in the wedge & pin jaws, and clamped with a pre-load force 
exerted by two threaded spacers, which serve to clamp the wedge jaws around the sample. 
A pre-load of approximately 50kg was utilised. Specimens were then heated at 
10oC/second to the desired test temperature, during which a small traverse of the grips 
was made to account for thermal expansion of the specimens and so avoid compressive 
buckling. A dwell of one minute allowed the temperature within the specimen to stabilise 
before test was commenced. A strain rate of 2mm/min was utilised, with extension 
continuing until complete failure of the specimen. A minimum of five repeats was made for 
each test temperature, at every 100oC from 200oC up to 900oC, (the maximum realistic 
operating temperature for any IN625 component) with a minimum of three A-B class 
failures at each temperature.  
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A one-off test was also conducted at 1000oC, and another at 1100oC to provide some data 
for these extreme temperatures. 
 
Figure 56: Measured thermal gauge length at 1000
o
C using IR Thermography 
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4 Experimental Results & Discussion 
 
4.1 Raw Materials & Feedstock Preparation 
4.1.1 Characterisation of powder materials  
The following section details the results of an investigation into feedstock powder 
characteristics, and their mixing behaviour in order to form MMC powder mixtures for use 
in powder bed LM. 
Statistics for the overall PSD from the LD measurements are given in Table 16, showing the 
variations between the individual powders and mixed batches, these will be referred to in 
the following section. 
Table 16: Complete PSD data for all feedstock powders  
Powder 
d10 
 (µm) 
d25 
 (µm) 
d50 
 (µm) 
d75 
 (µm) 
d90 
 (µm) 
Mean  
(µm) 
Error 
 (µm) 
IN625 54.1 60.29 68.57 78.38 89.07 70.58 ±8.4 
TiC 2.12 3.85 9.24 50.45 68.57 25.72 ±15.9 
IN625+TiC 22.37 32.02 40.46 52.12 102.8 49.88 ±18.8 
Ti (Cp) 56.46 67.58 80.47 92.45 102.6 80.05 ±9.9 
C (graphite) 7.98 17.07 37.38 69.29 112.4 49.91 ±25.0 
Ti+C 6.65 11.13 19.55 42.03 85.38 33.67 ±20.2 
IN625+Ti+C 4.06 7.82 50.06 68.54 87.19 45.65 ±23.3 
 
4.1.1.1 IN625 feedstock powder: 
The powder utilised as the IN625 matrix material was supplied by LPW technology (LPW 
Technology Ltd, UK), having been produced by gas atomisation under inert nitrogen 
atmosphere. Powder was supplied with a particle size specification of between 44-88µm, 
as reported by the supplier based upon a sieving test. 
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4.1.1.1.1 Morphology – SEM- IN625 
The SEM micrograph shown in Figure 57 shows spherical IN625 powder particles, as 
expected from a gas atomised powder. However, one significant feature is apparent and 
aids in explaining the PSD behaviour seen during powder mixing with TiC (Section 4.1.1.5). 
A high proportion of the particles do not approximate an ideal sphere, with spatter-like 
satellite particles or irregularities. These additions served to increase the average particle 
sizes measured in the powders original state, but were easily knocked off/smoothed during 
mixing, effectively reducing the observed powder size without significantly altering the 
primary morphology. 
 
Figure 57 : Back scattered electron image of IN625 feedstock powder 
4.1.1.1.2 Particle Size Distribution – LD – IN625 
An assessment of the PSD using LD was conducted, with results shown in Figure 58, and the 
d90 value is 89µm, as shown in Table 16, confirming that the powders are supplied to 
specification (an explanation of LD techniques and d90 is given in Section 3.2.1.2.1). 
Notably the distribution extends significantly beyond 88µm with a small volume of particles 
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up to ~150µm; this was assessed to be an over-estimation due to the satellite irregularities 
noted as part of the powders morphology. 
 
Figure 58: PSD of IN625 feedstock powder 
4.1.1.2 TiC feedstock powder 
The Titanium Carbide (TiC) feedstock powder utilised was supplied by Pi Kem Ltd, UK, 
having been produced by milling/grinding and supplied as having a range of 60-200µm, 
with a more precise specification of d90<179.3µm, d50<115.7µm and d10<41.68µm. 
4.1.1.2.1 Morphology – SEM- TiC 
A qualitative examination of Figure 59 showed few larger particles in the region of 40µm, 
while a higher magnification image shown in Figure 60 shows that the majority of particles 
appear to be significantly smaller than 10µm, as confirmed by LD measurement of PSD. 
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A typical angular morphology as expected from a ground/milled ceramic powder was 
observed. While particles do have an angular irregular shape, their overall aspect ratio does 
not deviate significantly from 1:1, with no notable long or short axis evident. 
 
Figure 59: Back scattered electron image of TiC powders  - low magnification 
 
Figure 60:  Back scattered electron image of TiC powders – high magnification 
177 
 
4.1.1.2.2 Particle Size Distribution – LD- TiC 
The PSD measurements shown in Figure 61 illustrate that unlike the tightly controlled gas 
atomised powders, ceramics produced by milling/grinding processes have a wider multi-
modal size distribution unless smaller particulates are sieved out. Although, as seen in 
Table 16, 90% of the powder by volume is under 68µm, there is a significant proportion 
(50%) under 10µm. This differs significantly from the manufacturers quoted distribution 
with measurements reporting a generally lower particle size than the supplied datasheets, 
which may be due to segregation during transport or sampling. 
 
Figure 61: PSD for TiC feedstock powder 
4.1.1.3 Ti feedstock powder 
The powder utilised as the Ti component for  in-situ forming of TiC was commercially pure 
Ti, supplied by LPW technology (LPW Technology Ltd, UK), having been produced by plasma 
atomisation under inert atmosphere. 
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4.1.1.3.1 Morphology – SEM - Ti 
Investigation of the powders morphology shown in Figure 62, shows the expected spherical 
morphology for an atomised powder. The satellite type irregularities seen in the IN625 
powder are present, however to a much smaller degree, and overall powder particles are 
closer to an idealised sphere. 
 
Figure 62: Back scattered electron image of commercially pure plasma atomised Ti powders 
4.1.1.3.2 Particle Size Distribution – LD - Ti 
Powder was supplied with a specification of 45-106µm, according to sieving tests 
conducted by the supplier, 0.3% of the material was larger than 106µm, whilst 4.3% was 
smaller than 45µm in diameter. This specification is largely is confirmed by the PSD shown 
in Figure 63, and distribution statistics in Table 16. 
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Figure 63: PSD of TiCp feedstock powder 
4.1.1.4 Graphite (C) feedstock powder 
The powder utilised for the C component for the in-situ forming of TiC was commercially 
available graphite, supplied by The Graphite Trading Company (Graphite Trading Company 
Ltd, UK), having been synthetically produced at 99% purity, and sieved to <106µm. 
4.1.1.4.1 Morphology – SEM - C 
The SEM micrograph in Figure 64 shows the expected flake/platelet morphology for 
graphite powders. However, in addition to these flakes are a significant proportion of 
smaller particulates with a mixture of morphologies; from low aspect ratio fragments, 
which are angular but essentially blocky/cubic, through to acicular high aspect ratio needle 
like particles. 
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Figure 64: Back scattered electron image of graphite powders 
4.1.1.4.2 Particle Size Distribution – LD - C 
The PSD shown in Figure 65 is significantly skewed towards an over-estimate of the particle 
sizes present, due to the flake morphology of graphite powder which is unsuited to 
measurement by LD. However the d90 value given in Table 16 of 111µm shows that the 
majority of powder is in the desired range. 
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Figure 65: PSD of graphite feedstock powder 
4.1.1.5 IN625+TiC mixed powder 
To produce an MMC powder mixture, TiC was added to IN625 at 5wt% (8 vol%), with 
mixing/milling conducted using an alumina jar and steel media for up to 72hrs. 
4.1.1.5.1 Morphology – SEM – IN625+TiC 
An inspection of powders after only 1hrs mixing in Figure 66, shows an already well 
distributed mixture. There are no notable TiC agglomerations, nor any significant alteration 
in particle morphology. 
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Figure 66: Back scattered electron image of low energy ball milled Inconel 625 + TiC powders - 250x (1hr) 
After a full 72hrs of mixing, powders are thoroughly distributed, additionally as shown in 
Figure 67 the previously identified satellite particles have been removed from the IN625 
primary particles bringing their morphology closer to an idealised sphere. There is still no 
change in the primary morphology of either powder though. Some larger TiC particles are 
present, and appear to be thoroughly coated in smaller TiC particulates, as can be seen in 
Figure 68. 
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Figure 67: Back scattered electron image of IN625+TiC powder (alumina jar & steel media - 72hrs) 
 
Figure 68: Back scattered electron image of IN625+TiC mixture 
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4.1.1.5.2 Particle Size Distribution – LD – IN625+TiC 
After mixing, the PSD shown in Figure 69 was obtained. The large peak at 20-60µm 
represents the majority of IN625 particles, with a smaller proportion of large TiC particles. 
The size distribution of IN625 appears to have decreased from 40-88µm, based upon 
evaluation of the powders morphology, it can be seen that this was likely an initial over-
estimate in the PSD measurement of the IN625 feedstock powder, due to spatter-like 
satellites as described in 4.1.1.1. Mixing has altered the powders morphology slightly, 
resulting in a more idealised spherical particle, and so a more accurate LD measurement. 
The flat broad peak between 0.5-10µm comprises of free TiC particles, whose size has not 
been significantly altered from the original feedstock.  The larger particles observed at 70-
180µm are considered to be IN625 coated in TiC, or a combination of large TiC particles 
with associated coatings of smaller TiC particles. This is confirmed by examination of the 
powders by SEM to identify minor changes in morphology and the mixing behaviour. 
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Figure 69: PSD of IN625+TiC powder after 72hrs of mixing 
4.1.1.5.3 Composition – EDS – IN625+TiC 
The composition of several sample areas was measured by EDS, along with element 
mapping to aid in phase identification and qualitative evaluations of homogeneity. Figure 
70 shows that, as described above, there is a good distribution of unaffected IN625 and TiC 
particles, with two secondary phases, larger IN625 particles coated in small TiC particulates 
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and larger TiC particles with their own coating of smaller TiC. The element map shows an 
even intensity of Ti across the sample area, indicating a well mixed and homogenous 
feedstock material has been achieved. Compositional spectra for all sample areas have 
been collected, and are presented in Table 17 in Section 4.1.1.8.2. 
 
 
Figure 70: Back scattered electron image of IN625+TiC mixed powders and associated element map showing 
Ti distribution 
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4.1.1.6 Ti+C mixed powder 
The Ti and C powders described above were mixed at the stoichiometric ratio for TiC of 4:1 
by atomic weight. Mixing was then conducted in an alumina jar with either alumina or steel 
media for comparison of mixing behaviour/efficiency. 
4.1.1.6.1 Morphology – SEM – Ti+C 
After a mixing duration of one hour with alumina jar and media, little change has occurred, 
and homogeneity appears poor, as shown in Figure 71. The dark background phase in the 
image shows the graphite flakes, while the lighter spherical particles are Ti powder 
particles which show no discernible change from their original morphology. Small 
fragments of Ti can be seen in the image and indicate that there is sufficient energy in the 
mixing process to fracture them from the parent spherical Ti particles. However, after only 
one hours mixing the overall change to morphology is not substantial. 
 
Figure 71: Back scattered electron image of Ti+C after 1hr mixing (alumina jar & media) 
After a mixing duration of 24 hours using an alumina jar and media, impacting and damage 
of the spherical Ti particles begins to become apparent when viewed under secondary 
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electron imaging (Figure 72), the large Ti particle shown in the image is no longer spherical 
and abrasion damage can be seen on its surface.  There is an improvement in the 
distribution of small Ti fragments, however larger Ti particles are still the dominant form, 
and distribution is still poor (Figure 73). 
 
Figure 72: Secondary electron image of Ti+C after 24hrs mixing (alumina jar & media) 
 
Figure 73: Back scattered electron image of Ti+C after 24hrs mixing (alumina jar & media) 
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After a mixing duration of 72 hours, Ti particles have a flattened disc or barrel/cylinder 
morphology (Figure 74). The distribution of the larger particles has improved significantly 
compared to samples at 24 hours and 48 hours mixing duration. The quantity of smaller Ti 
fragments has also reached a more homogenous distribution and have increased in 
quantity. 
Mixing using steel media was attempted as the higher density of steel will result in higher 
impact energies. After only 18 hours duration using an alumina jar and steel media the 
platelet morphology has been achieved (Figure 75), whereas this was not apparent until 
between 48 and 72 hours when mixing using an alumina jar & media.  
After a full 72 hours of mixing with an alumina jar & steel media (Figure 76), an improved 
distribution of both disc and cylinder shaped large particles and finer fragments can be 
observed compared to the same duration of mixing using alumina media. 
 
Figure 74: Back scattered electron image of Ti+C powders after 72hrs mixing (alumina jar & media) 
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Figure 75: High magnification back scattered electron image of Ti+C after 18hrs mixing (alumina jar & steel 
media) 
 
Figure 76: Back scattered electron image of Ti+C after 72hrs mixing (alumina jar & steel media) 
191 
 
4.1.1.6.2 Particle Size Distribution - LD – Ti+C 
The PSD obtained after a full 72 hours mixing duration in an alumina jar with steel media is 
shown in Figure 77, as this was found to be the most homogenous and well mixed powder 
prepared, while further mixing for up to 120 hours duration showed no measurable change 
in the distribution of the powder mixture or the particle morphology 
The primary graphite peak has shifted from around 40µm to 10-20µm showing an overall 
reduction in particle size. The Ti particles, previously distributed from 50-100µm have been 
broken into two observed behaviours, one peak which is centred around 60µm, and 
consists of fractured and size reduced Ti particles and/or a proportion of unaffected 
particles. While a secondary smaller peak centred around 150µm exists, which may consist 
of undamaged Ti particles combined with graphite and/or graphite agglomerations. The 
majority of the contribution to this peak may also be a measurement over-estimation due 
to unsuitable particle aspect ratios of new disc shaped Ti particles. 
SEM/EDS investigation presented in Figure 80 also shows that there is a proportion of 
much smaller <10µm Ti fragments which have been generated as a result of milling, which 
will contribute to the large “graphite” peak and be included in overestimating that phase’s 
proportion. 
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Figure 77: Ti + graphite powder mixture after 72hrs mixing 
4.1.1.6.3 Composition – EDS – Ti+C 
Milling time has a significant effect on the morphology and characteristics of the Ti+C 
powders examined. As can be seen in Figure 78, after 4 hours mixing duration virtually no 
alteration of particle morphology has occurred, and homogeneity of the mixture is poor, 
with only a few Ti particles present in the sample. 
Size 
reduced 
graphite 
Size reduced 
Ti 
Disc like Ti + 
graphite 
193 
 
  
Figure 78: Back scattered electron image and EDS Map of Ti+C after 4hrs milling (alumina jar & steel media) 
After 72hrs mixing however the distribution of Ti in the powder sample has greatly 
improved, while its morphology has changed to a disc or platelet type due to impact with 
the milling media, as shown in Figure 79. 
  
Figure 79: Back scattered electron image and associated EDS map of Ti+C after 72hrs milling (alumina jar & 
steel media) 
Additionally, higher magnification inspection (Figure 80) shows a distribution of finer 
<10µm Ti fragments as a result of milling, which were not present in samples which had 
undergone shorter milling times. 
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Figure 80: Back scattered electron image and associated EDS map of Ti+C after 72hrs milling 
4.1.1.7 IN625+Ti+C mixed powder 
The Ti+C powder mixture prepared in the preceding section was added to IN625 at 5wt% 
(equivalent to 11vol%), and milled in an alumina jar for a duration of 72 hours with steel 
media, given the higher mixing efficiency shown by this combination in mixing Ti+C.  
4.1.1.7.1 Morphology – SEM – IN625+Ti+C 
After 72 hours of mixing (shown in Figure 81), the IN625+Ti+C mixture appears to be well 
mixed, although not to the degree seen in IN625+TiC mixing. It is difficult to discern if the 
graphite rich regions of the sample are due to agglomeration or preferential pickup during 
sampling of the lighter graphite particles. Ti platelets were present, and appeared to have a 
more irregular shape than the disc morphology achieved after the 72 hours of preparatory 
mixing. As no distinct change in morphology between 18 hours and 72 hours of mixing was 
observed in blending Ti+C, this is therefore thought to be due to interaction with the 
harder IN625 particles, rather than an effect of the cumulative 144 hours duration of 
mixing. Figure 81 shows a well-mixed distribution of carbon (dark phase) with titanium 
(disc like platelets) amongst spherical IN625 particles. 
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Figure 81 : Back scattered electron image of IN625+Ti+C after 72hrs mixing (alumina jar & steel media) 
After 72 hours of mixing, there is no appreciable change in the morphology of IN625 
particles, however graphite particles  have reduced in size. While the majority of graphite is 
freely distributed throughout the samples taken, a certain proportion have adhered to the 
spherical IN625 and platelet type Ti particles, shown in Figure 82. 
 
Figure 82: Back scattered electron image of IN625+Ti+C after 72hrs mixing (alumina jar & steel media) 
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4.1.1.7.2 Particle Size Distribution – LD – IN625+Ti+C 
The PSD resulting from a full 72 hours mixing duration is shown in Figure 83. Compared to 
the pre-mixing of Ti+C, the graphite size distribution is further reduced, with a slight 
secondary peak at 20µm, but very few particles between 30-40µm, a larger proportion of 
these smaller <15µm particulates are Ti fragments generated by the milling process. The 
secondary 20µm peak might well be graphite, or a mixture of graphite and Ti particles 
which have been further reduced in size after the initial Ti+C mixing. The IN625 particles 
have not been particularly affected by mixing. A small peak between 100-200µm are 
presumably intact IN625 with added graphite coatings/agglomerations. Also a proportion 
may be new disc shaped Ti particles after milling impacts which register as larger particle 
sizes depending upon orientation during LD. 
The size distribution of the IN625 powder phase remains largely unaffected after 72 hours 
of mixing. This may be due to the lubricating effect of the graphite present, which might 
change the dynamics of powder/media interaction, or it may be that any size reduction 
which has occurred has been compensated for by the cladding of IN625 particles in 
graphite. It may also be the case that the IN625 particles are simply too hard/strong to be 
affected by impact with the steel milling media, without the presence of harder TiC 
particles which could have been acting as a grinding media, creating the size reduction seen 
in IN625+TiC mixing/milling. 
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Figure 83: PSD for IN625 powder mixed with Ti + Graphite mixture (Alumina Jar & Steel Media after 72hrs) 
4.1.1.7.3 Composition -  EDS – IN625+Ti+C 
The results of examination of the IN625+Ti+C powders by EDS are shown in Figure 84. 
Distribution of the elements in the sample appears quite uniform, with no large 
agglomerations of any one phase. An initial examination of the BSE image in Figure 84 
would suggest a disproportionately high graphite content to the powder mixture. However, 
the known difficulties of mixed powder sampling (as mentioned in Section 3.2.1.2.2) such 
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as a higher proportion of graphite present in the thief sample due to preferential pick up, 
coupled with the inaccuracies of carbon measurement by EDS (particularly sampling using 
adhesive carbon tabs) falsely indicate a high proportion of carbon when viewed under SEM 
– the carbon content is therefore not shown in Figure 84. 
 
Figure 84: Low magnification EDS maps of IN625+Ti+C after 72 hours mixing 
4.1.1.7.4 Composition – XRD – IN625+Ti+C 
To identify if any mechanical alloying or in-situ reactions during ball milling had occurred, 
XRD scans were conducted on each of the virgin as-received feedstocks for comparison 
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with the mixed/milled powder, the spectra obtained are shown in Figure 85. The XRD 
results collected indicate that the composition of the powder is close to the desired volume 
ratios, as the peaks for Ti and C are of a small magnitude in comparison to those of IN625, 
indicating a minor proportion of the sample volume was attributable to these phases. The 
primary peaks for Ti and C can be identified however, whereas those for TiC cannot, which 
would indicate that no reaction between the two has taken place to form TiC at this stage 
of processing. 
Had the Ti and C content formed TiC during mixing, identifiable peaks in the XRD spectra 
would be expected at 42o, 48.8o, 72o, 86.0o and 91o but are not observed in the spectra 
shown in Figure 85. An absence of the strong carbon peak at 30.8o would also be expected 
had TiC been formed during mixing. 
200 
 
 
Figure 85: XRD spectra of IN625+Ti+C powder 
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4.1.1.8 Powder mixing discussion 
4.1.1.8.1 PSD discussion 
The relative volumes of each powder phase for mixed MMC feedstocks are presented in 
Figure 86, and were calculated from LD measurements. For the powder mixtures including 
graphite, the estimated volume proportions of each particulate phase are difficult to 
quantify. As a result, they show significantly higher proportions of graphite than would be 
expected. This is presumably due to the difficulty in obtaining an accurate measurement 
because of their flake morphology with a high aspect ratio, which is unsuitable for 
measurement by LD. The significant difference in density and surface area may also 
influence the sampling behaviour during the measurement run, if for example the lighter 
graphite particles with a greater surface area were to be circulated past the measurement 
window more frequently than the heavier more streamlined IN625 or Ti particles. 
The agreement between calculated and measured volume proportions of IN625 mixed with 
TiC is however excellent. Although a slight over estimation of the IN625 proportion has 
probably been made as some TiC adhered/impacted on the particles surfaces will have 
been included in this proportion. Measurement accuracy is also superior to that of the 
IN625+Ti+C powders, as all powder phases in this case have a suitable aspect ratio. Also 
sample separation in the liquid flow is likely to be to a lesser degree, if at all, as the surface 
area to density/weight ratio is closer for both particle phases. 
The error in the measured values shown in Figure 86 has been calculated from the 
differences between each of the three repeat powder measurement runs. As mentioned, 
there is of course a further inaccuracy in the measurement of Ti+C phases beyond this 
variance, due to the unsuitable particle morphology. 
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Figure 86: Volume fraction of matrix vs reinforcement powders measured by LD 
Overall therefore it is possible to quantify the powders homogeneity and the degree of 
mixing using LD for the IN625+TiC powder combination, with a high degree of confidence. 
IN625+TiC powders can be categorised as well mixed, and having the desired relative 
proportions of matrix and reinforcement powders.  
However, the homogeneity and mixing of the IN625+Ti+C powder remains suspect due to 
the significant measurement accuracy difficulties. While visual inspection and XRD 
measurement would indicate acceptable mixing, the degree of measurement uncertainty 
using LD for PSD measurement makes it difficult to draw any firm conclusions and suggests 
a higher degree of inhomogeneity in the powder mixture. 
4.1.1.8.2 Composition Discussion 
Table 17 presents the composition of the powder mixtures discussed, along with that of 
IN625 for comparison. With the exception of the Ti+C samples, the C content was not 
measured due to a high background measurement (>25wt%), an innate problem of EDS 
measurement when not equipped specifically for the measurement of light elements, 
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coupled with the use of carbon adhesive tabs which will provide an erroneous C 
measurement. 
Table 17 : Comparative EDS Quantification of elements present in powder samples 
Powder Element wt% Deviation Error 
Ni Cr Mo Nb Fe Ti Al C 
IN625 61.9 22.2 8.4 3.5 3.9 0.0 0.1 -- 0.4 ±0.16 
IN625+TiC 
(72hrs) 
46.5 16.3 5.2 2.6 2.3 26 0.3 -- 0.3 ±0.12 
Ti+C (4hrs) -- -- -- -- -- 0.8 -- 99.2 0.1 ±0.04 
Ti+C (72hrs) -- -- -- -- 0.1 6.5 0 93.4 0.1 ±0.04 
IN625+Ti+C 57.4 21.5 8.1 3.2 4.1 5.5 0.3 -- 0.2 ±0.08 
 
Comparing the Ti content of the Ti+C samples mixed at 4hrs and 72hrs respectively, a 
significant increase in the presence of Ti can be seen. As no Ti content has actually been 
added to the powder mixture, this higher Ti measurement is considered to be a result of 
improved homogeneity reflected in more representative powder sampling. 
Figure 87 presents the composition of final mixed powders shown in Table 17 graphically, 
having combined the individual element measurements of the matrix (IN625) phase, and 
the reinforcement phase which is indicated using only the Ti wt% in this case. 
By excluding the C measurement, it can be seen that the distribution of IN625 and Ti 
particles for the in-situ feedstock powder is close to the desired proportions. The 
measurement of Ti for the IN625+TiC powder is however still influenced by the preferential 
sampling of the low density TiC powders, which therefore make up a disproportionately 
large fraction of the sampling area measured. 
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Figure 87: Compositional variation between ideal and EDS measurements for IN625+TiC and IN625+Ti+C 
The EDS results presented are inconclusive in the case of IN625+TiC, as preferential powder 
sampling due to differing particle densities and contact areas with the adhesive tabs 
provide a non-representative sample. 
In the case of IN625+Ti+C, the IN625 and Ti particles have a similar morphology and so 
contact angle with the adhesive, and are much closer in density, providing a more 
representative sampling, with EDS indicating that at least the distribution of Ti within the 
matrix can be regarded as homogenous and well mixed, as the expected relative 
proportions of each phase have been identified, although no quantitative comment can be 
made on graphite distribution or mixing. 
The relative magnitude of the peaks shown by XRD measurement for each phase would 
indicate that the relative proportions of IN625, Ti and graphite are closer to the desired 
quantities than EDS appears to show. 
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4.1.2 Characterisation of wire materials 
The composition of IN625 welding filler wire was assessed by EDS after metallographic 
preparation, the results of which are presented in Table 18. The composition measured by 
EDS is also compared here with that of the IN625 powder utilised, as well as the max/min 
specification ranges for IN625. Although limits are placed on other trace or contaminant 
elements (e.g. Co, Ta, Si, Mn etc), they are not presented as no measurable quantity was 
detected. 
Table 18 : Composition of wire feedstock compared to specification and powder material 
Material Element wt% Deviation Error 
Ni Cr Mo Nb Fe Ti Al 
IN625 
(max specification) 
68.85 23.0 10.0 4.15 5.0 0.4 0.4   
IN625 
(min specification) 
58.0 20.0 8.0 3.15 0.0 0.0 0.0   
IN625 Powder 61.9 22.2 8.4 3.5 3.9 0.0 0.1 0.4 ±0.16 
IN625 Wire 64.0 22.0 9.0 3.5 0.4 0.2 0.1 0.4 ±0.16 
 
The only significant difference between the two is a reduced quantity of Fe present in the 
welding filler wire. This is typical of superalloy filler wires, as the lower melting point Fe can 
cause liquation segregation/cracking problems during repair welding, particularly when 
using IN625 as a filler for more complex less weldable alloys. Therefore the Fe content is 
reduced as weldability not mechanical properties are most desirable. 
This reduction in Fe results in a relative increase in the other alloying element proportions, 
however both the IN625 wire and powder used are well within the compositional 
specification for “Inconel 625”. This variation is shown in Figure 88, which presents the 
difference in composition as calculated by subtracting the composition of IN625 powder 
from that of IN625 wire, as discussed this shows that IN625 wire is comparatively richer in 
Ni, due to its lower Fe content. 
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Figure 88: Compositional variation between IN625 powder and wire 
 
4.2 Powder Bed Laser Melting of Inconel 625 
Powder bed based Laser Melting of IN625 powders was conducted to investigate the 
potential for higher deposition rate processing through the use of greater layer thicknesses 
and larger scale laser sources than commercially available. Single track laser melting 
experiments were conducted to establish the process parameters required for stable 
melting, while multi-layer samples were produced to characterise the quality of the 
material produced. 
4.2.1 Single track melting of 100µm layers 
In order to evaluate the process parameter window for the laser melting of 100µm layers 
of IN625, a series of single track welds were deposited in a powder bed, as shown in 
Figure 89. 
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Figure 89: IN625 100µm Single track welds Build 2 a) prior to removal from powder bed, b) after removal 
from powder bed 
4.2.1.1 Observations – stability & parameter window 
Figure 90 presents the results of single layer single molten track experiments using 100µm 
layers of IN625, the parameters used ranged from 1-4kW at 2-10m/min as described in 
Section 3.1.2.3. As can be seen, a definite region of process stability exists, with two areas 
of substantially different behaviour outside of this. Two points have been identified and 
classified as “unstable”, where melt behaviour was unclear or repeats varied significantly in 
their behaviour. This variation is attributable to local substrate temperature variation 
caused by preceding weld tracks. 
The area of the process map defined as “wavy” represents that where high Linear Energy 
Densities (LED) were present (>37.5J/m), resulting in an over-wide weld bead, with a 
tendency to wander in the transverse direction. A mixture of stable/quasi-stable over-melt 
behaviour was observed in the region of 37.5-60J/m, with some tracks forming stably and 
others not, due to local variation in substrate temperature.  The region of the map with low 
energy densities (<10.5J/m) was characterised by balling of the melt into discrete segments 
or spheres due to surface tension effects. Again a quasi-stable overlapping region was 
a) b) 
60mm 
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observed between 7.5-10.5J/m. Consistent weld stability was achieved in the window of 
15-30J/m. 
 
Figure 90: Parameter window characterisation 100µm layers of IN625 
The general trend shows a process stability window which may continue beyond the 
parameters which were investigated, indicating that powder bed LM of IN625 at 100µm 
layer thicknesses is not only stable for single welds at laser powers of up to 4kW, but may 
still be stable at higher powers and weld speeds. The occurrence of balling at lower weld 
powers and higher speeds indicates that higher laser powers will certainly be required if 
faster weld speeds were to be investigated. 
4.2.1.2 Weld bead geometry & variation 
Figure 91 relates the average width of each weld to the programmed laser power and 
speed used to produce it. The laser spot size of 850µm was subtracted from the measured 
weld width to give a width delta describing over/under melt in relation to the actual laser 
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spot size (where a delta of 0 means that the weld width is precisely that of the laser beam 
diameter).  
The laser power used can create variations of up to 0.6mm in width between the slowest 
and fastest stable welds at any one speed (the extreme cases being 4m/min and 10m/min, 
where welding power increases can affect width significantly). Welds at 6m/min and 
8m/min appear to have a more gradual increase of weld width with increasing laser power, 
this is likely due to higher cooling rates at these speeds. For a given welding power, higher 
weld speeds result in a narrower weld in all cases except at 4kW where this trend is 
anomalously reversed. 
The deviation in measured values is small enough that general conclusions can be drawn 
about the interactions present, if not the specific weld widths created. 
 
Figure 91: Weld width related to process parameters - stable welds 
Figure 92 makes a similar comparison of the weld beads average maximum height 
difference compared to the 100µm powder layer for each of the stable weld beads. 
Although there is a general trend towards a reduced weld bead height with increased 
power (as weld width increases), the effect of welding speed on weld height is minimal in 
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comparison. There is no particular trend with respect to welding speed. All weld bead 
heights sit within the range of 200µm-350µm. 
 
Figure 92: Weld height related to process parameters - stable welds 
The degree of variance in the measured values is almost on the same order of magnitude 
as the measurements themselves, reducing confidence that any significant conclusions can 
be drawn from the data for weld height. However, it can be seen that all the measured 
values are significantly in excess of the intended 100µm.  This is due to the phenomena of 
powder bed denudation, whereby additional powder from around the weld track is 
consumed into the melt, so providing additional material which contributes to the overall 
height and volume of the weld track. 
An Analysis of Variance (ANOVA) of the experimental data (shown in Table 19) indicates 
that for weld width, the dominant factor is the interaction of laser power and welding 
speed (a 79.3% contribution) rather than either of the factors alone (11.6% and 6.0% 
respectively). The degree of error was calculated to be only 3.1%, providing a high 
confidence in the observed interactions. 
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For weld height, the interaction of laser power and welding speed was also observed as the 
dominant factor (66.7%), however the error was high 21.5%, reducing confidence in the 
observed interactions.  
All of the parameters for power, speed and the power/speed interaction may be 
considered as significant, with P values of less than 0.05. 
Table 19: ANOVA for 100µm IN625 weld tracks 
Source Weld Width Weld Height 
% 
Contribution 
P 
(significance) 
% 
Contribution 
P 
(significance) 
Power 11.6% 0.0 4.9% 0.033 
Speed 6.0% 0.0 6.9% 0.007 
Power/Speed interaction 79.3% 0.0 66.7% 0.0 
Error 3.1%  21.5%  
 
The interaction of laser power and welding speed can be readily characterised by Linear 
Energy Density (LED), the energy input per unit length of weld. The dependence of weld 
width and weld height as a function of LED is illustrated below in Figure 93 and Figure 94 
respectively, showing only the data points from well formed, fully stable welds to avoid 
anomalous measurements from weld tracks with significant variation along their length 
due to instabilities. The equation for the linear fit shown in Figure 93 is given in Equation 7 
to describe the increase in weld width with increasing energy density. As no significant fit 
or equation can be determined from the data points for weld height, no equation is given 
for this relationship. 
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Figure 93: Weld Width vs. LED for 100µm IN625 single track welds 
𝑊𝑒𝑙𝑑 𝑊𝑖𝑑𝑡ℎ = 0.0115 × 𝐿𝐸𝐷 + 0.8533 
Equation 7: Weld width as a function of Linear Energy Density for 100µm IN625 
 
Figure 94: Weld Height vs. LED for 100µm IN625 single track welds 
 
4.2.1.3 Discussion of 100µm layer thickness IN625 single track experiments 
The significant error or variability in the measurement of weld height may be due in part to 
the inherent variability found when measuring a single cross section of a weld. If height has 
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varied significantly along the weld track, the section may not be wholly representative, 
however the same variability in measurements was not found for weld width as might be 
expected if this were the case. An examination of the weld tracks in-situ in the powder bed 
by stereomicroscopy (example shown in Figure 95) reveals that significant quantities of 
powder from alongside the welds have been entrained or absorbed into the melt, leaving a 
denuded area of substrate to either side of the weld track. This excess material has 
therefore contributed to the volume of the weld bead, increasing weld height above the 
desired 100µm, and introducing the observed variance in height measurement. 
 
Figure 95: Denudation of surrounding powder bed in single track melting of 100µm IN625 
Figure 96 was taken from the work of Yadroitsev and Smurov [349],  who examined the 
formation of single and multiple adjacent welds in a powder bed (at a much smaller scale). 
They observed that although significant powder bed denudation occurs around a single 
track, by utilising a hatch distance which is smaller than that of the weld width formed, the 
weld tracks again interact directly with the powder bed, and a steady state of material 
deposition is reached. 
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Figure 96: Laser/Powder bed interaction with multiple tracks [349] 
It can be concluded therefore, that this same behaviour remains true for thicker powder 
bed layers and much larger weld beads. The implications of this effect on a larger scale will 
be assessed in the following section on the experimental deposition of multi-layer samples. 
4.2.2 Single track melting of 500µm layers 
To further explore the potential for high deposition rate AM of IN625, experiments were 
conducted to establish the process parameter window for 500µm thickness layers. 
4.2.2.1 Observations – stability & parameter window 
A series of single track welds were made in a 500µm IN625 powder bed, an example of 
which is shown in Figure 97. 
 
Figure 97: Single track welds in 500µm IN625 powder bed  
60mm 
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Figure 98 presents the range of weld behaviour observed for the entire range of process 
parameters under investigation. A clearly defined window of stability exists above an LED 
of 30J/m, below this energy input the behaviour changes to humping, and at a LED below 
~15J/m balling occurs, with the exception of welds at 1kW and 2m/min where consistent 
balling has occurred at 30J/m of energy input in each repeat. 
 
Figure 98: Process stability map for laser melting of 500µm IN625 layer 
4.2.2.2 Weld bead geometry & variation 
Once sectioned and polished, stable welds were measured by optical microscopy. The laser 
beam diameter was subtracted from the measured width to give width delta, a measure of 
over/under melting, which is presented in Figure 99 for the stable welds. 
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Figure 99: Comparison of weld bead width compared to beam width for stable welds 
A similar delta value between the measured weld height and the layer thickness was also 
calculated, and is presented in Figure 100 for the stable welds. 
 
Figure 100: Difference in weld bead height compared to original powder bed height for stable parameters 
The results of an ANOVA analysis on the width and height data sets for stable weld beads 
indicates that Welding Speed is the most influential factor on both weld width and weld 
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height (having a 47.7% and 44.8% contribution respectively), as shown in Table 20. The 
degree of error for weld width assessment was low 0.66%, while for weld height, the error 
is slightly higher 5.7%, though much lower than that observed for 100µm layers (21.5%), 
the low P value for all interactions (<0.05) indicates that all are significant. Unlike the 
results for 100µm layer weld tracks, the interaction of power and speed in the form of LED 
was not the dominant factor, providing only a 25.5% and 29.3% contribution to weld width 
and weld height respectively. 
Table 20 : ANOVA for 500µm IN625 weld tracks 
Source Weld Width Weld Height 
% 
Contribution 
P 
(significance) 
% 
Contribution 
P 
(significance) 
Power 26.2% 0.0 20.2% 0.0 
Speed 47.7% 0.0 44.8% 0.0 
Power/Speed interaction 25.5% 0.0 29.3% 0.0 
Error 0.66%  5.7%  
 
Plotting weld bead width against LED in Figure 101 illustrates that weld width is still 
proportional to the energy input. However, a similar comparison of weld height and LED in 
Figure 101 shows only a weak trend towards increasing height with energy input. 
The equation for the linear fit of weld width as a function of LED is presented in Equation 8, 
the high degree of scatter in the results for weld height mean that no such relationship can 
be defined between LED and weld height. 
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Figure 101: Variation in weld width with LED for 500µm IN625 weld tracks 
𝑊𝑒𝑙𝑑 𝑊𝑖𝑑𝑡ℎ = 0.01 × 𝐿𝐸𝐷 + 1.0196 
Equation 8 : Weld width as a function of linear energy density for 500µm IN625 
 
Figure 102: Variation in weld height with LED for 500µm IN625 weld tracks 
4.2.2.3 Discussion of 500µm layer thickness IN625 single track experiments 
While the laser melting of 100µm layer thickness single tracks showed no trend in the data 
for weld height compared to the LED used and a high degree of error in the measured 
results, a trend can be identified in the data for 500µm layer thickness experiments. 
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If the lower LED values <45J/m are discounted as unstable (as shown in Figure 98) then a 
trend line can be reasonably shown to exist for the relationship between LED and weld 
height in the case of a stable welding regime, as shown in Figure 103. The equation for this 
trend is given in Equation 9. As can be seen from the equation, the effect of LED on the 
measured weld height is small once sufficient energy is present to achieve stable welding. 
Between the minimum and maximum stable LED there is a difference in weld height of only 
0.0525mm, which given the measurement accuracy and degree of scatter in the observed 
data would indicate that weld height is largely independent of the LED used. Therefore for 
the range of LED in this experiment stable welds maintain a near constant weld height of 
on average 0.64mm±0.03mm. 
 
Figure 103: Trend in weld height with LED for 500µm IN625 weld tracks at stable LED values only 
 
𝑊𝑒𝑙𝑑 𝐻𝑒𝑖𝑔ℎ𝑡 = −0.0007 × 𝐿𝐸𝐷 + 0.6684 
Equation 9: Weld height as a function of LED for 500µm IN625 weld tracks at stable LED values only 
Comparing the data for weld height between 100µm and 500µm experiments would 
indicate that at 100µm layers the effect of the substrate is far greater than for 500µm 
layers.  
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The threshold for stable welding in 100µm layers is only 15J/m, compared to 45J/m for 
500µm layers, however, even when considering only the data for weld width and height for 
100µm layers in the stable LED range of 15-30J/m, there is no measurable relationship 
between LED and weld height. In contrast for 500µm layers weld height remains near to 
constant with an increase in LED within the stable welding window of 45-120J/m. It may be 
concluded that the high input energy compared to the material available in the 100µm 
experiments has had two influential effects. Firstly considering a weld bead in isolation, the 
high heat input results in significant dilution and welding with the substrate material, which 
depending on welding speed and surface tension effects may be incorporated into the weld 
above the plane of the substrate surface, so contributing to weld height over and above 
that which would be seen in cases where the energy input was adequate for melting of the 
powder bed and only a small proportion substrate material. Secondly the experimental 
configuration placed welds 3mm apart from each other, in the 100µm experiments the high 
heat input compared to the powder bed thickness was seen to result in significant 
denudation of the powder bed which will influence the material available to subsequent 
welds. The excess heat has in all probability also significantly raised the substrate 
temperature and so in effect later welds were performed on a pre-heated substrate. 
These effects are not observed in the experiments for 500µm layers as the energy input is 
sufficient to fully melt the powder bed and wet the substrate, but not so great as to result 
in and high energy instabilities in the weld or overheating of the substrate, as input energy 
is primarily used to melt the powder feedstock. Therefore a less scatter is seen in the 
measured weld bead widths and heights and a trend can be identified. 
4.2.3 Discussion of single track melting for IN625 
The stability and parameter window for the single track laser melting of IN625 can be seen 
to vary significantly between 100µm and 500µm powder bed layers. In both cases it is 
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possible to define stability in terms of Linear Energy Density (LED), although at the 
boundaries of stability LED is not sufficient to determine if a weld is stable or not, and 
precise power or speed parameters will have a deciding influence on stability. 
To enable a comparison of stability for energy input between 100µm and 500µm layer 
experiments, the LED can be divided by the layer thickness to provide a Weld Energy 
Density (WED). While not a true measure of volumetric energy density, WED provides a 
metric for the laser energy input related to the layer thickness to enable comparison. 
Figure 104 illustrates the ranges of WED which were evaluated for IN625 in these 
experiments, and the resulting behaviours observed.  
For 500µm layers there is a distinct transition between low energy instability behaviours 
such as humping or balling, and stable weld beads, achieved at 60-65kJ/m.mm, it can be 
seen from the range of values presented, that further investigation of the 500µm process 
stability would be possible with higher power laser beams, in order to find the upper 
stability limit. 
For 100µm layers, there is a distinct transition from low energy instability to stable welding 
at between 105-150kJ/m.mm, however a wide overlap range (400-525kJ/m.mm) exists 
between stable welding and high energy instabilities, such as, transverse weld deviation or 
significant over melt.  
In general terms, there is a parity between the energy density which results in stable weld 
tracks for both 100µm and 500µm powder bed thicknesses. The lower bound of stability for 
500µm layers is approximately 65% lower than that for 100µm layers, however the 
calculated value for WED does not take into account the effects of powder packing density 
in the powder bed, which could effectively increase the WED value in reality for 500µm 
layers. The interaction of the laser energy with the substrate is also not accounted for in 
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WED, and could in effect decrease the actual WED for 100µm layers at high LED values 
where a significant portion of the molten material is from the substrate. 
 
Figure 104: Weld Energy Density stability ranges for IN625  
4.2.4 Multi-Layer deposits at 100µm layers 
Upon deposition of multiple track and multiple layer samples, it was found necessary to 
decrease the welding power to prevent excessive thermal build up, therefore values just at 
the lower edge of the process stability map defined in Section 4.2.1.1 were utilised. As 
indicated by the work of Yadroitsev and Smurov [349], a hatch distance of 0.5mm was 
utilised as this was smaller than the weld bead width. 
4.2.4.1 Observations – Stability  
Figure 105 shows manufactured IN625 samples using 100µm layers. Although differing 
parameters were used for each sample (800-1000W, 6-7m/min) there is no significant 
visual difference in the deposited material. Variation in sidewall parallelism, straightness 
and roughness are assessed to be in the sub 1mm range, while variation in the top surface 
flatness is in the range of 1-1.5mm, as samples one and two show a cumulative increase in 
height at the end of each weld bead, samples three and four do not exhibit the same 
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variation, having a top surface flatness closer to the 1mm range. End wall variation and 
roughness is significantly higher, due to the laser power ramp in/out utilised. 
 
Figure 105: IN625 100µm Multi-Layer samples 
4.2.4.2  Porosity  
The porosity within the samples cross-section (shown in Figure 106) was measured by 
image analysis using contrast thresholding and is reported for each of the measured 
locations in Table 21. The sample was divided into 6 regions and examined at a 
magnification of 5.0x, the overall average porosity for the sample cross section is 0.8±0.2%. 
 
Figure 106: Optical micrograph montage of IN625 100µm sample 
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Table 21: IN625 100µm areal porosity measurement 
Position 
No of 
objects 
Area (%) 
Top 
LHS 807 0.54 
RHS 867 0.81 
Middle 
LHS 601 1.91 
RHS 701 0.50 
Bottom 
LHS 748 0.51 
RHS 850 0.57 
Average 762 0.81 
Deviation 101 0.55 
Error  ±0.22 
4.2.4.3 Composition, Microstructure & Hardness 
4.2.4.3.1 Composition & Microstructure – EDS/SEM 
Figure 107 shows a low magnification SEM micrograph of the IN625 deposit/substrate 
interface for the last scanned weld track. The dilution between substrate and interface is 
minimal, with weld penetration into the substrate in the range of 100-150µm, based upon 
an assessment of average weld depth for six weld tracks compared to the plane of the 
substrate surface. The element maps and BSE image shown in Figure 108 illustrate the 
dilution between the sample and substrate material and the highly aligned microstructure. 
 
Figure 107: Low magnification back scattered electron image of IN625 on steel substrate 
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As can be seen in the element maps and BSE image, contamination from the steel substrate 
extends only 100-200µm into the sample material. The EBSD band contrast and Euler 
colour map shown in Figure 109 confirm the fine grained and aligned microstructure seen 
by BSE imaging. At the boundary between substrate and weld material grains are on the 
order of a few 10’s of micrometers, while in the centre of the weld track grains are 
approximately 100-150µm in length and only 10-20µm in width, aligned towards the 
substrate. 
 
Figure 108: Back scattered electron image and associated EDS mapping of substrate interface region 
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Figure 109: EBSD Band contrast and Euler colour map for 100µm IN625 at sample/substrate interface 
Closer examination of the deposited material just above this interface region reveals a 
typical γ phase IN625 microstructure, consisting of a Ni-Cr-Fe matrix with Mo/Nb carbides 
precipitated at the grain boundaries, as shown in Figure 110. In this case, the grains are 
highly aligned in the cooling direction (i.e. towards the substrate) as would be expected. 
 
Figure 110: Back scattered electron image of IN625 microstructure at approx. Z=0.5mm 
Examination of the microstructure near the top of the sample shows the same γ-phase 
microstructure, consisting of a Ni-Cr-Fe matrix with Mo/Nb carbides, the location of the 
Mo/Nb carbides was confirmed by EDS mapping and is shown in Figure 111. The 
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microstructure at this distance from the substrate remains nominally aligned towards the 
substrate, though not as strongly as at lower Z heights. 
 
 
Figure 111: Back scattered electron image and EDS mapping of region at approx. Z=5mm showing γ-phase 
Mo/Nb carbides at grain boundaries 
The bulk composition of the deposited material is given in Table 22, alongside the 
previously reported specification for IN625 and the measured composition of IN625 
feedstock powders. The composition measured for the deposited sample shows a relative 
reduction in the quantity of Fe and Cr present, resulting in higher values for the other 
alloying elements. However, the overall composition remains within specification for 
IN625.  
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Table 22: Compositional comparison 100µm IN625 
Material Element wt% Deviation 
 
Error 
Ni Cr Mo Nb Fe Ti Al 
IN625(max spec) 68.85 23.0 10.0 4.15 5.0 0.4 0.4   
IN625(min spec) 58.0 20.0 8.0 3.15 0.0 0.0 0.0   
IN625 Powder 61.9 22.2 8.4 3.5 3.9 0.0 0.1 0.4 ±0.16 
IN625 100µm LM 63.4 21.8 9.4 4.0 1.4 0.0 0.0 0.4 ±0.16 
 
4.2.4.3.2 Variation in properties - Hardness 
The variation in measured material hardness for a transverse cross-section through a 
100µm layer IN625 sample is shown in Figure 112, the sample was sectioned as described 
in Figure 43 in Section 3.3.1. The hardness mapping was produced from a 0.25x0.25mm 
grid of micro-hardness measurement indentations across the entire section. A definite 
increase in hardness (above 400HV) can be seen at the interface between sample and 
substrate, as a result of the expected Heat Affected Zone (HAZ) and potentially higher Fe 
content of this region. A repeating pattern of vertical bands showing marginally increased 
hardness from the average is also present throughout the sample, aligning with weld 
tracks. There is a gradual decrease in average hardness between 3-5mm in Z height, after 
which the sample appears to have reached a steady state, as cooling rates due to thermal 
conduction into the now “remote” substrate have stabilised. These harder bands are also 
more pronounced in the centre of the sample. The average hardness within the deposited 
sample material was measured to be 312HV0.3±7.6HV0.3. 
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Figure 112: Variation in material hardness for 100µm IN625 
4.2.4.4 Discussion of 100µm layer thickness IN625 multi-layer experiments  
Overall it can be seen that stable deposition has been achieved for IN625 in 100µm layer 
thicknesses. Geometrically samples were of the intended size and shape, while density was 
assessed to be above 99%. Material properties have some variability within the sample 
section, due to differing cooling rates, with an average hardness of approximately . For the 
stable deposition parameters used, the variation in top surface height was not found to 
impact the ability of the equipment to re-coat the samples. 
An approximate calculation for deposition rate based upon laser exposure time, hatch 
distance and layer thickness can be made, so as to provide a value independent of 
re-coating technology and speed. Defined as “exposure rate”, this is the volume rate of 
material consolidation during the laser exposure phase of powder bed LM, assuming 
continuous exposure. Values for a commercial parameter set alongside those used for 
deposition of the samples presented are given in Table 23. Despite a significantly slower 
scanning speed by several orders of magnitude, the combination of a larger laser spot size 
(and therefore larger hatch spacing), and a five-fold increase in layer thickness result in a 
233% higher deposition rate than using commercially available technology. There is of 
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course a corresponding reduction in geometrical accuracy for potential features sizes, 
sidewall or top-surface roughness. 
Table 23: Build parameter comparison 
Parameter Commercial parameters 
(EOS M270) 
100µm IN625 
Laser Power (W) 195 1000 
Scan Speed (m/s) 1000 0.12 
Hatch distance (mm) 0.09 0.5 
Layer Thickness (µm) 20 100 
Exposure rate (cc/s) 0.018 0.060 
 
It can be suggested therefore that the deposition of IN625 in 100µm layers as a route to 
higher deposition rate AM is feasible with only moderate increases in the required laser 
power, and an actual decrease in the energy density utilised. 
4.2.5 Multi-Layer deposits at 500µm layers 
For the production of multi-layer 500µm IN625 deposits, a parameter set was selected with 
the fastest possible welding speed to minimise thermal input into the sample over the 
duration of the build. Samples were produced using 4kW and either 5.5m/min or 6.5m/min 
welding speed. 
4.2.5.1 Observations – Stability 
During the build of 500µm multi-layer samples, it was found that a reduction in laser power 
with increasing Z height was necessary to prevent excessive local heat accumulation in the 
current/previous layer. The analytical work of Tahmasbi et al., [333] demonstrates the 
effect of thermal isolation from the substrate when manufacturing a low thermal 
conductivity superalloy.  Therefore for each set of samples the laser power was reduced 
from 4kW to 3.5kW on the sixth layer, and then to 3kW on the eleventh layer. A reduction 
in laser power was chosen as the most practical deposition strategy, given the low thermal 
conductivity of IN625 and the requirement to achieve a high deposition rate, an interpass 
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dwell to permit cooling of the part was not considered to be expedient in this case. Figure 
113 shows samples built in 500µm layers using 0.5mm and 0.8mm hatch spacings, a 
variation in the top surface form of up to 1mm can be seen. 
   
Figure 113: 500µm IN625 multi-layer samples a) 0.5mm hatch, b) 0.8mm hatch 
Sample 1 from each build was selected for further analysis by optical microscopy, as in each 
case, the first sample built maintained the most consistency, while other samples were 
affected by the heat input to the build substrate from previous samples during that 
exposure. 
A difference in the weld penetration of the substrate can be seen for some weld tracks 
within each of the three samples shown in Figure 114. The greatest difference in weld 
penetration can be seen in the first weld track of each sample, where penetration into the 
substrate is significantly greater than in subsequent weld passes (note image a is inverted 
compared to b and c, such that the first weld pass in image a is on the left of the image, but 
first weld passes for images b and c were on the right of the image). Absorption of the laser 
energy and welding in the first layer is a result of several complex interactions, while the 
first weld pass is welding into and through a reasonably homogenous powder bed, 
subsequent passes are incident upon a variety of differing features which will impact the 
resulting weld penetration [350, 351]. Differing reflection and absorption of the beam will 
be seen between the powder bed, denuded regions of the substrate and previously 
a) b) 
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deposited weld material, which in turn will vary with differing hatch spacings as steady 
processing conditions are established. 
 
Figure 114: Optical montage of 500µm IN625 samples a) 0.5mm hatch b) 0.8mm hatch c) 1.1mm hatch 
a) 
b) 
c) 
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4.2.5.2 Porosity  
4.2.5.2.1 Cross-sectional porosity – Optical Microscopy 
A contrast thresholding analysis was performed for each of the 500µm layer IN625 samples 
produced with varying hatch spacing. Porosity has a predominantly spherical gas bubble 
form, ranging from <1µm to 50µm. The analysis was conducted according to the 
methodology described in 3.3.3. 
Data for the thresholding analyses are presented in Table 24, alongside that already 
reported for 100µm IN625. Immediate inspection of the data for comparable 0.5mm hatch 
distances at 100µm and 500µm layers shows a counter-intuitive reduction in the porosity 
and its variability for 500µm layers. The greater porosity in the 100µm layer samples may 
be attributed to sub-optimal processing parameters. However, it is pertinent to note that 
the Argon shielding was conducted at a much higher flow rate and for longer pre-flow 
durations to purge the thicker powder bed and so may a contributing factor to the lower 
porosity seen in the 500µm layer samples.  
Table 24: Porosity values for 500µm layer IN625 at 0.5mm, 0.8mm and 1.1mm hatch spacing compared to 
100µm layer IN625 at 0.5mm hatch spacing, as measured by optical microscopy 
 100µm IN625 
 (0.5mm Hatch) 
500µm IN625 
 (0.5mm Hatch) 
500µm IN625 
 (0.8mm Hatch) 
500µm IN625 
 (1.1mm Hatch) 
Position No of  
objects 
Area  
(%) 
No of  
objects 
Area  
(%) 
No of  
objects 
Area 
 (%) 
No of 
objects 
Area 
 (%) 
Top LHS 807 0.54 29 0.28 157 0.28 288 1.15 
RHS 867 0.81 14 0.14 87 0.35 1148 2.08 
Middle LHS 601 1.91 24 0.15 229 0.38 461 1.47 
RHS 701 0.50 53 0.22 255 0.31 213 1.26 
Bottom LHS 748 0.51 57 0.21 175 0.26 183 0.56 
RHS 850 0.57 41 0.2 230 0.36 405 1 
Average 762 0.81 36 0.20 189 0.32 450 1.25 
Deviation 101 0.55 17 0.05 62 0.05 359 0.51 
Error  ±0.22  ±0.02  ±0.02  ±0.21 
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The overall the effect of hatching distance on the porosity of 500µm layer samples is 
readily apparent (shown in Figure 115), with a small increase between 0.5mm and 0.8mm. 
There is a significant increase in porosity for the 1.1mm sample, as well as increased 
variation in measured values between micrographs. 
 
Figure 115: Effect of hatching distance on average porosity as measured by optical microscopy 
Figure 116 illustrates the variation in porosity in relation to position in the ‘Z’ direction 
(location in the build height), and the hatch distance utilised in each case. For a 0.5mm 
hatch, there is no measurable variation in average porosity between regions of the sample 
in the Z direction; however, the deviation or variability in the average value indicates that 
within each strata there is increasing variation with Z height. With reference to the data in 
Table 24, it can be observed that although the number of recorded defects decreases with 
Z height, the areal porosity remains constant, indicating fewer but larger defects. For a 
0.8mm hatch spacing, the average porosity is higher (60%) than that of a 0.5mm hatch 
sample, although the same variation within the cross section was not readily apparent. For 
a 1.1mm hatch distance, the average porosity has increased significantly with Z height, as 
has the degree of variation. 
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Figure 116: Effect of hatch distance and Z height on porosity as measured by optical microscopy 
The porosity measurements were made at relatively low magnification, so are aimed at 
providing an appreciation of overall defect distribution and enable comparison between 
processing parameters. Therefore small defects below the resolution of the microscope 
and imaging hardware will not have been included in these measurements. Spierings et 
al.,[23] discuss the relative merits and pit falls of differing magnifications for the 
examination of porosity. Whereas a low magnification will not account for very small 
defects, a high magnification is only able to measure the presence of defects in an isolated 
area and so may avoid or include areas of high defect density if their distribution is not 
homogenous. As inspection of the micrographs presented will show, there is a wide 
variation in defect size and distribution throughout the samples, therefore a low 
magnification which can account for virtually the entire sample cross-section was utilised. 
From the variation in porosity with Z height, it can be suggested that the variation in build 
parameters utilised (decreasing laser power to prevent excessive melting) in order to 
control thermal accumulation has been successful in both the 0.5mm and 0.8mm hatch 
spacing samples and has not caused a significant increase in material porosity. For 1.1mm 
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hatch samples, the resulting decrease in energy density has shown a significant increase in 
porosity as a result, the greater porosity is more notable as Z increases due to the decrease 
in laser power used for these layers. However future investigation may wish to consider 
that a delay between exposure of each weld line, or the use of an actively cooled substrate, 
may allow the use of a higher energy density (providing greater density as shown in 
Figure 117 and described by Spierings et al., [23]) without the associated thermal 
accumulation.  
Examination of Figure 117 indicates that a volumetric energy density of 8MJ/m3 provides a 
critical transition between high porosity and significant variability to consistently low 
porosity (<0.4%). Above this energy, some improvement in density can be seen, however 
for a 118% increase in energy (up to 17.5MJ/m3) there is only a 25% decrease in porosity 
from 0.32%±0.04% to 0.21%±0.005%, showing that the increase in energy density has 
provided a decrease in variability. The optimum energy density which provides the highest 
relative material density for the least heat input is therefore at 8.2MJ/m3. 
 
Figure 117: Variation in average porosity with volumetric energy density 
𝑅𝑒𝑙𝑎𝑡𝑖𝑣𝑒 𝑑𝑒𝑛𝑠𝑖𝑡𝑦=1−2.7522𝑒−2×10−7 × VED  
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Equation 10 : Relative density as a function of Volumetric Energy Density for 500µm IN625 
4.2.5.2.2 Volumetric porosity - µ-CT 
The porosity of a sample produced using a 0.5mm hatch distance was measured by µ-CT 
scanning, which observed a void volume of approx. 0.15mm3 out of a total sample volume 
of  approx. 274mm3, giving a 0.05% ±0.005% volume porosity (full details presented in 
Table 25).  
Table 25: Porosity measurement by µ-CT for IN625 
Total Volume (mm3) 274.0277 
Void Volume (mm3) 0.1474 
Number of Voids 171 
Calculated Porosity 0.05% 
The minimum detection limit of µ-CT scanning must of course be recalled to be 9.09µm 
±1%, therefore the calculated porosity will be a slight underestimation, as small voids 
below the detection limit will not be accounted for. 
Visualisation of the distribution of defects within the sample shows that larger defects are 
clustered in the centre of the sample towards the upper third (see Figure 118), attributable 
to faster solidification rates in the centre of a sample compared to the edges, which do not 
allow sufficient time for gas bubbles to escape the melt pool, as suggested by 
Spierings et al., [23] the reasons for the difference in melt cooling are discussed in Section 
4.2.6.  
A comparison of both 2D (Figure 118) and 3D ((Figure 119) visualisation of defects indicates 
that the largest defects were created due to an abnormality during a single weld track, 
rather than being systematic. This “row” of defects is highlighted in both figures with the 
direction indicated on the 3D void representation being through the “thickness” of the 
sample in the direction of welding, such that the defects lie within a single weld pass. The 
volume distribution frequency of the detected defects is presented in Figure 120, and 
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shows that with the exception of four large defects, the other defects are of less than 
0.01mm3 in size, down to the detection limit.  
  
Figure 118: Reconstructed 2D slice from µ-CT scan of 500µm IN625 at 0.5mm hatch 
     
Figure 119: Reconstructed 3D sample volume and corresponding defect visualisation a) solid material with 
voids, b) voids only 
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Figure 120: Defect volume distribution for 500µm IN625 at 0.5mm hatch 
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4.2.5.3 Composition, Microstructure & Hardness 
4.2.5.3.1 Microstructure - SEM 
Examination by SEM shows a typical IN625 γ phase microstructure for laser processed 
material when compared with literature [32], with a strong alignment in the direction of 
the substrate due to the expected thermal gradient. Grains have a high aspect ratio, 
measuring on the order of 50-100µm across, but up to several hundred micro-metres in 
length.  Figure 121 shows complete melting between layers, despite their thickness. 
 
Figure 121: Back scattered electron image of 500µm IN625 at 0.5mm hatch 
Figure 122 shows the microstructure present in the last deposited weld track within the top 
layer of a sample, while the primary direction of alignment remains towards the substrate, 
a number of grains are also aligned diagonally, showing the effects of secondary cooling 
within the same layer. Examination at higher magnifications in Figure 123 shows the 
expected y phase structure, consisting of a Ni-Cr-Fe matrix with small sub-micron sized Mo 
and Nb carbides. It can be seen that the majority of <1µm porosity has formed among the 
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Mo/Nb rich veins. This <1µm porosity has not been included in any porosity measurement 
by optical microscopy or µ-CT, being below the resolutions used. 
 
Figure 122: Back scattered electron image of last deposited layer for 500µm IN625 at 0.5mm hatch 
 
Figure 123: High magnification back scattered electron image of IN625 microstructure showing <1µm porosity 
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4.2.5.3.2 Composition – EDS 
In contrast to the 100µm IN625 samples, the substrate dilution extends much further into 
the deposited material, as shown in the linescan presented in Figure 124. An initial 400µm 
Fe rich dilution zone exists, below the plane of the substrate surface, where IN625 has 
mixed with molten substrate material. Above this plane there is a steady decrease in Fe 
content, reaching a normal IN625 composition at a Z height greater than 1.0mm above the 
original substrate surface. 
 
Figure 124: EDS Linescan of interface region (500µm at 0.5mm hatch) IN625 
The bulk composition, measured at Z>5mm is presented in Table 26. The composition does 
not differ significantly from that measured for the feedstock powder, and remains well 
within the compositional range required for IN625. 
Table 26: EDS measurement of bulk composition for 500µm IN625 
Material Element wt% Deviation Error 
Ni Cr Mo Nb Fe Ti Al 
IN625(max spec) 68.85 23.0 10.0 4.15 5.0 0.4 0.4   
IN625(min spec) 58.0 20.0 8.0 3.15 0.0 0.0 0.0   
IN625 Powder 61.9 22.2 8.4 3.5 3.9 0.0 0.1 0.4 ±0.16 
IN625 500µm LM 61.2 21.8 8.8 3.9 4.1 0.0 0.1 0.1 ±0.06 
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4.2.5.3.3 Hardness 
The average material hardness for each of the hatch distances investigated is presented in 
Figure 125. There is a slight trend towards increased hardness with wider hatch spacing, 
coupled with a small increase in the variability between hardness measurements. The 
increase in hardness may be due to a slightly higher solidification rate, as fewer welding 
passes at larger hatch spacing will result in a slightly cooler substrate. However the 
variation is small, particularly considering the typical error associated with hardness 
measurements in general. 
 
Figure 125: Hardness variation with Hatch Distance for 500µm IN625 
The distribution of material hardness within a 5x5mm area of the samples cross-sections is 
shown in Figure 126. While the hardness measured is relatively consistent at both 0.5mm 
and 0.8mm hatch distances, the contribution to variation can be seen for 1.1mm hatch 
distance, in the form of a few isolated points of low hardness. These low points are a direct 
result of increased porosity, permitting a larger indent to be made than would be the case 
in higher density material. The material on the whole does however possess a higher 
hardness than for that at closer hatch distances, suggesting a microstructural effect due to 
the differences in processing conditions. 
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Figure 126: Hardness distribution for 500µm IN625 a) 0.5mm Hatch b) 0.8mm Hatch c) 1.1mm Hatch 
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4.2.5.4 Discussion of 500µm layer thickness IN625 multi-layer experiments 
Deposition of multi-layer, multi-weld “bulk” material in 500µm layer thicknesses for IN625 
has been shown to produce material of reasonable density and hardness. The geometric 
accuracy and form of the deposited samples was poorer than for comparable 100µm layer 
thickness samples, with a distinct waviness along the length of the samples as shown in 
Figure 113. This would indicate that although the thermal control strategy implemented 
has been successful with regards to material density (which remains nominally constant 
with Z height) the process parameters are not fully optimised when considering the 
thermal isolation from the substrate. The analytical work of Tahmasbi et al., [333] clearly 
shows that for a low thermal conductivity material (such as IN625) the maximum 
temperatures seen within each layer are strongly influenced by Z height, as previously 
deposited material serves to insulate the current layer from the substrate. Although an 
interpass dwell to allow cooling of previously deposited material would be effective in 
reducing this effect, this represents a corresponding decrease in deposition rate and overall 
productivity. Therefore by using a reduction in laser power productivity is maintained, 
while density has not been affected, with the exception of samples manufactured at a 
hatch spacing of 1.1mm, indicating a lower boundary for energy density after which 
porosity will increase. However, further optimisation of the process parameters at 0.5mm 
hatch distance could improve the top surface form without a loss of density. 
Material hardness was seen to vary with hatch spacing, however average hardness of 
samples deposited at the same hatch spacing in 500µm layer thickness (261HV0.3±6.6HV0.3) 
was lower than that for material deposited at 100µm layers (312HV0.3±7.6HV0.3). The 
greater heat input required to achieve stable welding for 500µm layers causes a slower 
solidification rate and larger grain size, thereby reducing hardness in the as deposited 
material. 
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4.2.6 Discussion of multi-layer deposits for IN625 
4.2.6.1 Weld cooling 
The examination of the materials microstructure and porosity distribution for 500µm layer 
deposits of IN625 conducted in Section 4.2.5 highlighted a difference in porosity 
distribution and microstructural alignment between the outer edges of the sample and the 
central region. The centre of the sample exhibits a secondary alignment of some grains in a 
diagonal orientation towards previously deposited weld beads in the same layer, as well as 
a slight increase in porosity. 
It is considered that welds in the central region of the sample experience a greater 
solidification rate due to greater thermal conduction into the previously deposited material 
not only in the layer below, but also into the previous weld bead of the same layer – so 
providing a greater area for heat transfer than for a single weld bead within the powder 
bed. Figure 127, schematically shows the differences in the cooling paths available from the 
weld beads. Cooling into the powder bed and argon atmosphere present in the denuded 
regions is a less effective cooling path (via radiation and convection) compared to 
conduction into the deposited material. During deposition of subsequent weld tracks there 
is a larger proportion more effective conduction cooling into the previous weld bead and 
previous layer than is available to the first weld bead in a given layer. 
This difference in cooling rate and direction is more apparent in powder bed LM at 500µm 
layers than at 100µm layers, as the ratio of cooling into previous layers compared to 
previous weld beads within the same layer is significantly different to that seen in thinner 
layers. This can be demonstrated by a comparison of the approximate ratio of weld width 
to weld height for differing powder bed LM systems shown in Table 27.  
Table 27: Ratio of weld width to height for differing powder bed LM layer thicknesses 
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Deposition 
System 
Nominal 
weld width 
Nominal 
layer thickness 
Ratio 
(width:height) 
M270 0.1mm 0.02mm 5:1 
100µm 1mm 0.1mm 10:1 
500µm 1mm 0.5mm 2:1 
 
The higher cooling rate results in a greater quantity of entrapped gas bubble porosity, while 
the difference in conduction paths out of the weld bead has a moderate influence on 
microstructural orientation. 
 
 
Figure 127: Schematic representation of weld bead deposition a) first weld in a layer, b) subsequent welds in 
a layer 
 
4.2.6.2 Material density and deposition rate 
Figure 128 presents data for relative material density for all of the samples produced by LM 
in this research, and compares with commercially available ALM material. The melt rate or 
exposure rate is also given as an indicator of potential productivity. The comparative 
material hardness for each process is given in Figure 129. 
On balance, the use of 500µm layers and a hatch spacing of 0.5mm in a high powered laser 
powder bed system is capable of producing material of a comparable relative density to 
a) 
b) 
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that of current commercial systems, but with a much higher potential productivity, being 
able to expose material at a rate of 0.023cc/s compared to current commercial systems 
which can achieve only 0.002cc/s. 
 
Figure 128: Productivity vs material quality for powder bed LM of IN625 
4.2.6.3 Material hardness 
The hardness of IN625 samples produced during this work was similar to that of material 
produced by Dinda et al., [32] using a blown powder laser-DED system, at approx. 250HV, 
however the work of Paul et al., [30] (using a CO2 laser in a similar blown powder 
configuration) reports a much higher hardness (~500HV) for IN625 in the as built condition. 
Commercially available data indicates a hardness of approx. 290HV for current powder bed 
deposition routes, after the material has undergone a solution annealing heat treatment. 
Therefore hardness of material produced by 500µm powder bed deposition would appear 
to indicate a reasonable balance of mechanical properties in line with that expected from 
an AM process, the exact balance of strength and ductility present must now be 
established.  
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The variation in hardness between samples produced at 500µm at varying hatch distances 
would appear to indicate an increase in hardness with larger hatch spacings. This may be 
due to higher cooling rates, as fewer laser passes are made, therefore the hardness for 
0.5mm hatch spacing samples may be increased if further work were conducted on the 
thermal control strategy, or the material were naturally allowed to cool locally between 
exposures as may occur on larger components or multiple component builds. 
 
Figure 129: Material hardness for powder bed LM IN625 
Figure 130 shows the range of volumetric energy densities investigated during this research 
for 500µm powder bed layers, compared with that for current commercial 20µm layer 
systems. As can be seen, despite the use of “high power” lasers, the actual energy density 
capability is significantly lower than that of commercial high resolution systems, due to the 
larger focal spot size of the laser used, and the thicker powder bed layers. Although using 
lower energy ranges, it would appear that high deposition rate powder bed LM would not 
result in a reduction in material density compared with current commercial high resolution 
processes, particularly if conducted in a production quality sealed chamber machine. 
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Figure 130: Volumetric Energy Density ranges for LM systems 
 
4.3 Powder Bed Laser Melting of Inconel 625 MMCs 
4.3.1 Reinforcement Down-Selection 
Three ceramic materials were selected for comparison and were supplied by Pi Kem Ltd, 
Alumina (99 % Al2O3,), Silicon Carbide (95 % SiC) and Titanium Carbide (99 % TiC), with the 
remainder composed of unkown impurities. 
4.3.1.1 Powder homogeneity & behaviour 
The particle size distributions for all powders were measured by laser diffraction 
techniques, using a Mastersizer 2000, with Sirocco 2000 dry dispersion system (Malvern 
instruments Ltd, UK), results are given in Table 28. 
Table 28: PSD of matrix material and candidate reinforcements 
Sample D0.1(µm) D0.5 (µm) D0.9(µm) Error (µm) 
IN625 23.17 31.28 43.76 ±2.0 
Al2O3 5.85 8.48 14.41 ±1.0 
SiC 3.07 4.60 8.10 ±1.0 
TiC 0.22 0.44 1.18 ±0.5 
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Prior to deposition, the reinforcement powders were each mixed at 5 wt% (approx. 10 
vol%) with IN625, using alumina jars and media, at a speed of 150 rpm for a duration of 1 
hour. Powders appeared visually well mixed.  Investigation by SEM shows even mixing of 
both the Al2O3 and SiC reinforcement with the matrix material. However a proportion of 
the significantly smaller TiC particles demonstrated a propensity to agglomerate, while the 
rest are distributed evenly. 
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Figure 131: Back scattered electron images of mixed MMC candidates a)IN625+Al2O3, b)IN625+SiC, 
c)IN625+TiC 
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4.3.1.2 Observations of samples 
4.3.1.2.1 Melt processing behaviour – High speed video/photography 
Frames extracted from a high speed video recording of the melt pool during processing of 
the samples show a qualitative difference in behaviour between each material. While both 
IN625+SiC and IN625+TiC melt pools exhibit a degree of ejecta (weld spatter), in contrast 
the proportion of gaseous discharge (vapour plume) from the IN625+Al2O3 melt pool is 
much greater than for the other materials. 
 
Figure 132: Frames from high speed video of melt pool processing a) IN625+Al2O3, b) IN625+SiC, c) IN625+TiC 
4.3.1.2.2 Deposited samples – visual inspection 
Figure 133 shows an example of deposited MMC samples immediately after removal from 
the build chamber. 
a) 
b) 
c) 
Vapour plume 
1mm 
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Figure 133: IN625+SiC deposited samples 
The images shown in Figure 134 compare each of the candidate materials against the 
baseline sample, each was produced using the same deposition parameters (100µm layers, 
1kW, 7m/min). 
The IN625 sample shows consistent stable melting of the material, with a near flat top 
surface. The Al2O3 composite shows a rough porous top surface, with significant excess 
material build up at either end of the molten tracks, and apparent poor melting indicated 
by minimal overlap of tracks. Melt appears to have been violent and less stable than for the 
pure matrix material. Notably the oxygen present in the build chamber during deposition of 
the Al2O3 composite was significantly higher than for all other samples, up to 4000 ppm 
rather than 2000 ppm.  
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Figure 134: Macro photography of as deposited samples a) IN625, b) IN625+Al2O3, c) IN625+SiC, d) IN625+TiC 
The SiC composite has a smooth top surface, although closer inspection reveals significant 
macro-cracking of the sample both vertical to the substrate and transversely to the laser 
scanning direction. 
The TiC composite shows a consistent and stable molten track, with no significant edge or 
end of line build-up of material, no cracking is evident and the top surface is relatively flat 
compared to the other composite samples, although not quite as consistent as the IN625 
samples. 
Build of both the Al2O3 and SiC samples was interrupted at between 15 and 20 layers 
respectively, as excess sample material from the uneven top surface obstructed the re-
coating process; build of the TiC composite was voluntarily ended at 40 layers, with no 
evidence to indicate that the build could not continue indefinitely. 
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4.3.1.3 Porosity & Microstructure 
4.3.1.3.1 Optical Microscopy evaluation 
The optical micrographs presented in Figure 135 provide an appreciation of a 
representative cross section of each candidate MMC material, compared to the matrix 
alloy. 
Most notably the SiC composite exhibits significant macro-cracks which have propagated 
both horizontally and vertically, often interconnected in nature. These seem to have 
formed independently of the large porosity voids which are present, clustered 
preferentially at either edge of the sample, while the cracks are dominant in the centre of 
the sample. 
The Al2O3 composite material shows much lower porosity, although some large defects are 
present. Cracks are seen at the interface with the substrate, aligned vertically, and located 
centrally in several molten tracks. The top surface of the sample can be seen to be highly 
irregular, with build-up at the edges, but under-deposition in the centre (attributable to 
insufficient powder deposition in the lee of the higher edges), this irregular deposition 
eventually caused the build to fail, as the higher edges protruded above the next 100µm 
layer and jammed the recoating mechanism. 
The TiC composite can be seen to vary significantly from the Al2O3 and SiC composites, 
having a relatively consistent top surface with only minor deviations in height between 
molten tracks, the outer edges have not over-built significantly and material density 
appears to be relatively high. 
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Figure 135: Optical micrographs of candidate MMC materials 
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4.3.1.3.2 SEM & EDS evaluation 
4.3.1.3.2.1 IN625+Al2O3 
Observation of the vertical interface cracking in the Al2O3 samples shows them to have 
occurred at grain boundaries in the centre of the molten track. It may be concluded to be 
an example of liquation cracking, whereby lower melting point elements have accumulated 
in the hottest zone of the cooling weld pool during re-solidification, and having lower 
tensile strength and melting point than the surrounding material, have failed during 
subsequent passes, as described by both Robinson and Scott [13] and DuPont [14]. A more 
detailed examination using EDS mapping, indicates that the edges of the cracks are rich in 
Nb and Mo, but poor in Ni and Cr, which would confirm liquation cracking as the cause, 
whereby the substrate is serving as a restraint in the welding process, hence the cracking 
appears only within the first few layers. A more detailed explanation of liquation cracking 
mechanisms is contained in the literature review, Section 2.2.5.4.2. 
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Figure 136: Back scattered electron image of cracks at interface of substrate and IN625+Al2O3 composite and 
associated EDS maps 
The porosity present in the sample has a surrounding high concentration of both 
aluminium and oxygen, as can be seen in Figure 137.  Coupled with the high oxygen 
content noted in the build chamber, this indicates the likely thermal destruction of the 
Al2O3, releasing oxygen into the process chamber, and capturing some bubbles formed 
during solidification. 
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Figure 137: Back scattered electron image of entrapped gas bubble porosity and associated EDS maps 
Examination using EDS mapping (see Figure 138), of what appeared to be large irregular 
shaped defects when viewed with optical microscopy, reveals the presence of small 
clusters of alumina particles which have remained intact after the melting process, 
agglomerations in the feedstock powder have offered mutual protection against complete 
dissolution in the molten pool when compared with isolated particles. 
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Figure 138: Back scattered electron image of un-melted Al2O3 particles and associated EDS maps 
4.3.1.3.2.2 IN625+SiC 
Figure 139 shows SEM micrographs of the IN625 - SiC composite, while ceramic particles 
are obviously present, their distribution is far from homogenous, forming bands across the 
sample, which have acted as heterogeneous nucleation sites, resulting in localised 
columnar growth. The particles are also significantly smaller than the original 
reinforcement particles added to the powder feedstock, indicating either partial or 
complete dissolution during the melting phases, and subsequent re-precipitation. 
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Figure 139: Back scattered electron images of IN625+SiC composite a) low magnification, b) high 
magnification  
Micro-cracking of the specimens seen in Figure 139a appears not to be particularly aligned 
with grain boundaries, freely cutting through grains, nor does it appear localised to the high 
SiC particle concentrations, although a change of crack direction/orientation seems to 
occur often when it passes through the SiC rich bands. Smaller voids seen in the high 
magnification image shown in Figure 139b (imaging the area indicated in Figure 139a) do 
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not exhibit the angular fracture form of post-weld cracks, but have a smoother form 
considered to be lack of fusion defects during solidification. 
Examination of the ceramic particulates by EDS can be seen in Figure 140, showing that 
Mo, Nb and Si are all co-located at the sites of the ceramic particles. This would indicate 
that the particles are in fact a combination of Nb2C, NbC, MoC and SiC formed re-
precipitated during solidification from the molten state. Recalling the Ellingham diagram 
given in the literature review (Figure 18), this should be expected as both Nb and Mo are 
stronger carbide formers than Si at the elevated temperatures such found during 
processing of the material. 
 
Figure 140: Secondary electron image of ceramic particles in IN625+SiC material and associated EDS maps 
4.3.1.3.2.3 IN625+TiC 
Inspection by SEM of the TiC composite in Figure 141a at first appears to have TiC present 
only in large agglomerations; however higher magnification inspection of the samples 
shows very fine TiC particles are evenly distributed throughout the matrix, with their size 
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rarely exceeding 1µm across. Some TiC is obvious in the form of agglomerations present in 
the matrix, a closer inspection shows significant rounding of the particles edges compared 
to their original angular morphology; while backscatter electron images show a gradient in 
composition at their surface (Figure 141b), indicating partial dissolution in the matrix alloy. 
The finely dispersed particulates in Figure 141c have a 4-point star morphology, and are 
less than 0.5µm across, indicating nucleation and crystalline growth during solidification 
from the molten pool. Had TiC feedstock particulates only been fused into the matrix and 
not dissolved, then the distribution of particle sizes would be expected to be similar to that 
of the feedstock powder, however particulates in the deposited material are of a much 
smaller scale and no larger particles have been observed. In contrast, agglomerations of 
particles have been mutually protected from complete dissolution and show a modified 
ablated morphology based on their original angular form. Subsequent analysis by EDS and 
XRD of samples manufactured at 500µm layer thicknesses from the same feedstock 
material confirm that the re-precipitated particulates are TiC. 
       
 
Figure 141: Back scattered electron images of IN625+TiC composite a) undissolved TiC agglomerations, 
b) matrix infiltration of agglomerations, c) dispersed re-precipitated reinforcement particles 
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4.3.1.3.2.4 Discussion of microstructure 
All the ceramic materials have been melted to some degree by exposure to the laser beam, 
and dissolved into the molten pool; in the case of SiC and TiC, to re-precipitate back as 
smaller particles upon cooling and solidification. The greater absorptivity of ceramics such 
as TiC to laser radiation than most metallic materials has been previously noted by Zheng et 
al., [173] and explains the phenomena of TiC particle melting under laser radiation. The 
work of Tahmasbi et al., [333] considers the behaviour of an IN738 + CeO2 composite in a 
purely theoretical model, by considering only the difference in melting points of the 
constituents the computational analysis predicts a lower maximum temperature for the 
composite material in comparison to the matrix alloy alone. In contrast the experiments 
performed in this thesis demonstrate a higher temperature has been reached, as indicated 
by the greater weld width and lower input energy required to produce the MMC. The 
experimental results shown here therefore concur with those of Zheng et al., who cite the 
higher absorptivity of the TiC to laser radiation, a brief examination of relative melting 
points, thermal conductivity and absorptivity coefficients is presented in Table 29, which 
corroborates this observation. 
Table 29: Comparison of key material properties [190] 
Material Density 
(kg/m3) 
Young’s 
Modulus 
(GPa) 
Hardness 
(HV) 
Melting 
Point (oC) 
Absorptivity 
to 1064nm 
laser 
radiation 
Thermal 
Conductivity 
(W/m.K) 
IN625 8400 207 200 1355 0.23-0.25 
[352] 
11.4-21.3 
Al2O3 3960
 220-350 1200-2000 2072 0.68 [353] 16-28 
SiC 3160 386-414 2400-2500 2730 0.7-0.9 [354] 42.5 
TiC 4938 310-462 2620-3200 3167 0.46 [43] 17-21 
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4.3.1.4 Hardness 
The mean hardness values for a set of samples processed with the same laser power and 
speed (1000 W at 7 m/min) are shown in Figure 142. Both micro and macro indentation 
methods provide similar results, with indent sizes being at least one order of magnitude 
larger than the size of the reinforcement particulates. Figure 143 shows the relative scale of 
reinforcement size and distribution compared to hardness indentations. 
 
Figure 142: Hardness of candidate MMC materials 
The hardness results show a significant variation in hardness between the composite 
materials. It can be seen that the addition of Al2O3 to the Inconel 625 matrix has provided 
no significant increase in material hardness. The greatest increase is seen in the case of 
IN625 - SiC, with mean hardness increased by 129±4 % compared to the pure matrix 
material. The addition of TiC shows a measurable and consistent improvement of 32±5 % 
when compared to the matrix alone. Variability of material hardness is significant in the SiC 
reinforced material, with a standard deviation of 99 HV0.3, while the TiC composite has a 
standard deviation of 28 HV0.3, increased by 47 % compared to the deviation of 19 HV0.3 for 
the matrix alloy. This inconsistency can be attributed to the un-even distribution of TiC at 
the powder stage, caused by agglomeration of the relatively small reinforcement particles. 
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In general though, it can be seen from Figure 143, that the hardness indentations cover an 
area including both matrix and reinforcement, where an even distribution exists. 
While the SiC reinforcement did not exhibit the same poor particle distribution during 
powder preparation, the examination by SEM of the material both pre and post hardness 
test shows a high level of segregation of the re-formed particulates, explaining the high 
variation in material hardness. As can be seen in Figure 143c an indent may be performed 
in a carbide rich or poor area, with a pre-existing crack or defect. This particle clustering has 
been observed in the work of Zimmerman et al., [278], who found that clustering occurred 
above 2 vol% of SiC, although these AM samples exhibit a similar increase in hardness,  
Zimmerman et al., [278] noted no significant cracking or porosity in their MMC produced 
by electrodeposition.  
 
  
Figure 143: Back scattered electron imaging of hardness indentations in context with reinforcement 
distribution 
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4.3.1.5 Discussion & Evaluation of Candidate MMCs 
Upon evaluation of the three composite systems investigated, the addition of titanium 
carbide to an Inconel 625 matrix was found to be preferable to additions of either 
aluminium oxide or silicon carbide particulates. The TiC composite demonstrates higher 
density, an absence of micro cracking, and an appreciable increase in the material hardness 
compared to the alternative reinforcements examined in this paper. Compared to 
contemporary AM systems using ~200 W lasers with small spot sizes of the order of 100 
µm, the use of a higher power beam (4 kW over 850 µm spot size) appears to more readily 
melt any ceramic particulates included in the material, when compared to the level of 
dissolution shown by the work of Gaard et al., [43]. In the case of SiC or TiC these appear to 
reform during the solidification process, but at a much smaller size than the original 
particulates. In the case of Al2O3, the oxygen does not remain dissolved in the molten pool 
as carbon is able to, so is not present to permit the ceramic to reform, resulting in a 
compromised metallic alloy. This is supported by photographic recording of the melt pool 
during processing which shows a higher discharge of vapour from the Al2O3 reinforced 
material and EDS mapping of the remaining entrapped gas bubble porosity. 
If indeed completely dissolving the ceramic does not impact the mechanical properties 
significantly, this may allow for the production of composites with significantly smaller 
ceramic reinforcement (<500 nm), which may be beneficial to the material properties, but 
without the need to utilise “nano” materials at the powder processing stage.  
It has been generally considered that the Orowan strengthening effect is not present in 
most micro-reinforced MMC materials [227], as the particulate reinforcements are of too 
great a size and too widely spaced to prevent the motion of dislocations [181]. However, if 
particulate reinforcements on a sufficiently small scale can be achieved, the presence of 
the Orowan strengthening effect may be reconsidered. Zhang et al., [355] noted that for 
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particles of 1 µm the Orowan effect is minimal, whereas decreasing particle size down to 
10 nm results in significant improvements to the strengthening effect, with Orowan 
strengthening becoming relatively more significant than enhanced dislocation density as 
the method by which properties are improved as particle size decreases. AM using micro 
sized particulates as the feedstock, where the processing parameters are such that the 
laser completely dissolves the ceramic constituents and re-precipitates them at a smaller 
scale may well be a viable process route to such a “nano reinforced” composite without the 
associated hazards, costs and agglomeration difficulties associated with such small 
particulates.  
As IN625+TiC was identified as the most promising MMC candidate, its use at both 100µm 
and 500µm layers was assessed for comparison with the IN625 baseline established in the 
preceding section. To further investigate the potential for forming MMCs from lower cost 
feedstocks, an investigation into the laser melting of an MMC reinforced with a Ti and 
carbon (graphite) mix was also investigated and will be discussed in the following sections.  
4.3.2 Single track melting of 100µm layers IN625+TiC 
4.3.2.1 Observations – stability & parameter window 
The process parameter window can be characterised according to the range of behaviours 
presented in Figure 144. No low energy instability types such as balling or humping were 
observed, although welds at low speeds and high laser powers do exhibit some high energy 
instability, characterised by excessive melting and transverse deviation at Linear Energy 
Densities above 50J/m. The absence of low energy instabilities may be explained by the 
higher absorptivity of TiC to laser radiation at this wavelength, as shown earlier in Table 29. 
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Figure 144: Parameter window characterisation for 100µm IN625+TiC 
4.3.2.2 Weld bead geometry & variation 
An evaluation of the weld bead geometry compared to the processing parameters utilised 
is presented in terms of linear energy density (LED) in Figure 145 and Figure 146. Weld 
width shows a slight correlation with LED, however a high degree of error and uncertainty 
is present between repeats in the measured values. For weld height, a similar degree of 
uncertainty is present, with virtually no trend in the measured values compared to LED.  
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Figure 145: Variation in weld bead width with LED for 100µm IN625+TiC single track welds 
 
Figure 146: Variation in weld bead height with LED for 100µm IN625+TiC single track welds 
The results of an ANOVA analysis of the measured values for stable welds are presented in 
Table 30. The interaction of welding power and speed is still the dominant factor in both 
cases (24.1% and 32.3% respectively for weld width and height), with only minor 
contributions from either weld power or welding speed alone. However the significance of 
these values is highly dubious, with P values for weld width well beyond the 0.05 limit. The 
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P values for weld height are however within the 0.05 limit, and may be regarded as 
significant, although the error is still high. 
Table 30: ANOVA of weld bead geometry for 100µm IN625+TiC single track welds 
Source Weld Width Weld Height 
% 
Contribution 
P 
(significance) 
% 
Contribution 
P 
(significance) 
Power 5.0% 0.463 12.7% 0.012 
Speed 2.9% 0.709 10.7% 0.026 
Power/Speed interaction 24.1% 0.375 32.3% 0.014 
Error 68.0%  44.3%  
 
The high absorptivity of TiC to infrared laser radiation, coupled with the comparatively thin 
powder bed layer (only 100µm compared to a laser spot size of 850µm) have resulted in 
excessive melting of both the powder material and surrounding substrate, such that the 
majority of weld bead material is actually entrained from the substrate itself. In addition, 
the relatively wide welds coupled with entrainment of powder material from beyond the 
weld width have had an influence upon subsequent weld bead formation during laser 
exposure, so introducing error into the observed results. 
4.3.2.3 Discussion of 100µm layer thickness IN625+TiC single track experiments 
It is difficult to draw any conclusions from the data presented for 100µm single tracks using 
IN625+TiC powder, due to the interaction of nearby tracks and the high degree of melting 
with the substrate. However, it can be concluded from the process stability chart and 
general welding behaviour that the mixed MMC powder requires a far lower LED in order 
to achieve a stable welding regime. Whereas 100µm thick IN625 requires between 
15-30J/m to enable stable welding, the same material with a 5wt% addition of TiC requires 
only 6J/m or less (although no welding runs were conducted at a lower energy). This 
behaviour is consistent with expectations based upon the reinforcement down selection 
experiments and comparison with existing work in Section 4.3.1.5, due to the greater 
absorptivity of TiC to infra-red wavelengths. 
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4.3.3 Single track melting of 100µm layers IN625+Ti+C 
Practical re-coating of IN625+Ti+C powders could not be achieved at 100µm. Further 
investigation showed that substrate coverage increased with increasing layer thickness, 
and was qualitatively deemed consistent at greater than 400µm layer thicknesses. 
 
 
 
Figure 147: Recoating of IN625+Ti+C powder at differing layer thicknesses a) 100µm b) 300µm c) 500µm 
a) 
b) 
c) 
20mm 
20mm 
20mm 
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The difficulties encountered during re-coating may be attributed to the volume fraction of 
graphite present in the powder mixture, lacking the spherical morphology of metallic 
powders which provide their high flowability. 
4.3.4 Single track melting of 500µm layers IN625+TiC 
4.3.4.1 Observations – stability & parameter window 
Single track welds were made in a 500µm IN625+TiC powder bed to characterise the 
process window, the results of which are shown in Figure 148. The region of stability for 
500µm IN625+TiC is confined a small window of parameters at 3250W at 4m/min and 
4000W at 6m/min. Stability is not improved at higher energy densities. Consistent welding 
stability was only observed for linear energy densities of 40J/m and 48.75J/m welds of 
52.5J/m demonstrated inconsistently stable welds, whilst an LED of 60J/m or greater 
resulted in balling, which would typically be associated with low energy instability, rather 
than high energy. Welds below 40J/m exhibited typical low energy instability, with balling 
in the powder bed layer, often not penetrating to the substrate in the case of low energy 
densities. 
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Figure 148: Process window characterisation for 500µm IN625+TiC single track welds 
4.3.4.2 Weld bead geometry & variation 
The relationship between weld width and LED is presented in Figure 149, with the variation 
in weld height due to LED shown in Figure 150. With the exception of a single outlier, there 
is a linear relationship between weld width and LED, the associated linear functions for 
which is presented in Equation 11, indicating that at least where stable, conventional 
relationships are followed. The data for weld height shows no significant or measurable 
relationship and uncertainty in the measured values prevents a firm conclusion. 
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Figure 149: Variation in weld bead width with LED for 500µm IN625+TiC single track welds 
𝑊𝑒𝑙𝑑 𝑊𝑖𝑑𝑡ℎ = 0.0118 × 𝐿𝐸𝐷 + 1.0183 
Equation 11: Weld width as a function of linear energy density for 500µm IN625+TiC 
 
Figure 150: Variation in weld bead height with LED for 500µm IN625+TiC single track welds 
The ANOVA analysis of these results presented in Table 31 confirms that LED is the 
dominant factor in determining weld bead geometry, but also indicates the high degree of 
uncertainty present in the results, with only the power/speed interaction for weld height 
being significant in the analysis. 
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Table 31: ANOVA of weld bead geometry for 500µm IN625+TiC single track welds 
Source Weld Width Weld Height 
% 
Contribution 
P 
(significance) 
% 
Contribution 
P 
(significance) 
Power 7.0% 0.192 7.2% 0.136 
Speed 9.5% 0.085 9.0% 0.072 
Power/Speed interaction 28.8% 0.091 34.6% 0.014 
Error 54.7%  49.1%  
 
4.3.4.3 Discussion of 500µm layer thickness IN625+TiC single track experiments 
The welding stability behaviour of IN625+TiC in 500µm layers has exhibited a more complex 
behaviour than that of the other material and layer thickness combinations observed. For 
the matrix alloy at both 100µm and 500µm and for IN625+TiC at 100µm layers, a stable 
welding regime could be expected above a threshold LED value. A regime of stable welding 
then exists up to an upper bound LED value, after which significant melting of the substrate 
and high temperatures result in high energy instabilities in the weld bead (lateral 
waviness). In contrast, the stable welding of IN625+TiC was possible only within a 
reasonably narrow window of processing parameters. At low LED values, typical balling 
type behaviour is seen, however welding is also unstable above the LED values where 
successful welding occurred. 
It is considered that the high absorptivity of TiC to infra-red wavelengths encourages the 
formation of a weld pool within the powder bed, absorbing laser radiation and widening 
the molten pool, such that penetration to the substrate may not be achieved, thus 
preventing wetting and resulting in an unstable weld bead within the powder bed even at 
high energy densities. 
Welding at 40-48.25J/m provided sufficient energy input to melt material, but not so much 
as to result in excessive entrainment of additional material from the surrounding powder 
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bed. Therefore the energy input is not dissipated into melting more powder than desired, 
and wetting of the molten pool and substrate can take place. 
4.3.5 Single track melting of 500µm layers IN625+Ti+C 
As recoating could only be achieved at 400µm layers or greater, experiments were 
conducted for 500µm layers only in the case of IN625+Ti+C powders (example build plate 
shown in Figure 151). 
 
Figure 151: Example of single track laser welds from a 500µm powder bed of IN625+Ti+C 
4.3.5.1 Observations – stability & parameter window 
Figure 152 presents the characterisation of the process window for single track laser 
melting of IN625+Ti+C powder mixtures in 500µm layers. The window is dominated by high 
speed, low power instability in the form of balling or mixed-mode instabilities 
(discontinuous welds/balling behaviour). Welding appears most stable at the slowest 
possible speeds and highest power, although some welds do not follow this trend (e.g. 
1kW, 4m/min and 3.25kW, 4m/min as highlighted in Figure 152) this may be attributed to 
differences in substrate temperature between repeats. A parameter set using 4kW and a 
speed of 4-6m/min would appear to provide a stable weld at the highest possible 
deposition rate, without excessive heat input. Two uncertain results are highlighted in 
60mm 
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Figure 152, where repeats are unclear as to the dominant behaviour for the parameter set. 
This variability is considered to be due to local variations in substrate temperatures due to 
preceding welds. 
 
Figure 152: Parameter window characterisation for 500µm IN625+Ti+C 
The measured substrate temperature during single track welding of an IN625+Ti+C build is 
presented in Figure 153. For the duration of the build, a maximum temperature of 44oC 
was recorded in the centre of the substrate at a depth of 4mm from the surface. 
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Figure 153: Substrate temperature during IN625+Ti+C single track welding  
4.3.5.1.1 Pre-Heated 
In an effort to provide a more favourable welding environment for the reduction of residual 
stress cracking, repeat trials were conducted with a pre-heated substrate. The effect upon 
welding stability was unclear; some of the parameter combinations previously 
characterised as “stable” for ambient temperature welding appeared to demonstrate some 
instability, however this was deemed to be a case of inconsistency in repeats on the 
boundary between stable and unstable behaviour (4-6m/min welding speeds).  Although 
some variation in behaviour was seen for repeat welds around the boundary between 
instability and stability, in general welds at or above 30J/m are stable for at least two out of 
three repeats, with balling or humping occurring on occasion. It is only at 100-120J/m that 
welds become consistently stable in every repeat. It may therefore be suggested that 
higher energy densities may result in a broader parameter window could this be 
investigated. A single parameter set lies outside of the definitively stable region 
(highlighted in Figure 154), with two out of three repeats exhibiting stable behaviour, but 
one unstable, due to variations in substrate temperature. 
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The temperature measured in the substrate for pre-heated IN625+Ti+C single track welds is 
shown in Figure 155. Although a pre-heat temperature of up to 530oC was achieved, the 
temperature recorded during welding continued to decrease from 300oC to approximately 
250oC, despite the input of laser energy during welding (noted to be minimal during 
un-heated experiments). 
 
Figure 154: Parameter window characterisation for pre-heated 500µm IN625+Ti+C 
 
Figure 155: Substrate temperature during pre-heated IN625+Ti+C single track welding 
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4.3.5.2 Weld bead geometry & variation 
In general an increase in LED results in an increased weld width, as shown in Figure 156. 
The trend shown is significant, with little variation between repeats. The variation of 
welding height with LED exhibits no particular trend, with the degree of variability between 
repeat measurements often high, this is confirmed by the high P value in the ANOVA 
presented in Table 32. The linear function for weld width is given in Equation 12, however 
no reliable trend can be determined for weld height, so none is presented. 
 
Figure 156: Weld bead width related to LED for un-heated 500µm IN625+Ti+C 
 
Figure 157: Relationship between weld height and LED for un-heated 500µm IN625+Ti+C 
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𝑊𝑒𝑙𝑑 𝑤𝑖𝑑𝑡ℎ = 0.0132 × 𝐿𝐸𝐷 + 0.7879 
Equation 12: Weld width as a function of linear energy density for 500µm IN625+Ti+C 
In contrast to the behaviour of IN625 or IN625+TIC materials, the weld width for 
IN625+Ti+C is most strongly influenced by the effect of welding speed (29.6%) and welding 
power (25.9%) independently, with the interaction effect bearing a significance of 19.2%, 
comparatively low. The welding height is still primarily influenced by the power/speed 
interaction effect, however welding power and welding speed are proportionally more 
influential in determining weld height than has been noted for other materials so far. The 
degree of error in this ANOVA analysis is moderately high, 25.3% and 45.2% for width and 
height respectively, while the analysis of weld width is significant (P<0.05), only the power 
and speed analysis for weld height is significant, with a high value of P=0.102 for the 
weld/speed interaction removing any confidence in the data for that interaction. 
Table 32: ANOVA results for un-heated 500µm IN625+Ti+C single track welds 
Source Weld Width Weld Height 
% 
Contribution 
P 
(significance) 
% 
Contribution 
P 
(significance) 
Power 25.9% 0.000 18.3% 0.002 
Speed 29.6% 0.000 13.2% 0.011 
Power/Speed interaction 19.2% 0.010 23.2% 0.102 
Error 25.3%  45.2%  
 
4.3.5.2.1 Pre-Heated 
The variation of weld width with LED is presented in Figure 158, and appears to be highly 
consistent with that recorded for welds on ambient temperature substrates. The only 
notable difference being that welds at low energy densities (<10J/m) exhibit a greater 
width than for ambient temperature substrates. The trend line is however virtually 
identical regardless of substrate pre-heating at higher linear energy densities. 
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Figure 158: Relationship between weld width and LED for pre-heated IN625+Ti+C  
𝑊𝑒𝑙𝑑 𝑊𝑖𝑑𝑡ℎ = 0.012 × 𝐿𝐸𝐷 + 0.9244 
Equation 13: Weld width as a function of linear energy density for pre-heated 500µm IN625+Ti+C 
With the exception of a few individual parameter sets, the variation in weld height is not 
excessive, however no trend is shown with the increase of LED, as shown in Figure 159. The 
average height is 0.63mm, 24% higher than the intended layer thickness, consistent with 
the known entrainment behaviour of a single isolated weld in a powder bed.  
 
Figure 159: Relationship between LED and weld height for pre-heated 500µm IN625+Ti+C  
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An ANOVA analysis of the measured data for stable welds is presented in Table 33, and 
indicates that welding speed is the dominant factor in determining weld width and height, 
although welding power and the interaction of power and speed are also significant. Again 
a high error is present, with all of the interactions regarded as significant with the 
exception of the power/speed interaction for weld height. 
Table 33: ANOVA results for pre-heated 500µm IN625+Ti+C 
Source Weld Width Weld Height 
% 
Contribution 
P 
(significance) 
% 
Contribution 
P 
(significance) 
Power 20.0% 0.000 19.6% 0.001 
Speed 31.2% 0.000 20.7% 0.001 
Power/Speed interaction 18.4% 0.045 15.8% 0.359 
Error 30.5%  43.9%  
 
4.3.5.3 Discussion of 500µm layer thickness IN625+Ti+C single track 
experiments 
The single track laser melting experiments for mixed IN625+Ti+C exhibit a similar behaviour 
to that of the matrix alloy, in so far as there is a simple threshold LED value, above which 
stable welding can be achieved, unlike the more complex laser/powder bed interactions 
observed for IN625+TiC at 500µm layer thickness. It is interesting to note however that the 
threshold value differs between single tracks upon an substrate at ambient temperature 
and single tracks upon the pre-heated substrate. A stable welding regime is achieved above 
an LED of 40J/m for the ambient temperature experiments and above 55J/m for the pre-
heated experiments. This difference in the stability threshold is counterintuitive, as the 
substrate maintained a temperature above 250oC, it should be expected that the stability 
threshold should decrease as a reduced energy input is required to reach the melting point 
of the material. Figure 160 presents the calculated weld width based on input LED using the 
equations defined by experimental data, the percentage difference in weld width between 
ambient and pre-heated behaviour is plotted on the second axis.  
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Figure 160: Effect of LED on weld width for ambient and pre-heated IN625+Ti+C based on averaged equations 
As the LED increases, the width of the welds converges, however, at lower LED values it can 
be seen that the width of molten material in the pre-heated case always exceeds that of 
the ambient material. This would indicate a similar behaviour as seen in IN625+TiC, where 
the interaction of the laser and powder bed results in greater melting within the powder 
bed, entraining material from either side of the weld, as it is already at an elevated 
temperature. As energy is used to melt and entrain more material from the powder bed 
this results in reduced penetration through the powder and limits subsequent wetting with 
the substrate. At higher energy densities, the difference in pre-heat temperature becomes 
less significant as a proportion of the overall energy input and the laser is able to penetrate 
the powder bed and the effect of substrate material dominates, so no measurable 
difference in weld width is observed. 
4.3.6 Multi-Layer deposits of IN625+TiC at 100µm layers 
4.3.6.1 Observations – Stability 
General observations of 100µm IN625+TiC samples were presented in Section 4.3.1 during 
the down-selection of reinforcement materials. 
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4.3.6.2 Porosity 
The areal porosity measured by optical microscopy for IN625+TiC at 100µm layers is 
compared to that of the IN625 matrix material in Figure 161. The average of the measured 
values indicate a slightly lower relative density than that of IN625, although variation 
between differing heights within the sample is on the same order as that observed for 
IN625. However, it should be recalled from the down-selection of reinforcement materials, 
that TiC agglomerations appear in the 100µm IN625+TiC samples and could easily add a 
false contribution to this porosity measurement. 
 
Figure 161: Average porosity for IN625+TiC at 100µm layers compared to IN625 matrix 
4.3.6.3 Composition, Microstructure & Hardness 
As discussed in Section 4.3.1 the powder mixing for 100µm IN625+TiC was not sufficient to 
produce a homogenous distribution of TiC particulates. The bulk composition as measured 
by EDS for 100µm IN625+TiC is given in Table 34, significant deviations from the desired 
composition can be noted when comparing the deposited material with the intended 5wt% 
TiC content of the original powder mixture, the high Ti content of 19wt% in the deposited 
sample and 26wt% Ti content in the feedstock mixture (reported in Section 4.1.1.5.3) 
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indicates that the inhomogeneous distribution of reinforcement is responsible for the 
unusual measurements. 
Table 34: Composition of LM IN625+TiC at 100µm layers 
Material Element wt% Deviation Error 
Ni Cr Mo Nb Fe Ti Al 
IN625 (max spec) 68.85 23.0 10.0 4.15 5.0 0.4 0.4   
IN625 (min spec) 58.0 20.0 8.0 3.15 0.0 0.0 0.0   
IN625 Powder 61.9 22.2 8.4 3.5 3.9 0.0 0.1 0.4 ±0.16 
IN625+TiC 100µm LM 59.2 16.2 3.2 1.6 0.9 19.0 0.1 0.5 ±0.35 
 
The hardness distribution within a full sample cross-section was evaluated, and is mapped 
in Figure 162. The average deposited material hardness was calculated to be 387HV0.3, an 
increase of 24% over the matrix material processed under the same conditions. As can be 
seen in the hardness map, while the majority of the cross section has a relatively even 
distribution of hardness, occasional high hardness points introduce a high level of 
variability compared to that of the matrix material alone. These high hardness regions are 
attributable to the clustering of reinforcement particulates, as observed by SEM. 
 
Figure 162: Cross-sectional hardness distribution for 100µm IN625+TiC at 0.5mm Hatch 
4.3.6.4 Discussion of 100µm layer thickness IN625+TiC multi-layer experiments 
The processing behaviour and resulting material for 100µm layer thickness multi-layer 
deposition of IN625+TiC was dominated by the effect of inhomogeneous powder mixing. 
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However, as a result of the poor feedstock mixing in this case, two differing TiC behaviours 
can be observed. Agglomerations of TiC remain after molten processing, showing an 
ablated rounded morphology, this demonstrates that TiC is dissolved to some degree 
within the molten pool, but as agglomerations are able to mutually protect each particle 
from complete dissolution a differing behaviour is noted to smaller independent particles 
which are fully dissolved and re-precipitated with a differing morphology to those only 
partially dissolved. Therefore further investigations into achieving fully mixed powder were 
conducted in Section 4.1.1 and the more homogeneously mixed powders used for 
subsequent experiments at 500µm layer thicknesses. 
The benefit to hardness was shown on average to be a 24% increase compared to the 
matrix material alone. However, a more modest increase is expected for samples where 
agglomeration is prevented, as this average will have been skewed by the inclusion of 
unusually high hardness regions as shown in Figure 162. 
4.3.7 Multi-Layer deposits of IN625+TiC at 500µm layers 
4.3.7.1 Observations – Stability 
Figure 163 shows photographs of 500µm IN625+TiC samples as removed from the build 
chamber. Different hatching distances have produced noticeable changes in the geometry 
of the samples built. At 0.5mm hatch distance, although the ends of each sample have a 
significant slope, the overall form appears stable with top surface deviation on the order of 
0.5mm. Samples at 0.8mm hatch distance have a more variable end condition to each weld 
and surface variations on the order of 1mm. At 1.1mm hatch distance, samples are on the 
boundary of instability, with significant waviness along the weld direction on the order of 
several millimetres, particularly at higher welding speeds of 6.5m/min, compared to 
5.5m/min. 
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Figure 163: 500µm layer IN625+TiC samples as built a) 0.5mm hatch b) 0.8mm hatch c) 1.1mm hatch 
4.3.7.2 Porosity 
4.3.7.2.1 Cross-Sectional porosity – Optical Microscopy 
The micrograph montages presented in Figure 164 show sample cross sections at all three 
hatch distances utilised. Samples at 0.5mm hatch distance may be qualitatively assessed as 
closest to the intended rectangular cross section shape, with decreasing geometrical 
accuracy as hatch distance was increased. 
Contrast thresholding of micrographs from all three samples provided measurements for 
porosity, which are presented in Figure 165 as a function of hatch distance. As can be seen 
from the micrographs, the porosity present increases with hatch spacing. 
 
b) a) c) 
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Figure 164: Optical microscope montages of 500µm IN625+TiC samples at a) 0.5mm hatch b) 0.8mm hatch c) 
1.1mm hatch 
a) 
b) 
c) 
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Figure 165: Increase of porosity with hatching distance for 500µm IN625+TiC 
The variation of porosity with build height is shown in Figure 166 for all three hatch 
distances, as well as a trend to increased porosity with hatching distance, it can be noted 
that porosity increases with build height, particularly for samples at 0.5mm hatch. This 
would indicate that further optimisation of process parameters for deposition at each layer 
is required to maintain a stable and consistent melt and solidification behaviour. 
 
Figure 166: Porosity variation with respect to Z height and hatching distance for 500µm IN625+TiC 
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The decrease of porosity with closer hatch spacing may be represented as a function of 
volumetric energy density, as shown in Figure 167. 
 
Figure 167: Variation of porosity with volumetric energy density for 500µm IN625+TiC 
𝑅𝑒𝑙𝑎𝑡𝑖𝑣𝑒 𝐷𝑒𝑛𝑠𝑖𝑡𝑦=1−1.9108𝑒−9×10−8 × 𝑉𝐸𝐷 
Equation 14: Relative density as a function of VED for 500µm IN625+TiC 
4.3.7.2.2 Volumetric porosity - µ-CT 
The porosity of a 10mmx10mmx4mm section through a sample manufactured using a 
hatch distance of 0.5mm was assessed by the use of µ-CT to determine the quantity, 
volume and nature of voids present in the material. As shown in Table 35, a total of 384 
defects were detected in the sample volume, having a cumulative volume of approx. 
0.1mm3, a volume porosity of 0.04% for IN625+TiC 
In comparing to the measured µ-CT porosity values for IN625 (0.05%), this value is 
somewhat contradictory, as optical microscopy suggests that there is a slight porosity 
increase for the IN625+TiC material compared to the IN625 matrix alone. 
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Table 35: Volumetric porosity of 500µm IN625+TiC 
Total Volume (mm3) 274.0622 
Void Volume (mm3) 0.0979 
Number of Voids 384 
Calculated Porosity 0.04% 
 
The histogram shown in Figure 168 shows the size distribution of all the voids detected in 
the sample, as can be seen, only one defect is larger than 0.02mm3, with all other defects 
significantly below 0.01mm3, but with an increasing frequency of defects detected at 
smaller sizes. The difference in measured porosity by µ-CT compared to optical microscopy 
is likely therefore due to a high number of small defects below the detection limit being 
present in the IN625+TiC sample, whereas the IN625 sample exhibited fewer, larger defects 
and thus the µ-CT measurement agrees more closely with optical microscopy in that case. 
Examination of Figure 169 and Figure 170 indicate that porosity in the IN625+TiC material is 
predominantly of a gas bubble type morphology and located near to the side walls and 
substrate. The majority of porosity is distributed along the sidewall which experienced laser 
exposure last, indicating that thermal accumulation during the layer exposure may be 
affecting the weld stability and resulting in increased porosity. 
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Figure 168: Volume distribution of defects in IN625+TiC sample 
296 
 
 
Figure 169: Reconstructed 2D slice of IN625+TiC 
  
Figure 170: Reconstructed 3D sample volume and corresponding defect visualisation for IN625+TiC a) solid 
material with voids, b) voids only 
4.3.7.3 Composition, Microstructure & Hardness 
4.3.7.3.1 Microstructure - SEM 
The microstructure of deposited IN625+TiC material exhibits similar characteristics to that 
of the IN625 matrix material. High aspect ratio grains on the order of 50µm wide by 
100µm+ long, with a strong alignment towards the substrate direction. 
1mm 1mm 
1.5mm 
a) b) 
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Figure 171: Back scatter electron image of IN625+TiC microstructure (top layer) 
Examination at higher magnifications shows small angular and star/flower shaped 
particulates, as shown in Figure 172. Particle sizes vary in magnitude from 1-2µm down to 
approximately 0.25µm, although distinguishing porosity and particulates at this scale can 
be difficult unless the angular morphology is readily apparent. The distribution of 
particulates within the matrix appears to be quite homogenous, with none of the particle 
clustering observed in the 100µm IN625+TiC samples, as a result of the longer powder pre-
mixing time.  
Closer examination of the TiC reinforcement particles reveals that as their size increases, 
their morphology undergoes a change from angular cubic, and begins to form star or flower 
like particulates. There also appears to be a preference for TiC particles to co-locate with 
Mo/Nb carbides within the y phase matrix. 
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Figure 172: High magnification back scatter electron image of IN625+TiC microstructure 
 
Figure 173: High magnification back scatter electron image of IN625+TiC microstructure 
4.3.7.3.2 Composition - EDS & XRD 
The linescan of the sample/substrate interface in Figure 174 shows a clear demarcation in 
composition between successive layers, with the bulk material composition achieved after 
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4 layers, at a Z height of approximately 1.0-1.5mm, similar to the behaviour observed for 
the 500µm layer processing of IN625. 
 
Figure 174: EDS Linescan of interface dilution for 500µm IN625+TiC 
EDS Spectra of the bulk material provides an approximate composition for the deposited 
material, given in Table 36. As expected, the proportion of Ti present in the sample has 
increased above that of the matrix material alone. Notably however the proportion of Nb 
and to a lesser extent Mo have also increased, which may indicate some inhomogeneity in 
the distribution of carbides, which could account for this. 
Table 36: Composition of LM IN625+TiC at 500µm layers 
Material Element wt% Deviation Error 
Ni Cr Mo Nb Fe Ti Al 
IN625 (max spec) 68.85 23.0 10.0 4.15 5.0 0.4 0.4   
IN625 (min spec) 58.0 20.0 8.0 3.15 0.0 0.0 0.0   
IN625 Powder 61.9 22.2 8.4 3.5 3.9 0.0 0.1 0.4 ±0.16 
IN625+TiC 500µm LM 58.6 21.6 8.6 5.2 4.2 1.3 0.1 0.1 ±0.05 
 
EDS inspection of the bulk material at a distance remote from the substrate (Z>5mm) 
shows particulates with a high Ti content, indicating the presence of TiC. Notably the 
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carbide forming Mo and Nb elements have also located at the same nucleation sites, as 
shown by the EDS mapping in Figure 175, though it should be remembered that particles 
are close to the size of the interaction volume and so the limits of resolution for EDS. 
 
Figure 175: Back scattered electron image and associated EDS Maps for IN625+TiC 
In order to confirm the composition of the sample, XRD scans were conducted, and 
compared to XRD scans of the powder constituents in their pure as received form. The 
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spectra for IN625+TiC shown in Figure 176 confirms the presence of TiC in the deposited 
material, peaks representing each of the feedstocks are superimposed in the spectra for 
the MMC material. Though the peaks for TiC at 87o and 91o overlap slightly with the IN625 
peak at 89o, it is still possible to distinguish the two phases clearly. The magnitude of TiC 
peaks is of course reduced compared to the pure feedstock, recalling a 5wt% fraction of TiC 
compared to IN625 should be present.  
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Figure 176: XRD Spectra for deposited IN625+TiC material 
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4.3.7.3.3 Hardness 
The cross sectional hardness distribution for each of the three hatch distances are 
presented in Figure 178. The sample exposed at 0.5mm hatch would appear to possess a 
more even distribution of hardness, than those at 0.8mm and 1.1mm, while hardness 
would also appear to increase with hatch distance.  
The increase in average hardness with hatch distance (shown in Figure 177) is attributable 
to the increase in matrix hardness already established rather than the effect of the 
reinforcement. Compared to the hardness variation with hatch distance for the IN625 
matrix alone however the IN625+TiC sample exhibits less variation at 0.5mm hatch 
distance, but greater variation at higher hatch distances. Although IN625+TiC deposited at 
100µm shows a higher average hardness, its variability is much higher than that of either 
IN625 or IN625+TiC produced at 500µm layers. 
The low variation in measured hardness values across the 5x5mm area measured would 
indicate that as observed by SEM, the reinforcement particulates are well distributed on 
both a micro and macro scale. 
 
Figure 177: Variation of material hardness with hatch spacing for IN625+TiC 
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Figure 178: Hardness distribution for IN625+TiC a) 0.5mm hatch b) 0.8mm hatch c)1.1mm hatch 
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4.3.7.4 Discussion of 500µm layer thickness IN625+TiC multi-layer experiments 
As can be seen from the results presented, the more homogeneous powder mixture used 
as feedstock for the 500µm layer thickness experiments has resulted in a consistent and 
homogeneous deposited material. TiC particulates have been dissolved and reformed 
throughout the material with no agglomerations noted in contrast to the 100µm layer 
thickness samples. The consistent porosity measurements for 0.5mm and 0.8mm hatch 
spacing have shown that the thermal control strategy implemented has been successful. 
The XRD scans conducted show that the deposited material has not formed any significant 
quantity of unwanted phases such as Mo2C or NbC, and that the desired IN625 and TiC 
phases have re-formed after melting. 
The average hardness of the material has increased by 19% for the 0.5mm hatch spacing, 
22% for the 0.8mm hatch spacing and 25% for the 1.1mm hatch spacing. Figure 179 
presents data for the 0.5mm hatch sample at 500µm layer thickness alongside that of the 
same processing conditions for the matrix and reported hardness and density for pure TiC. 
Using the law of mixtures an increase in hardness from 261HV0.3 as measured for IN625 
deposited in previous experiments to 456HV should be expected, assuming a volume 
fraction of 8% TiC, having a theoretical hardness in the region of 2700HV. Again using the 
law of mixtures the density of the composite should be expected to be 8.26g/cm3, 
providing a specific hardness of 55HV per unit weight, which would be an increase of 78% 
over the matrix material alone. 
In reality, the experimental results show a more moderate increase in hardness to 
335HV0.3, at an average relative density of 99.5% as measured by optical microscopy, which 
gives a 32% increase in specific hardness to 41HV per unit weight compared to the 31HV 
per unit weight of the matrix material alone. It is unsurprising that the manufactured MMC 
does not attain the properties suggested by a simple law of mixtures approach, as in reality 
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defects, porosity and the inherent variability in hardness measurement (particularly for an 
MMC) will all contribute to uncertainty. The law of mixtures approach is also highly 
idealised, so should only serve as an indication of the expected properties. Given that 
expectation, the analysis of the manufactured samples shows a reasonable improvement in 
properties over the matrix alloy alone. 
 
Figure 179: Comparison of material density and specific hardness between matrix, reinforcement and 
composite vs. law of mixtures prediction using data for 0.5mm hatch sample 
4.3.8 Multi-Layer deposits of IN625+Ti+C at 500µm layers 
4.3.8.1 Observations – Stability 
Figure 180 shows post-build samples of multi-layer IN625+Ti+C produced on un-heated 
substrates. Of the two welding speeds used to produce these samples, the slower 
(5.5m/min) exhibit the greatest stability, whilst those at 6.5m/min were discontinued 
before the complete build height was achieved due to instability. 
There is a trend towards increased geometrical accuracy and apparent welding stability at 
closer hatch distances (0.5mm), with a poor quality deposition at wider hatch distances. 
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It may be immediately observed that macro-cracking is present in the samples, either at 
the substrate/sample interface or within 2mm. Finer secondary cracks are also present 
transverse to the welding direction in the centre of the sample, and pass through all layers 
to the top surface in some cases. The frequency and severity of cracking is greater near to 
the substrate, and in some areas, its interconnected nature has caused small portions of 
the samples to be separated from the majority of the deposited material (see Figure 181). 
     
Figure 180: Photographs of IN625+Ti+C samples at a) 0.5mm hatch b) 0.8mm hatch c) 1.1mm hatch 
 
Figure 181: Stereomicrograph montage of un-heated 500µm IN625+Ti+C cracking - 0.8mm hatch 
The recorded substrate temperature for a build at 0.8mm hatch distance is presented in 
Figure 182. Substrate temperature increases during deposition of the first eight layers, 
after which there is a net decrease in substrate temperature, as the low thermal 
conductivity and build geometry isolate the melt pool heat from reaching the substrate. 
a) b) c) 
5mm 
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During repeated layer deposition the substrate temperature remains relatively consistent 
at an average of 110oC, and on the whole within the range of 100-140oC. 
 
Figure 182: Substrate temperature during multi-layer IN625+Ti+C build 
4.3.8.1.1 Pre-Heated samples 
Inspection of the samples produced using a pre-heated substrate (in Figure 183) show that 
in contrast with samples deposited upon an un-heated substrate, those produced using a 
pre-heated substrate are more stable at higher welding speeds (6.5m/min) whist without 
substrate heating samples at 5.5m/min show the greatest stability. Samples at 0.5mm 
hatch distance still appear to be the most stable though. The most interesting feature of 
the samples however is the degree of cracking at the substrate interface, which is far 
greater for samples with a pre-heated substrate than without. Cracking appears to increase 
with greater hatch distances, and in the case of some samples leads to partial delamination 
of sections of the deposited sample from the substrate, due to the thermal stresses present 
(shown in Figure 184). 
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Figure 183: Photographs of pre-heated IN625+Ti+C at a) 0.5mm hatch b) 0.8mm hatch c) 1.1mm hatch 
 
Figure 184: Stereomicrograph montage of pre-heated 500µm IN625+Ti+C sample cracking - 0.8mm hatch 
A possible explanation may be found for the increased interface cracking in examining the 
substrate temperature profile during the build process. As can be seen in Figure 185, the 
energy input during sample deposition is not sufficient to arrest the natural cooling of the 
substrate once the pre-heating exposure has been discontinued. Particularly recalling the 
net decrease in substrate temperature observed as the build progresses for deposition 
upon un-heated substrates (see Figure 182). The continued cooling and contraction of the 
substrate relative to the deposited sample material will have compounded the cracking 
problems already observed in IN625+Ti+C deposition. 
While substrate pre-heating may have the potential to reduce stresses and enable crack 
free samples, this can only therefore be considered if using an alternate heat source, as the 
a) b) c) 
5mm 
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laser beam can no longer be employed to maintain substrate temperatures once powder is 
deposited. The use of a dissimilar substrate material (steel) may also be a contributory 
factor as difference in CTE between deposited material and substrate will increase the 
stresses present. 
 
Figure 185: Substrate temperature during pre-heated multi-layer IN625+Ti+C build 
4.3.8.2 Porosity 
4.3.8.2.1 Cross-sectional porosity – Optical Microscopy 
The variation of areal porosity for the hatch distances utilised is presented in Figure 186. 
There is a significant variation in the measured values at all hatch distances, as well as a 
steady increase in porosity with hatch distance. 
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Figure 186: Variation in porosity with hatching distance for 500µm IN625+Ti+C 
Comparing the areal porosity measured within the sample cross section, it can be observed 
that there is a trend towards a porosity increase with Z height, particularly for samples at 
0.5mm hatch distances (see Figure 187). This would suggest that local melt pool conditions 
have not remained consistent during the build, despite efforts to reduce the heat input by 
reducing laser power Z height increases. 
 
Figure 187: Variation in areal porosity with Z height and hatching distance for 500µm IN625+Ti+C 
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Despite the apparent increase of porosity due to excess heat input for the 0.5mm hatch 
samples, Figure 188 still shows a definite correlation between energy density and porosity. 
 
Figure 188: Variation in porosity with volumetric energy density for 500µm IN625+Ti+C 
𝑅𝑒𝑙𝑎𝑡𝑖𝑣𝑒 𝐷𝑒𝑛𝑠𝑖𝑡𝑦 = 4 × 10−7 × 𝑉𝐸𝐷 −  7.2571 
Equation 15: Relative Density as a function of VED for 500µm IN625+Ti+C 
4.3.8.2.1.1 Pre-Heated samples 
For samples deposited upon a pre-heated substrate, the general trend for an increase in 
porosity and variation with hatch distance shown in previous experiments remains true, as 
shown in Figure 189. The porosity is however relatively high, up to 10% for samples at 
1.1mm hatch distance, and no greater than 96% average relative density achieved at 
0.5mm hatch distance. 
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Figure 189: Variation in porosity with hatch distance for pre-heated 500µm IN625+Ti+C 
The variation in areal porosity with Z height is substantial for pre-heated samples, however 
no particular trend is evident, with highest porosities seen in either lower or mid Z height 
regions of the sample depending upon hatch distance (as shown in Figure 190). 
 
Figure 190: Variation in porosity with Z height and hatch distance for pre-heated 500µm IN625+Ti+C 
The high variations in porosity shown in Figure 189 do vary with energy density, but no 
conclusive trend can be drawn. 
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Figure 191: Variation in areal porosity with volumetric energy density for pre-heated 500µm IN625+Ti+C 
 
4.3.8.2.2 Volumetric porosity - µ-CT 
To establish the nature of porosity and defects within a IN625+Ti+C sample, a sample 
produced at 0.5mm hatch spacing upon an un-heated substrate was measured by µ-CT 
scanning. The total void volume detected was approx. 53mm3 from a sample volume of 
approx. 266mm3, a volume percentage of 19.94% porosity. 
Table 37 : Volumetric porosity data for IN625+Ti+C 
Total Volume (mm3) 265.7546 
Void Volume (mm3) 52.9945 
Number of Voids 12217 
Calculated Porosity 19.94% 
 
The volume frequency distribution shown in Figure 192 indicates that this is likely a 
significant underestimation, as the frequency of defects increases at smaller sizes and is 
likely to continue doings so below the detection limit for µ-CT. 
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Figure 192: Volume distribution of defects in IN625+Ti+C sample 
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It is evident from inspection of the distribution of defects and their morphology (shown in 
Figure 193 and Figure 194) that the majority of large spherical gas bubble type porosity is 
present towards the edges of the deposited sample, and more so toward the final weld 
track than the first. The majority of defects present in the lower regions of the sample are 
due to cracking. There is a lower concentration of voids in the central region of the sample, 
indicating that processing conditions are more favourable in this region. 
 
Figure 193: Reconstructed 2D slice of IN625+Ti+C sample 
     
Figure 194: Reconstructed 3D sample volume and corresponding defect visualisation for IN625+Ti+C a) solid 
material with voids, b) voids only 
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4.3.8.3 Composition, Microstructure & Hardness 
4.3.8.3.1 Microstructure – SEM 
Inspection of the microstructure close to the substrate interface (<1mm Z height) reveals a 
Ni-Cr-Fe matrix which has formed in a globular dendritic structure, without the Mo/Nb 
carbide veins typically seen in γ phase IN625. Small (<1µm) rounded cubic carbide particles 
are distributed between dendrite arms. Cracking near the substrate appears to be as a 
result of liquation type cracking on the boundaries between dendrite cells. 
 
 
Figure 195: High magnification back scattered electron image of IN625+Ti+C (lower) 
Images of the microstructure at the samples mid Z height (approx. 3mm) in Figure 196 
reveals a transition from the globular dendritic structure described to a more conventional 
dendrite layout. Reinforcement particles appear to be well distributed, and on the order of 
2µm in size.  
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Figure 196: Back scattered electron image of IN625+Ti+C microstructure (mid) 
Within the top third of the samples, there still appears to be a Ni-Cr-Fe matrix Figure 197, 
however its structure is different again, exhibiting an unfamiliar irregular form and not the 
expected y-phase microstructure as seen for the matrix alloy of TiC reinforced material. 
There is a degree of segregation of matrix alloying elements on the 100µm scale, with some 
bands of material showing slightly differing contrast under back scatter electron imaging. 
The particulates identified close to the substrate interface appear to have altered in 
structure as well, while some of the rounded cubic morphology are still present, a large 
proportion of the particulates have taken on a flower/star morphology, growing between 
the matrix phase boundaries. Particles have a size range from <1µm up to 3-5µm, and 
appear to be well distributed throughout the material.  
Closer inspection of the reinforcement particulates observed (Figure 198) shows that they 
do indeed position on the boundaries of y phase grains. The particles themselves appear to 
be of mixed types, with slight differences in contrast between particles indicating some 
compositional differences. In some cases it can be seen that carbide particles of differing 
Ni-Cr-Fe dendrites Carbides 
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composition have grown from the same nucleation site, giving a flower morphology where 
“petals” are composed of different individual carbides as indicated by a difference in BSE 
contrast seen in Figure 198. 
 
Figure 197: Low magnification back scattered electron image of IN625+Ti+C microstructure (upper) 
 
 
Figure 198: High magnification back scattered electron image of carbide particles in IN625+Ti+C material 
Ni-Cr-Fe  
matrix 
Carbides 
Segregation 
Ni-Cr-Fe  
matrix 
Light carbide petal Darker carbide petal 
Segregation 
320 
 
4.3.8.3.2 Composition – EDS 
The bulk composition of the IN625+Ti+C material presented in Table 38 shows a slightly 
lower Ti content compared to that for the IN625+TiC (Ti=1.5wt%) material, indicating that 
mixing of the material was not completely homogenous. 
Table 38: EDS measurement of bulk material for 500µm IN625+Ti+C 
Material Element wt% Deviation Error 
Ni Cr Mo Nb Fe Ti Al 
IN625 (max spec) 68.85 23.0 10.0 4.15 5.0 0.4 0.4   
IN625 (min spec) 58.0 20.0 8.0 3.15 0.0 0.0 0.0   
IN625 Powder 61.9 22.2 8.4 3.5 3.9 0.0 0.1 0.4 ±0.16 
IN625+Ti+C 500µm LM 60.1 21.9 8.5 4.0 4.2 1.0 0.0 0.2 ±0.12 
 
The co-location of Ti, Mo and Nb to form the particulates seen in the SEM images is 
confirmed in Figure 199. Whereas the IN625+TiC material showed a high concentration of 
Ti, with smaller quantities of Mo and Nb located at the particle site, the IN625+Ti+C 
material appears to be predominantly Mo and Nb with a lower concentration of Ti. 
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Figure 199: Back scattered electron image and associated EDS maps for 500µm IN625+Ti+C 
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4.3.8.3.3 Composition - XRD 
The spectra of an XRD scan from deposited IN625+Ti+C material is shown in Figure 200. 
Accounting for some peak shift (which would indicate high lattice strains compared to 
spectra from the IN625 matrix material alone), the peaks for IN625 and TiC can be 
identified, establishing that TiC has been formed in-situ during the LM process. 
In addition small peaks for Ti may also be seen, although discerning such a small quantity in 
the complex spectra is difficult with certainty, however this indicates that not all Ti may 
have been consumed in forming TiC. The peaks for graphitic carbon cannot be noted, 
although the small quantity and complexity of the spectra may be masking its presence, or 
it may no longer be in the form of graphite. Some additional unexpected peaks are present, 
which are not attributable to either IN625, Ti, C or TiC. These peaks represent molybdenum 
carbides (Mo2C), being close to patterns reported in literature [356], although not precisely 
aligning. The peak shift may be explained by lattice strains which will undoubtedly be 
present in the MMC samples compared to any pure reference pattern. The Mo rich 
particulates observed by SEM/EDS would tend to support the idea that Mo2C is present in 
larger quantities than in the matrix material alone, or that in this larger particulate form its 
presence is more readily detected by XRD, whereas in γ-phase IN625, Mo2C are significantly 
smaller and distributed at grain boundaries, which would make their detection by XRD 
more difficult.  
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Figure 200: XRD Spectra for IN625+Ti+C deposited material 
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4.3.8.3.4 Hardness 
The material hardness for IN625+Ti+C is significantly higher than that previously measured 
for IN625+TiC material, and beyond twice that of the IN625 matrix material alone, as 
shown in Figure 201, variation in hardness increases strongly with hatch distance. For pre-
heated samples, the variation in hardness is high regardless of hatch distance. The high 
hardness and corresponding reduction in ductility have left the material highly susceptible 
to crack formation, not only due to liquation cracking at the substrate as observed by SEM, 
but also post weld stress cracking through layers.  
 
Figure 201: Hardness variation with hatch distance for IN625 & MMCs 
The distribution of hardness within 5x5mm sample sections for both ambient condition and 
pre-heated IN625+Ti+C samples is presented in Figure 202, and shows the effects of high 
porosity and cracking where indents could not be measured. The most consistent 
distribution of hardness can be observed in samples produced at 0.5mm hatch spacing and 
with ambient temperature substrates. 
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Figure 202: Hardness distribution for IN625+Ti+C and pre-heated samples a) 0.5mm Hatch b) 0.8mm Hatch 
c)1.1mm Hatch 
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carbides and the presence of excessive carbon has resulted in the formation of a dendritic 
microstructure based on a Ni-Cr-Fe phase, but not recognisable as γ phase IN625.  
The work of Hong et al., [64] noted the presence of Mo and Nb Carbides within the 
interfacial region between TiC particles and the matrix, as the TiC particles were not 
dissolved fully during their experiments. The fully molten processing route during this 
investigation has therefore allowed Ti, Mo, Nb and C to mix more freely, resulting in a 
greater Mo2C volume fraction and differing morphology and scale. 
These differences in structure have caused embrittlement of the material as a whole, and 
in all probability increased strains between the larger carbide particles and the matrix, so 
leading to macro-cracking of the material during deposition of subsequent layers. 
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4.3.9 Discussion of IN625 MMCs 
Very little is reported in literature regarding the additive manufacture or welding of TiC 
reinforced Inconel 625 MMCs, though other nickel superalloys have been processed. 
Hong et al., [172] investigated the formation of TiC reinforced IN718 MMCs using a blown 
powder deposition route, and were able to manufacture a high density material. Some 
dissolution and re-precipitation of TiC was seen for small particulates, while larger particles 
remained mostly intact, but fully bonded into the matrix. In contrast, despite the use of 
lower linear energy densities the laser melting of TiC reinforced IN690 MMCs by Wilson and 
Shin [171] found that although the TiC particles were not fully dissolved in the matrix 
during processing, small particles of TiC begin to form in the interfacial region. Zheng et al., 
[173] were also able to produce IN625+TiC MMCs, and found Ni coated TiC particles 
beneficial to ensure matrix/reinforcement wetting. The observation of results from the 
experiments performed in this thesis are broadly similar, however a greater degree of 
reinforcement dissolution has occurred, resulting in finer precipitates of TiC and a higher 
material density along with faster deposition rates has also been shown.  
To comprehend the reasons for these differences a more detailed assessment of the 
process parameters and equipment is required and is provided in context with more recent 
and relevant literature in Section 4.3.9.1. 
4.3.9.1 Discussion of IN625+TiC processing 
Since the original submission of this thesis, work by Hong et al., [174] and Jiang et al., [357] 
has studied the deposition of pre-mixed IN625+TiC at 5wt% using a blown powder laser-
DED system. Similarly to Wilson and Shin [171], Hong et al., and Jiang et al., found that the 
TiC particulates ablated and dissolved with the matrix alloy, but did not observe as great a 
degree of dissolution and re-precipitation of TiC particles as was seen in the work 
conducted for this thesis. The morphology of the TiC particles in the as-deposited 
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IN625+TiC material produced by laser-DED experiments exhibited an ablated nodular form, 
whereas the morphology shown in the powder bed experiments for this thesis was an 
angular star/flower form, indicating nucleation and subsequent growth during 
solidification. 
The improvement to mechanical properties (namely hardness) for IN625+TiC composites 
shown in this investigation agrees closely with the work of Hong et al., and  Wilson and 
Shin, being in the region of 350-380HV. In contrast however the powder bed process route 
has resulted in a more homogenous distribution of finer (<1µm) precipitated reinforcing 
particles, than that seen in other work (where a mixture of large (>1µm) 
undissolved/ablated particulates and finer (<1µm) precipitated TiC particles are seen).  
In order to understand the reasons for the differences seen it is necessary to analyse and 
compare the differing process parameters used for the contrasting experiments. 
Hong et al., characterise the process in terms of Linear Energy Input Per Unit Length 
(LEIPUL), calculated as shown in Equation 16. However, LEIPUL represents only the laser 
power and speed used, not the complete interaction of all significant process parameters 
for the deposition of more than a single weld (i.e. the volume of material present). 
𝐿𝐸𝐼𝑃𝑈𝐿 = 𝑃/𝑣 
Equation 16 : Laser energy input per unit length (kJ/m), laser power (W) divided by scanning speed (mm/min) 
Jiang et al., characterise the process parameters in terms of energy density per unit mass of 
material, ranging from zero to 25.3kJ/g, which is a more useful metric for assessing the 
energy density used and is the simplest to derive in a laser-DED system where the mass 
flow rate of material is controlled rather than the volume of material available as in a 
powder bed system. 
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In contrast the work conducted in this thesis characterises the processing parameters by 
the Volumetric Energy Density, which accounts for the quantity of material present 
(determined by layer thickness) and most importantly the laser beam focal spot diameter 
and hatching distance between deposition welds. VED can be readily converted to energy 
density per unit mass for comparison with the laser-DED based work of Hong et al., and 
Jiang et al., the full comparison of input process parameters and resulting energy densities 
is presented in Table 39. As has been demonstrated in Section 4.3.7.2, specifically Figure 
165, material density is most strongly influenced by hatching distance as a significant factor 
for determining VED. The smaller focal spot size of the laser used in this work (0.85mm 
compared to 1mm for the laser-DED system) as well as higher laser powers (1-4kW rather 
than 500-800W) and faster scanning speeds (2000-10,000mm/min rather than 300-
900mm/min) have resulted in some distinct differences in the observed results. 
Table 39 : IN625+TiC Process parameter comparison 
 Power 
(W) 
Hatch  
(mm) 
Speed  
(m/min) 
Layer  
thickness  
(mm) 
Deposition  
rate  
(kg/hr) 
Energy  
Density  
(kJ/g) 
Relative 
Density 
(%) 
Powder Bed  
(Max) 
4000 0.5 5.5 0.5 0.70 20.68 99.80 
Powder Bed 
(Min) 
4000 1.1 5.5 0.5 1.53 9.40 98.75 
DED (Max) 800 0.75 0.3 1.0 0.11 25.28 99.50 
DED (Min) 500 0.75 0.9 0.5 0.17 10.53 96.80 
 
Counterintuitively, a comparison of all the relative process parameters between the two 
deposition systems shows that the powder bed system and high powered laser actually 
effected a lower energy density per unit mass of material, this is due to the much higher 
scanning speeds used. The higher degree of TiC dissolution seen in the as-deposited 
material cannot be attributed to any substantial difference in TiC particle sizes either, the 
feedstock utilised by Hong et al., ranged from 5-7µm, while the feedstock utilised in these 
experiments was distributed from 2-10µm (with the exception of agglomerations in both 
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cases). The larger particles should therefore take longer to dissolve; given the higher scan 
speeds and so shorter exposure/melt time for the powder bed system, a lesser degree of 
dissolution should be expected, but in fact the opposite has been observed. 
A more complete understanding of the process can be found in comparing the power 
density of the laser sources used, as shown in Table 40. The high degree of TiC dissolution 
can therefore be attributed to the higher intensity of the smaller laser spot diameter 
coupled with higher laser power, which generates a power density approximately seven 
times greater than that used in the laser-DED based work. This greater power density is 
therefore responsible for more fully melting the TiC particles present within the scale of 
weld pool, despite the overall lower energy density per unit mass of material. 
Table 40: Comparison of laser power density 
 Power 
(W) 
Focal Spot 
Diameter (cm) 
Power Density 
(kW/cm2) 
Powder Bed 4000 0.085 705 
DED (Max) 800 0.1 102 
DED (Min) 500 0.1 64 
 
While the laser-DED system was able to manufacture an IN625+TiC composite of good 
mechanical strength, processing rates remain relatively slow, in the range of 0.11-
0.17kg/hr, in contrast to the deposition rates achieved by the powder bed system (0.7-
1.5kg/hr). The final material density seen in the powder bed samples was also higher than 
that of the laser-DED samples, despite the higher energy density used in the laser-DED 
process, whereas all else being equal material density should usually be expected to 
increase with energy density. Therefore the power density of the laser source should be 
considered as a critical process parameter for materials with a high melting point 
component such as TiC, where lower intensity laser sources may not be able to achieve 
complete melting within the weld. 
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The use of energy density as a metric for parity between differing AM systems is common 
within industry and academia [21], and for near identical hardware the same energy 
density achieved by differing laser powers or speeds will provide a close correlation. The 
work conducted in this thesis does however show that in the case of systems with only 
slightly dissimilar energy sources, such metrics should be treated with caution.  
4.3.9.2 Discussion of in-situ IN625+Ti+C processing 
The investigation into the in-situ formation of TiC reinforcement from elemental Ti and C 
powders has however shown the significant difficulties present in obtaining a homogenous 
material with the desired TiC reinforcing phase. Despite the large difference in the free 
energy of formation for TiC in preference to MoC and Mo2C, the distribution of elements 
during the molten phase and the potential stoichiometric imbalance caused by poor 
powder mixing has resulted in the unexpected formation of Mo2C alongside some TiC, in 
much larger quantities than expected. However the TiC feedstock powders used for 
manufacturing the IN625+TiC MMC did not form these additional Mo/Nb carbides in the 
same way as the in-situ formed material. Although in both cases Ti and C are dissolved in 
the matrix during processing, for the TiC feedstock mixture, the Ti and C proportions are 
precisely stoichiometric, and are also highly localised, rather than being freely distributed 
during melting and rapid re-solidification, hence Ti and C are able to combine and 
preferentially reform as TiC, rather than Mo or Nb carbides. 
It is considered probable that the well distributed presence of carbon throughout the 
material, combined with the formation of large Mo2C carbides (as opposed to the 
conventionally expected small carbides usually seen in γ phase IN625) have significantly 
reduced the ductility of the material. Examination of the microstructure also shows a 
chaotic dendritic type structure as opposed to the conventional γ phase structure. The 
combination of these factors has led to post-weld cracking, as the ductility of the matrix 
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has been reduced and residual stresses caused during processing and by growth of large 
carbide particles exceed the UTS of the compromised material. 
Attempts to relieve the residual stresses by pre-heating the substrate were found to be 
unsuccessful, indicating that the reduced ductility of the material is potentially the primary 
factor.  
The distributed presence of carbon is considered to be the fundamental issue in the 
unusual processing behaviour observed. While mixing powders in an attempt to achieve a 
homogenous mixture of matrix and reinforcement is desirable, for the formation of TiC a 
heterogeneous powder mixture would be desirable. The dissolution and re-precipitation of 
TiC in the experiments using TiC powders show that if Ti and C are in local proximity to each 
other in the correct stoichiometric ratio during the molten phase then the desired TiC 
carbides are able to form without unduly affecting the γ phase. 
Therefore if TiC reinforced IN625 is to be formed from Ti and C powders, it should be via a 
two stage mixing process, whereby Ti and C are mechanically alloyed in a high energy ball 
milling process, before mixing with IN625 in a low energy mixing process. 
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4.4 PTAW Deposition of Inconel 625 
4.4.1 Single Track Deposition of Inconel 625 
The deposition of single track welds was attempted using PTAW and IN625 wire feedstock, 
to determine the processing parameter window and the influence of welding speed, 
welding current and material feed rate upon the process stability and the geometry of the 
deposited weld bead. The weld beads produced on individual substrates are shown in 
Figure 203, each of the welds shown were repeated a total of three times, with minimal 
variation in observed behaviour between repeats. 
4.4.1.1 Observations – stability & parameter window 
The process of PTAW deposition has been characterised at three material feed rates, 
1m/min, 1.5m/min and 2m/min with results presented in Figure 204, Figure 205 and 
Figure 206 respectively. Where repeat runs do not exhibit the same behaviour, these are 
indicated in the figures. The wavy behaviour at 100Amps and 150m/min for both 1m/min 
and 1.5m/min wire feed are due to the slow welding speed, compared to the material 
delivery, a trend which becomes apparent as a distinct region of the process window when 
considering a 2m/min material feed rate. The process map for 1m/min wire feed rate is 
characterised by segmenting instability at high welding speeds due to insufficient material 
feed rate, which caused the weld bead to break down due to surface tension. At higher 
material feed rates, insufficient welding current or excessive speed for the material 
available were the main causes of instability, resulting in either humping or balling as less 
energy is utilised in the melt pool. At low welding speeds, transverse “over-melt” type 
instabilities (lateral waviness) manifest, and were increasingly prevalent at higher material 
feed rates. In all cases, welding with high currents provided a stable weld, suggesting the 
potential for a much larger region of stability at higher welding speeds and material feed 
rates if higher welding currents were available. 
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Figure 203: Single track weld samples deposited by PTAW using IN625 wire 
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Figure 204: Welding stability map at 1m/min wire feed rate 
 
Figure 205: Welding stability map at 1.5m/min wire feed rate 
 
Figure 206: Weld stability map at 2m/min wire feed rate 
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4.4.1.2 Weld bead geometry variation 
The following section presents the variations in measured weld bead width for all welds, 
with the exception of those where balling was observed. The figures show the variation in 
weld width for differing welding speeds and welding currents at each of the three material 
feed rates utilised: 1m/min (Figure 207), 1.5m/min (Figure 208) and 2m/min (Figure 209). 
In general, an increase in welding speed resulted in a decrease in weld width, whereas an 
increase in welding current provided a corresponding increase in weld width. There is only 
minimal variation in weld width with material feed rate however, although there is some 
increase in width with additional material, the effects of welding speed and current 
dominate. 
A similar series of figures examining the effect of welding speed, current and material feed 
rate upon weld bead height are presented in Figure 210, Figure 211 and Figure 212. In 
contrast to the behaviour observed for weld width, increases in weld current resulted in a 
decreased weld height, as the aspect ratio of the weld alters to accommodate the same 
volume of material but in a wider weld. The effect of welding speed remains similar to that 
seen for weld width, however the magnitude of its influence is smaller. Notably differing 
material feed rates result in a more significant variation in weld height, particularly at 
slower welding speeds (150mm/min), where a 100% increase in material feed rate provides 
a resulting 70-95% increase in weld height depending upon welding current. At higher 
welding speeds (750mm/min) more moderate increases occur (approx. 15% height increase 
for a 50% increase in material feed rate). 
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Figure 207: Effect of welding speed and current on weld width at 1m/min wire feed rate 
 
Figure 208: Effect of welding speed and current on weld width at 1.5m/min wire feed rate 
 
Figure 209: Effect of welding speed and current on weld width at 2m/min wire feed rate 
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These observations are confirmed by the results of an ANOVA analysis (Table 41) which 
shows welding speed as the dominant factor in determining both weld width (50.2%) and 
to a lesser degree weld height (21.3%). The second most significant process parameter for 
weld width is welding current (25.2%), whilst material feed rate is the secondary factor for 
weld height (9.4%). ANOVA shows virtually no effect on weld width due to material feed 
rate (1.3%). The significance of interaction effects between each of the three parameters 
appears to be quite low, unlike the behaviour noted in Laser Melting of IN625, which was 
dominated by the interaction of welding power and welding speed. The degree of error in 
the relationships established was estimated to be low for welding width (0.3%), but much 
higher for welding height (63.2%). A similar high significance was found for all the welding 
width effects, whereas the P values shown in Table 41 indicate that the effect of material 
feed rate, and some of the higher order interactions are not significant in this analysis. 
Table 41: ANOVA results for PTAW IN625 single track weld geometry 
Source Width  Height  
% 
Contribution 
P 
(significance) 
% 
Contribution 
P 
(significance) 
Material Feed Rate 1.3% 0.000 9.4% 0.062 
Welding Speed 50.2% 0.000 21.3% 0.000 
Welding Current 25.2% 0.000 2.0% 0.000 
Material/Speed interaction 7.2% 0.000 0.8% 0.003 
Material/Current interaction 5.1% 0.000 1.6% 0.000 
Speed/Current interaction 4.5% 0.000 0.6% 0.142 
Material/Speed/Current 
interaction 
6.3% 0.000 1.1% 0.613 
Error 0.3%  63.2%  
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Figure 210: Effect of welding speed and current on weld height at 1m/min wire feed rate 
 
Figure 211: Effect of welding speed and current on weld height at 1.5m/min wire feed rate 
 
Figure 212: Effect of welding speed and current on weld height at 2m/min wire feed rate 
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4.4.1.3 Characterisation of weld bead – Composition, Hardness & dilution 
Figure 213 presents the centreline hardness distribution for weld cross sections produced 
at the same welding speed (450mm/min) and welding current (126Amps), but with varying 
material feed rates.  
 
Figure 213: Influence of material feed rate on hardness distribution for PTAW IN625 single tracks 
Figure 214 shows the variation in the average hardness of deposited weld material for the 
varying material feed rates. A moderate increase in hardness is apparent with increasing 
material feed rate, on the order of a 20% hardness increase for a 100% increase in material 
feed rate. The additional material will provide a moderate melt pool quenching effect when 
compared to a weld with less material, therefore a more rapid cooling rate may be 
assumed as the cause of the resulting hardness increase. 
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Figure 214: Influence of material feed rate on average material hardness 
Figure 215 presents the average hardness along the weld centreline cross-section for a 
series of welds produced at 1.5m/min material feed rate and 250mm/min welding speed, 
with differing welding currents. There is an overall reduction in hardness along the centre 
line with increasing current, which is particularly noticeable in the hardness of the HAZ. The 
HAZ is typically characterised as a region of re-formed microstructure due to weld heat and 
cooling. A small but hard HAZ indicates rapid weld pool solidification and cooling rates, 
whereas a deeper HAZ with lower hardness is generated by slower weld cooling due to 
higher heat inputs and more gradual thermal gradients.  
For the deposited material, there is a small decrease in overall weld material hardness with 
increasing welding current, with a highly linear relationship, a 50% increase in weld current 
results in an approximate 12% decrease in material hardness. The higher welding current 
will cause a general increase in the temperature of the substrate, resulting in a reduced 
thermal gradient between melt pool and substrate, thus the weld material solidifies at a 
slightly slower rate, yielding a slightly larger grain size and lower hardness. 
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Figure 215: Influence of welding current on hardness distribution for PTAW IN625 single tracks 
 
Figure 216: Influence of welding current on average material hardness 
Figure 217 shows the centreline hardness for a series of welds produced at the same 
material feed rate (1.5m/min) and welding current (126Amps), at varying welding speeds. 
Higher weld speeds have resulted in faster melt pool solidification, and a corresponding 
increase in HAZ hardness.  
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Figure 217: Influence of welding speed on hardness distribution for PTAW IN625 single tracks 
Figure 218 displays the average hardness of the deposited material (excluding HAZ and 
substrate) as a function of welding speed. The increase of welding speed has resulted in 
higher cooling rates, and so a general increase in the hardness of deposited material of 
approximately 13% for a three fold increase in welding speed. 
 
Figure 218: Influence of welding speed on average material hardness  
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Overall the variation in material hardness created by differing processing parameters is not 
excessive, with variations of only 10-20% between the minimum and maximum hardness 
observed, despite large variations in processing parameters. 
Almost regardless of the processing parameters utilised, the variation in material hardness 
along the weld centre line was minimal, with fluctuations on the order of 6% between 
maximum and minimum hardness observed within any single cross-section and often 
below this. 
4.4.1.4 Discussion of PTAW IN625 single track experiments 
Single bead on plate tests conducted using PTAW for IN625 have shown clear relationships 
between the input process parameters and both weld width and weld height, whereas in 
powder bed LM experiments the relationship (particularly to weld height) is not so direct. 
This may be attributed to the strict control of the available feedstock material when using a 
wire feedstock and so powder bed interactions which then define the quantitiy of material 
within the melt pool (such as those seen in IN625+TiC single track experiments) are not 
possible. Notably the consistency of both welding regime stability when repeating runs and 
the consistency of weld centreline hardness between repeats is high, lending a high 
confidence to the trends and relationships observed. 
The welding behaviour observed is consistent with that for powder bed LM experiments, in 
that higher energy inputs enable faster traverse speeds without loss of stability, up to the 
limits of the equipment in this case. 
4.4.2 Multi-Layer Deposition of Inconel 625 
4.4.2.1 Observations – stability & deposition strategy 
Figure 219 shows photographs of deposited IN625 material after two layers and eight 
layers. Top surface roughness, waviness and flatness is small, given the overall dimensions 
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of each weld bead, adjacent beads overlap such that their top surfaces deviate by only 
~0.75mm at any point. At either end of the deposited material, the melt pool shape due to 
initiation and termination means a small degree of variation, on the order of 1-2mm at 
initiation, and 2-5mm at termination. The Z height at the welds initiation point is 
approximately 1mm higher than weld material formed during steady welding, whilst that at 
the termination point slopes to approximately 3mm lower, cumulatively after eight layers. 
This would indicate that on the whole, efforts to control weld bead shape by varying 
welding speed over the weld beads length have been effective, compared to welding with a 
constant speed, where variations in top surface height were in excess of 10mm after 
approximately five layers. 
     
Figure 219: PTAW deposited IN625 at a) two layers b) eight layers 
a) b) 
30mm 
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Figure 220 shows the variation in substrate temperature, as recorded by a thermocouple 
placed on the substrate surface adjacent to the first weld bead, at its Y mid point. Each 
layer was deposited in a cycle lasting 11 minutes 20 seconds from start to finish, with a 
short dwell between each layer as the substrate temperature decreased to <100oC. 
Temperature logging shows the heat input of each layer did not exceed a substrate 
temperature of 337oC, with the highest temperatures recorded during the first weld pass of 
each layer, as it was the closest to the thermocouple position. The linear trend line shown 
indicates no significant tendency towards an increase in substrate temperature throughout 
the build process, showing that the thermal control strategies in place are sufficient to 
keep substrate (and by inference deposited material) temperatures under adequate 
control. The average substrate temperature is approximately 130oC. The effect of welding 
current used on each layer can be observed, while the first layer has a lower peak 
temperature (as the substrate was cold prior to build) the peak temperature drops off at 
layer five, coinciding with the reduction in welding current used to control welding 
behaviour. 
 
Figure 220: Substrate temperature log for multi-layer PTAW IN625 
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Figure 221 shows the typical substrate temperature variation over the course of a single 
layer in more detail. The decreasing saw tooth profile clearly shows the heat input of each 
individual weld bead, with decreasing overall temperatures as the deposition moves away 
from the thermocouple position. 
 
Figure 221: Substrate temperature variation during one layer 
4.4.2.2 Characterisation – Microstructure, Hardness, Composition & dilution 
4.4.2.2.1 Porosity 
The porosity of samples taken from PTAW IN625 material was measured in a similar 
manner to that of the LM samples produced. 
4.4.2.2.1.1 Cross-sectional porosity – Optical Microscopy 
The cross sectional porosity was measured by optical microscopy with contrast 
thresholding to identify defects. The results presented in Figure 222 show a high relative 
density, but an increase in porosity and its variation within layers as Z height increases, 
although the absolute value remains low (below 0.2% porosity). The number of defects 
detected and their total area is presented in Table 42, alongside the previously reported 
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data for LM IN625 for comparison. The average defect area for LM IN625 is approximately 
0.0056%, whilst that of PTAW IN625 is 0.011%, indicating the presence of fewer, but larger 
defects in the PTAW deposited material. 
 
Figure 222: Areal porosity measurements with increasing Z height for PTAW IN625 
Table 42: Areal porosity values for PTAW IN625 compared to LM IN625 
 
100µm IN625 
(0.5mm Hatch) 
500µm IN625 
(0.5mm Hatch) 
PTAW IN625 
Position 
No of 
objects 
Area (%) 
No of 
objects 
Area 
(%) 
No of 
objects 
Area 
(%) 
Top 
LHS 807 0.54 29 0.28 32 0.18 
RHS 867 0.81 14 0.14 21 0.13 
Middle 
LHS 601 1.91 24 0.15 2 0.12 
RHS 701 0.50 53 0.22 4 0.11 
Bottom 
LHS 748 0.51 57 0.21 5 0.11 
RHS 850 0.57 41 0.2 10 0.13 
Average 762 0.81 36 0.20 12 0.13 
Deviation 101 0.55 17 0.05 12 0.03 
Error  ±0.21  ±0.02  ±0.01 
 
Figure 223 displays the areal porosity of PTAW IN625 at differing relative sample positions, 
alongside that for LM IN625. Whereas the variability of the measured porosity increases 
with Z height for LM IN625, the same degree of increase is not seen for PTAW IN625, 
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indicating that the progression of process parameters with Z height for PTAW deposition is 
more closely optimised, maintaining a more stable deposition regime. 
 
Figure 223: Areal porosity at relative sample position PTAW vs LM IN625 
4.4.2.2.1.2 Volumetric porosity - µ-CT 
In addition to cross-sectional porosity measurement, a sample of PTAW material was taken 
from the centre of a PTAW deposited sample, from approx. Z=10-20mm, for µ-CT scanning 
to identify the nature of the defects present. The volumetric data and frequency 
distribution of defects are presented in Table 43 and Figure 224 respectively. In comparison 
with powder bed LM IN625, it can be seen that there are a greater proportion of defects 
over 0.01mm3 in size. The µ-CT measurement is also likely to be more accurate in this case, 
as there are a smaller proportion of defects at or below the detection threshold. 
Table 43: Volumetric porosity data for PTAW IN625 
Total Volume (mm3) 277.4976 
Void Volume (mm3) 0.2404 
Number of Voids 56 
Calculated Porosity 0.09% 
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Figure 224: Defect volume frequency distribution for PTAW IN625 
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2D and 3D reconstructions of the observed porosity are presented in Figure 225 and 
Figure 226 respectively. It can be seen that the defects observed differ significantly from 
the small gas bubble type porosity previously seen in LM IN625 samples. The defects 
present here are a result of insufficient weld overlap, such that voids are formed as a 
“tunnel” between adjacent weld tracks as the surface tension of the weld pool does not 
allow infiltration or wetting of material into the undercut between weld beads before 
solidification has occurred. A simple decrease in hatching distance between weld tracks 
may well be sufficient to further reduce the porosity observed now that its morphology and 
nature of formation have been identified. 
     
Figure 225: Reconstructed 2D slices of PTAW IN625 
   
Figure 226: Reconstructed 3D sample volume and corresponding defect visualisation for PTAW deposited 
IN625 a) solid material with voids, b) voids only 
1.5mm 
1mm 1mm 
a) b) 
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4.4.2.2.2 Composition, Microstructure & Hardness 
4.4.2.2.2.1 Microstructure – SEM 
Inspection of the microstructure at high magnifications shows the typically expected 
microstructure for γ phase IN625, a Ni-Cr-Fe matrix, with small Mo/Nb carbides as shown in 
Figure 227. The presence of <1µm voids are also notable, similarly to the microstructure of 
LM IN625 these voids have formed in proximity to the Mo/Nb carbides regions, having a 
gas bubble type morphology. 
 
Figure 227: High magnification back scattered electron image of PTAW IN625 microstructure 
Inspection of the overall microstructure at lower magnifications indicates that the first 
deposited layer possesses a highly aligned grain structure. Grains have a high aspect ratio, 
measuring on the order of 50-100µm across and up to several hundred µm in length, being 
strongly aligned towards the substrate as shown in Figure 228. The EBSD band contrast 
image shown in Figure 229 also provides an indication of the grain size, aspect ratio and 
alignment within the first 2-3layers of PTAW deposited material. 
Voids Carbides 
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Figure 228: Back scattered electron image of substrate interface for PTAW IN625 – base layer 
 
Figure 229: EBSD band contrast from lower third of PTAW IN625 sample 
At a distance from the substrate, the microstructure differs significantly from the aligned 
form seen in the first layer. As weld beads are deposited, they may cool from two 
directions; either directly downwards as heat transfers into the previously deposited layer, 
or transversely, as heat passes into the adjacent previously deposited weld bead within the 
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same layer. This results in a microstructure with a mixed alignment, as shown in Figure 230, 
where grains are aligned toward the previous weld bead (left) and previous layer (down). 
The cooling rate for this solidification also appears to be slower than when depositing 
directly onto the substrate, given the lower thermal conductivity of IN625 as a substrate 
material, and the greater distance through which heat must travel as material is built up. 
Grains appear to be on the order of 100-200µm, with a reduced aspect ratio compared to 
material in the first layer. 
 
Figure 230: Back scattered electron image of PTAW IN625 microstructure – mid layer 
Figure 231 shows the microstructure of material in the final weld bead of the top layer 
(approx. Z height=15mm). Grains have solidified with a strong alignment toward the 
previously deposited weld bead, rather than towards the previous layer/substrate. Cooling 
rates also appear to have been much slower, as grain sizes are notably larger than in 
material at lower Z heights, now on the order of 200µm. 
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Figure 231: Back scattered electron image of PTAW microstructure - top layer 
In all cases, the welding process has resulted in re-melting and grain growth across layers 
and between weld beads, such that they are largely indistinguishable when examining the 
bulk central regions of the sample. 
The alignment and size of grains differs somewhat from that of LM IN625, which maintains 
a strong grain alignment in the direction of the substrate at all times, PTAW deposited 
material has a mixed alignment between the direction of the previous layer and the 
direction of the previous weld bead within the same layer. Due to the highly localised heat 
source in LM, grains remain small with a high aspect ratio, whereas the heat input in PTAW 
welding is on a much larger scale, having slower local cooling rates. 
Figure 232 shows the band contrast obtained for an EBSD scan near the top of the PTAW 
deposited material (Z>15mm), as can be seen, although some small isolated <250µm grains 
are present, the bulk structure consists of grains on the order of >250µm in their smallest 
dimension, up to large proportions of a millimetre in length in some cases. 
356 
 
 
Figure 232: EBSD - band contrast from upper third of PTAW IN625sample 
4.4.2.2.2.2 Composition - EDS 
EDS line scans were performed to identify the degree of substrate/deposit dilution, the 
results of which are present in Figure 233. The Steel substrate material is readily 
identifiable on the right of the linescan, with a clearly defined boundary between the 
deposited material and substrate. Fe contamination was found to extend further than the 
range which could be examined by a single linescan, so was assessed by a series of spectra 
taken at increasing Z height positions. A Fe content similar to that of the filler wire utilised 
was seen at a Z height of approximately 1.5-2.0mm above the plane of the substrate, 
indicating that substrate dilution remains within the first layer. 
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Figure 233: EDS linescan of substrate/deposit interface 
The bulk material composition at a sample position remote from the substrate is presented 
in Table 44. There is a very slight difference in composition between the filler wire utilised 
and the resulting deposited material, however it is not significant, given the measurement 
error. The composition of the deposited material is well within the specification for IN625. 
Table 44: Composition of PTAW IN625 
Material 
Element wt% 
Deviation Error 
Ni Cr Mo Nb Fe Ti Al 
IN625 (max spec) 68.85 23.0 10.0 4.15 5.0 0.4 0.4   
IN625 (min spec) 58.0 20.0 8.0 3.15 0.0 0.0 0.0   
IN625 Wire 64 22 9 3.5 0.4 0.2 0.1 0.3 ±0.12 
PTAW IN625 64 22.5 8.5 3.5 0.4 0.2 0.1 0.5 ±0.20 
 
4.4.2.2.2.3 Hardness 
Figure 234 presents the average hardness with increasing Z height for a PTAW IN625 
sample, the average hardness within the bulk deposited material remains consistent, 
between 240-260HV0.5 at all times. The relatively high degree of measurement variability is 
due to a high sample size, measuring the average across 40 points (10mm) at each Z height, 
Deposited material Substrate 
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so providing some indication of variation in the X direction as well, the cross-sectional 
hardness distribution from this data is mapped in Figure 235 to provide an appreciation of 
the variation in hardness across weld beads and layers. While the EDS measurements 
showed a distinct boundary between the substrate and weld material composition, 
hardness measurements show a slight decrease through a relatively short dilution zone, 
and an increase due to the expected HAZ. Stable properties are achieved at a Z height of 
approximately 3mm above the original plane of the substrate surface.  
 
Figure 234: Average hardness distribution with Z height for PTAW IN625 
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Figure 235: Cross-sectional variation in hardness for PTAW IN625 
The variation in hardness indicates the presence of an additional effect on material 
properties, beyond that of compositional dilution. The grain direction and size may be 
expected to differ immediately adjacent to the substrate in comparison with the bulk 
deposited material, due to local cooling and solidification rates/direction. However, the 
relatively consistent average hardness would appear to indicate that after the first 
deposited layer, a consistent deposition with consistent material properties has been 
achieved, at least on the scale of the hardness measurements made (0.25mm steps). This 
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would indicate that efforts to control cooling rates by reducing welding current and 
maintaining an inter-pass dwell time have been largely successful in producing a consistent 
material. The smaller periodic variations in hardness within the bulk material are 
considered to be the result of microstructural variations between the boundaries and core 
of each successive layer, and will create some variation in material properties. 
4.4.2.2.3 Discussion of multi-layer, multi-weld IN625 PTAW deposition 
experiments 
Multi-layer, multi-weld IN625 samples were deposited using PTAW, up to eight layers in 
height. Showing the need not only for interpass dwell time to control thermal accumulation 
as in the work of Xu et al., [358], but also the importance of parameter control at weld 
initiation and termination when considering large deposition features in order to prevent 
cumulative deviations from the desired layer thickness. 
An examination of the materials microstructure showed a primary alignment towards the 
substrate, but also a secondary alignment in the direction of the previously deposited weld 
bead within the same layer. This is considered to be due to the same increase in available 
area for more effective conductive cooling over purely convective and radiation based 
cooling from the exposed surface of the weld bead in a similar manner to that seen in the 
500µm layer powder bed LM experiments and discussed in detail in Section 4.2.6.1, 
specifically Figure 127. The PTAW deposited material does of course differ in that grain 
sizes are of a larger size altogether due to the greater heat input in PTAW which raises the 
temperature of both previously deposited material and substrate to a greater degree than 
is seen in powder bed LM. Since the original submission of this thesis, similar effects have 
been noted in the deposition of Ti-6Al-4V using TiG based WAAM [359]. 
Some variation in hardness with Z height can be noted, this is due to the formation of a 
localised HAZ for each successive layer, as described in the recent work by Szost et al., 
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[360], published after the original submission of this thesis. As discussed by Szost et al., the 
layer banding HAZ is of a larger scale in WAAM deposition and is therefore visible in 
contrast to the microstructure observed in powder bed LM samples. In the work conducted 
in this thesis, the layer banding can be seen in the average hardness measurements shown 
in Figure 234, although some definition is lost as layer banding is not purely horizontal, but 
curved when viewed in the transverse section due to the shape of the molten pool. 
4.4.2.3 Characterisation – Tensile Testing 
In order to evaluate the mechanical properties of PTAW IN625, tensile test samples were 
cut from material deposited in several builds of up to 25mm in height, deposited material 
was machined by conventional processes achieving the form shown in Figure 236, from 
which flat samples were wire EDM cut. The mechanical properties of these samples 
between room temperature and 1100oC were then evaluated by a combination of ambient 
condition tensile testing (“Instron”) and resistance heated tensile testing (“Gleeble”).  
 
Figure 236: PTAW IN625 machined build. 
Instron based testing was conducted from Room Temperature (21oC) up to 200oC, while 
Gleeble testing was conducted from 200oC up to 1100oC, the practicalities of each test 
method enforcing the respective upper and lower temperature limits. 
130mm 
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The samples used for testing were randomised, such that tests were conducted with 
samples from various batches and build heights, to avoid a systematic error. It should be 
noted that any variation in properties related to Z height within a build or variation 
between builds will therefore become part of the complete averaged data set. The intent 
of these tests is to establish baseline data on PTAW IN625, so for any practical purpose, the 
variation of material properties needs to be considered on an averaged basis. 
Representative stress-strain curves for each Gleeble test temperature are shown in 
Figure 239, a change in failure behaviour occurs in samples tested at 800oC and above. The 
plastic region of the curve is no longer approximately linear but approaches a failure point 
and then decreases gradually rather than abruptly as seen below 800oC. Lower 
temperature tests resulted in an abrupt and complete failure of the sample. However 
higher temperature tests failed progressively, as necking became more extreme and 
significant plastic flow occurred. 
Examination of fracture surfaces by SEM shows some difference in tests performed above 
the materials oxidation temperature (900oC), with what appears to be a different surface 
morphology after testing. Tests under 700oC exhibit the expected cup and cone ductile 
fracture mechanism, as shown in Figure 237. Tests at higher temperatures appear to have 
undergone a similar cup and cone type failure, but have then been coated in some form of 
oxide reaction layer (see Figure 238), however the inability of EDS to measure and quantify 
oxygen, as well as the time elapsed between testing and SEM examination (several days) 
make it impossible to determine if this change in fracture surface is inherent in the failure 
mechanism, or has merely occurred immediately post-test as the sample cooled. It could 
also possibly be the result of arcing between points on the sample as it failed, due to the 
electrical current passing through the sample during failure. 
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Figure 237: Fracture surface after tensile test at 700
o
C 
 
Figure 238: Fracture surface after tensile test at 1000oC 
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Figure 239: Stress-Strain curves vs. temperature from Gleeble high temperature tensile testing 
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The measured yield strength and UTS from both Instron and Gleeble testing are plotted 
against test temperature in Figure 240. The variation in measured results is low, given the 
mixed material batches and the known potential for differences in microstructures 
between samples from different Z heights, as shown in the preceding microstructural 
evaluation.  The high variation in results at 100oC is a function of sample design, in order to 
achieve the desired thermal profile for Gleeble testing, the samples utilised a 
comparatively small shoulder radius, which initiated fracture early in some tests at 100oC 
during Instron testing. There is a gradual decrease in material properties with temperature 
up to 700oC (the typical service temperature for IN625 being 650oC), after which properties 
deteriorate. 
 
Figure 240: Mechanical properties at temperature for PTAW IN625 (combined Instron & Gleeble data) 
While all samples tested were in the as-built condition, an annealing heat treatment was 
applied to three samples before Instron testing at room temperature, the results of which 
are shown in Figure 241. As a result of the annealing heat treatment, the consistency of 
material properties has improved compared to samples tested in the as-built state, with a 
much smaller deviation between the measured values of yield and UTS. Annealing has 
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provided a 7.6% increase in yield strength and an 11% increase in UTS compared to 
material in the as built state. There is a corresponding decrease in ductility however, with 
Elongation at failure dropping by 27%, although the variability between measurements for 
elongation is significantly higher than that for yield and UTS. 
 
Figure 241: Effect of annealing heat treatment on room temperature mechanical properties 
4.4.2.4 Discussion of tensile testing 
Where both Instron and Gleeble testing could be conducted at 200oC, a comparison 
between the values obtained has been made in Figure 242. The average yield strength 
measured differs by 4%, whilst the measured UTS differs by 3%. The difference in the 
Elongation measured is somewhat higher at 13%, however the variability of elongation 
measured using Gleeble testing is also high. 
Overall the average values measured for yield and UTS between Instron and Gleeble 
methods do not differ significantly, although the variation in measurements is slightly 
higher for Gleeble testing. The close correlation between samples at 200oC using both test 
methodologies validates the use of Gleeble testing for high temperature tensile tests and 
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the novel use of IR thermography in determining the thermal gauge length of samples on a 
case by case basis for improved accuracy. 
 
Figure 242: Comparison of mechanical properties obtained by Instron vs. Gleeble testing at 200oC 
 
4.4.3 Discussion of PTAW IN625 Deposition 
While a large body of research exists around the use of PTAW for surface coatings and 
repair with a variety of materials, including Ni-based alloys [130, 132, 152, 361-366], little 
literature exists with regards to the manufacture of multi-layer deposits using Inconel 
based materials with a view to AM. The most comprehensive work using PTAW deposition 
has been conducted by Martina et al., [79], and has characterised a process window for the 
deposition of Ti-6Al-4V materials both as single beads and for thin walls, the research in 
this thesis achieves a similar contribution for IN625 materials, as well as providing 
information on the mechanical properties at high temperature. 
The work of Xinhong et al., [133] does demonstrate the feasibility of superalloy 
manufacture for components using this route, however no comprehensive mechanical 
testing or examination of the process parameter window was undertaken. 
0
100
200
300
400
500
600
700
Yield Strength Tensile Strength Elongation
St
re
ss
 (
M
P
a)
, E
lo
n
ga
ti
o
n
 (%
) 
Instron
Gleeble
368 
 
Zhao and Liu [131] have conducted a more in depth assessment of PTAW deposition for 
superalloy GH163, a dilute γ’ strengthened superalloy, which demonstrates a stable 
deposition is possible, but again no detailed characterisation of the process window was 
presented, nor the mechanical properties across the full temperature range. 
The largest single body of work conducted in this area by Xu et al., [358] has looked at 
Pulsed PTAW with Inconel 625 wire, evaluating the effect of deposition strategy (raster 
direction) on the tensile properties of the material. While the work of Xu et al., did 
implement an interpass dwell to control substrate temperatures, this was “to make the 
temperature of previous layers material decreased to about room temperature”, it is not 
clear if this 300s dwell was in between each individual weld bead, or in between each layer. 
However, given the high input current (pulsed from 140A to 230A) and low welding speeds 
(0.23m/min), it is uncertain that “room temperature” would have been achieved at any 
point during deposition, and no evidence of measured substrate or deposited material 
temperatures is given. The work conducted in this thesis has implemented a similar dwell 
strategy, however substrate temperatures were monitored and process parameters varied 
on a layer by layer basis to obtain consistent melt behaviour. Compared to the work 
conducted by Xu et al., the work conducted in this thesis did not observe a decrease in 
hardness with increasing Z height, despite varying the welding current used. This would 
suggest that a more consistent and stable deposition was achieved using a thermal control 
strategy employing not only an interpass dwell, but also reducing the energy input as 
thermal isolation from the substrate increased. Xu et al., have reported some mechanical 
properties for PTAW deposited IN625 at room temperature, in both the as built and 
solution treated state, and the work conducted here would broadly agree. 
However, none of the work identified to date has provided a comprehensive assessment of 
the process parameter window for single weld beads, and the effect of welding parameters 
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on weld bead geometry. While some mechanical properties have been reported, again 
none of the work to date provides reported values for mechanical properties over a large 
temperature range, as would be of interest should PTAW IN625 be utilised for the 
production of components. 
4.5 Discussion & Comparison of materials & manufacturing routes 
4.5.1 Mechanical Properties 
4.5.1.1  Density & Hardness 
Figure 243 shows a comparison of material density and hardness, as an indicator of 
mechanical properties. It can clearly be seen that the best relative density is achieved for 
the IN625 matrix alone, while the addition of any reinforcing phases results in more 
significant material porosity. For any functional product the best balance of material 
strength (indicated here by hardness) compared to density will be advantageous. 
Of the three manufacturing routes attempted for the production of a TiC reinforced IN625 
MMC, the use of a TiC feedstock shows the best balance of material properties and relative 
density, providing a 48% increase in hardness over the matrix material alone processed in 
the same manner. If further optimisation of the process parameters were conducted, then 
a fully dense IN625+TiC MMC is feasible. Zheng et al., [173] found that while a 10wt% TiC 
reinforced IN625 material provided a greatly increased Yield Strength, the materials 
ductility was severely compromised. By using only 5wt% TiC and producing a more 
homogenous distribution of fine particulates, the IN625+TiC composite produced in this 
work may achieve a more desirable balance of strength and ductility. 
 The in-situ formation of IN625+TiC has resulted in poor density, with macro defects and 
cracking, due to reduced ductility in the material, although the formation of Mo2C 
particulates (as verified by XRD) has increased hardness dramatically, significant further 
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work would be required to produce a material of high relative density, given the narrow 
stable parameter window seen during single track experiments for this material, if indeed it 
is possible. 
 
Figure 243: Comparison of hardness and relative density for IN625 & MMCs 
4.5.1.2 Mechanical Properties - Tensile 
A comparison of mechanical properties at temperature for PTAW deposited IN625 against 
reported data for GTAW deposited material of a similar composition, and the “Gold 
standard” Wrought material are presented in Figure 244. While the mechanical properties 
of PTAW IN625 are, as expected, below those of wrought material, they are close to and 
competitive with that of GTAW weld material. The effect of annealing in homogenising 
material and improving its mechanical properties shows promise however, not only 
increasing the absolute values for yield and UTS, but also reducing the variability between 
samples, as the differing microstructures seen depending upon Z height are homogenised 
to some degree. 
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Figure 244: Comparison of high temperature mechanical properties for IN625. 
Figure 245 compares the room temperature properties of PTAW IN625 in both the as-built 
and annealed condition against reported values for material deposited by the LENS 
process, and nominal industry standard values for cast and wrought material. PTAW IN625 
shows comparable if not superior properties to cast material in the as-built state with 
regards to both strength and ductility. As built PTAW IN625 appears inferior to the 
reported data for DMLS and LENS deposited material if considering strength alone, 
however the ductility of as-built PTAW material is equivalent or higher. Once annealed, the 
properties of PTAW material align more closely with other AM materials, indicating that 
with optimised heat treatment, there is potential for PTAW to be competitive with other 
AM technologies in terms of its material properties. 
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Figure 245: Comparison of room temperature mechanical properties for IN625 by different process routes 
4.1.1. Deposition rates 
Figure 246 compares the exposure rate of a commercial powder bed laser melting system 
with that found for the processes which were investigated in this thesis. The exposure rate 
is expressed as the volume of material which can be deposited per second in a given 
exposure, and so does not account for re-coating or dwell periods, as there is no parity in 
recoating times/methods across the technologies. The relative density of IN625 produced 
by each process is also shown, to give an appreciation of the cost/quality tradeoff which 
may exist between them. 
Comparing deposition rate with material density, it can be seen that high powered laser 
melting of IN625 at 100µm layer thicknesses provides only a small deposition rate increase 
(0.006cc/s) compared to commercial 40µm layer based systems (approx. 0.0036cc/s for an 
EOS M280 – 400W), while producing a material of inferior density (<99.0%). 
High powered laser melting at 500µm layers provides an order of magnitude increase in 
deposition rate, regardless of the hatch spacing used. Although high melt rates of up to 
0.05cc/s can be achieved with a 1.1mm hatch spacing the material density is compromised 
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(<99%). A hatch spacing of 0.5mm provides a material with comparable density to that of 
commercial systems (particularly considering the difference in process chamber sealing 
between a commercial system and the experimental equipment used here), with an 
appreciable six to seven fold increase in exposure rate (0.023cc/s) compared to current 
40µm layer 400W systems. 
In contrast, the use of PTAW based deposition provides a further order of magnitude 
increase in exposure rate compared to 500µm layer based laser deposition (up to 
approximately 0.53cc/s). The density of PTAW material is still competitive with current 
commercial systems, and the experimental 500µm, 0.5mm hatch samples produced by 
powder bed LM. 
This would indicate that there is an upper limit on the exposure rate which can be achieved 
using powder bed based laser melting systems, beyond which PTAW based deposition can 
offer higher exposure rates without a loss in material density.  
 
Figure 246: Melting rate "deposition" compared to material density. 
Figure 247 presents the deposition rates for three mainstream commercial AM processes 
(DMLS, EBM and LENS), and compares with those found during experimentation with high 
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powered powder bed laser melting and PTAW based deposition. Conventionally EBM and 
LENS have been competitive against powder bed LM processes such as “DMLS” on the basis 
of greater productivity. The promising combination of high material density and deposition 
rate found when melting IN625 using 500µm layers at a hatch spacing of 0.5mm would 
indicate that it is possible for powder bed laser melting to be competitive in terms of 
productivity. PTAW based deposition using the available equipment has demonstrated a 
higher productivity as measured by deposition rate, the use of actively heated or cooled 
substrates could potentially double the productivity of PTAW based methods, by 
eliminating the dwell times required to maintain suitable substrate temperatures. 
 
Figure 247: Approximate deposition rates for IN625 for different AM processes 
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5  Conclusions & Future Work 
5.1 Inconel 625 MMCs 
5.1.1 Conclusions 
The work presented has so far demonstrated the feasibility of IN625 based MMCs 
produced using powder bed laser melting. A high density material can be achieved on a par 
with that of the matrix alloy alone, and a moderate benefit to material hardness is 
observed, along with a good matrix/reinforcement bonding.  
A feasibility study into the most suitable reinforcement material was conducted, neither 
Al2O3 or SiC were found to be suitable. Al2O3 was thermally destroyed, releasing oxygen into 
the process chamber and resulting in high porosity. SiC was dissolved into the matrix and 
an unknown mixture of carbides re-precipitated, although a high hardness was achieved, 
significant micro-cracking was present. TiC was found to produce a high density material 
with improvements to hardness and so was selected for further evaluation. 
Powder mixing for 72hrs was found to be sufficient to produce a homogenous powder 
mixture that was processed in 500µm layer thicknesses by powder bed LM. An evaluation 
of the process parameter window for single bead on plate tests was undertaken and the 
interactions of process parameters characterised where possible. 
The presence of TiC was found to have a strong influence on processing behaviour, despite 
having a higher melting point than the IN625 matrix, lower energy densities resulted in 
more complete melting of the material and stable welding. This was determined to be due 
to the high absorptivity of TiC to the infra-red laser wavelengths employed. This high 
absorptivity also resulted in a narrower process window, as it hampered weld penetration 
through the powder bed and wetting with the substrate. 
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Multi-layer, multi-pass deposition was conducted at 500µm layers, reducing laser power to 
control deposition stability once thermally isolated from the substrate, an important 
consideration in this case. It was found that TiC particulates in the feedstock powder were 
dissolved and re-precipitated as TiC, verified by XRD. Particulates, displayed a star-shaped 
morphology and greatly reduced scale (<1µm), with good interface bonding with the matrix 
verified by SEM. The influence of processing parameters on material density and hardness 
was evaluated, with a 0.5mm hatch spacing found to produce the highest relative density.  
The work conducted in this thesis has shown that the commonly utilised energy density 
metric is relevant only in comparing AM systems utilising similar energy sources on a like 
for like hardware basis. Laser power density was shown to be a critical factor influencing 
the processing behaviour of TiC reinforcement particulates when contrasted with similar 
research using differing laser sources, with little correlation between the energy densities 
used and the processing behaviour. 
The in-situ formation of IN625 MMCs from a mixture of Ti and C to form TiC was found to 
result in an abnormal microstructure and unexpected phases, leading to significant macro-
cracking and porosity. Mo2C was found to form more readily than the intended TiC 
reinforcement, it can be concluded that rapid melting and solidification means local 
imbalances in the proportions of reactants available allow the formation of compounds 
with a higher Gibb’s energy of formation (i.e. Mo2C forms in the absence of Ti). Improved 
homogeneity of the powder mixture is not considered to be effective in resolving this issue, 
as the localised presence of Ti and C is desired, rather than a distribution of C throughout 
the matrix. 
5.1.2 Future Work 
If the production of IN625+TiC MMCs is to be pursued, further work is now required to 
more completely assess the degree to which the materials mechanical properties are 
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improved, beyond the simple indications provided by hardness testing in this work. The 
production of tensile test specimens for the evaluation of specific stiffness and strength 
would be highly informative, as would test results for material ductility to determine what 
trade-offs exist between strength and ductility. In particular the materials stability at high 
temperature and mechanical properties at high temperatures would be of interest, to aid 
in understanding to what applications the material might be suited. 
If the production of IN625+Ti+C MMCs using an in-situ formation method is to be 
investigated further, then the issues in powder mixing must first be solved, however it is 
likely that a two stage process firstly mechanical alloying by high energy ball milling for Ti+C 
followed by mixing of this powder with IN625 is a more realistic solution to product an 
in-situ TiC reinforced MMC. 
5.2 Deposition of Inconel 625 
5.2.1 Powder bed laser melting 
5.2.1.1 Conclusions 
The deposition of IN625 by powder bed laser melting using high powered lasers to achieve 
high deposition rates has been shown to be feasible and to provide acceptable material 
quality. 
The process parameter window for 500µm layer thickness deposition of IN625 has been 
evaluated and relationships between weld width and processing parameters characterised 
by single bead on plate tests. The variability of weld height was found to be too great to 
establish a meaningful relationship, as weld geometry is sensitive to local substrate 
temperatures and so influenced by previous welds. 
Multi-layer, multi-pass deposition of IN625 at 500µm layer thicknesses was conducted, 
successfully implementing a thermal control strategy based upon the reduction of laser 
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power with increasing Z height until a steady thermal state was achieved once isolated 
from the substrate. By reducing laser power rather than introducing an interpass dwell 
deposition rates were unaffected and no change in material density was observed. 
The effect of weld aspect ratio on microstructural alignment within a multi-pass, multi-
layer deposition scenario has been shown, with decreasing aspect ratio, increased 
conductive cooling laterally into previous weld passes within the same layer affects 
microstructural alignment – an effect not typically observed in lower deposition rate 
powder bed LM. 
5.2.1.2 Further Work 
To further develop the application of high powered laser melting on powder bed systems, a 
high quality commercial processing environment is needed to ensure a tighter control over 
the inert atmosphere, and so improve the materials density and quality to a commercial 
production standard. If high powered laser melting were to be implemented for the 
production of component geometries, this would best be achieved using a multi-laser 
system and a skin/core strategy, whereby a 200-400W laser could be utilised to produce 
the components skin at 40µm layers, while bulky core regions might be exposed only every 
500µm using a higher powered laser. Obviously significant work is required to understand 
the interaction between skin and core exposure in such a system. 
5.2.2 PTAW Deposition 
5.2.2.1 Conclusions 
The deposition of IN625 using PTAW and wire feedstock has been shown to be feasible 
with high relative material density and deposition rates compared to powder bed LM.  
A process parameter map detailing the effect of welding current, traverse speed and 
material feed rate has been established for single bead on plate deposition. The 
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relationships between input process parameters and resulting weld bead geometry and 
material hardness have been characterised. 
Strategies for the deposition of multi-layer and multi-weld width forms have been 
investigated; without active control of workpiece or substrate temperatures, an interpass 
dwell is required between subsequent welds within a layer. Consistent deposition was 
achieved by decreasing welding current as an effective solution to maintaining stable 
deposition without affecting part density once thermally isolated from the machine bed. 
This indicates the need in WAAM processes to consider geometry specific processing 
parameters, particularly in materials with low thermal conductivity. 
Tensile testing at high temperatures has characterised the tensile properties of PTAW 
deposited IN625 using novel high temperature testing methods (Gleeble), coupled with IR 
thermography. The accuracy of this test method was compared with conventional ambient 
heating at lower temperatures and an acceptable correlation was shown, so validating this 
novel methodology. 
5.2.2.2 Further Work 
To further investigate the material properties available using PTAW deposition, it is 
suggested that the effect of heat treatments be investigated upon the mechanical 
properties of the material, given the potential benefits shown so far. 
To further develop the deposition technology, it is firstly suggested that a higher current 
deposition head be investigated, as the work presented could not investigate higher 
material feed rates due to the limited welding currents available.  
Beyond this, the use of actively heated or cryogenically cooled machine beds may aid in 
dramatically reducing the cycle time between individual welds when producing geometries 
which require multiple welds in close proximity. The use of magnetic plasma manipulation 
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to serve as either a pre-heating device (using the same deposition head) or as a post-
deposition heat treatment to relieve stresses in large components may also be of great 
benefit. 
The work presented considers only the deposition of very simple approximate near net 
shape geometries. The understanding of deposition paths and techniques to produce more 
complex geometries more accurately is a significant undertaking, and would need to 
address several points: 
 Effect of other parameters such as anode diameter, torch off-set and wire feed 
angle upon weld bead geometry. 
 Minimum and maximum repeatable weld bead width/height achievable with 
differing deposition heads (e.g <1mm welds/walls using smaller anode diameters 
and wires, or >5mm welds/walls using larger anode diameters and wires with 
higher currents). Indeed since the completion of this thesis work by Jhavar et al., 
[367]on µ-PTA using steel alloys has begun to explore the lower limits of 
geometrical features available through PTAW based WAAM). 
 Mechanism of deposition head manipulation to manufacture contours (e.g. robotic 
manipulation or 4/5-axis CNC beds to ensure consistent material feed orientation). 
 Deposition strategies for complex parts which deal with weld cross-over and 
contour/core overlap, the most up to date research since the original submission of 
this thesis by Alberti et al., [126] examines only single weld width walls. 
 Software pre-processing methods to generate the deposition paths and provide the 
required control code. 
 Limitations on geometrical features such as overhangs. 
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The strategies and methods for incorporating subtractive machining would also require 
some investigation, with a view to the effect upon material quality and cycle time, if 
coolant may be required during machining for example. 
5.3 Concluding Remarks 
5.3.1 Objective 1: High depositon rate powder bed LM of IN625 
This thesis was intended to establish if the high deposition rate powder bed laser melting 
of IN625 at 500µm layer thicknesses was feasible and if so to characterise the process map 
and set out a strategy for the production of bulk material.  
This was fully achieved using a bespoke AM system and a strategy and process parameters 
were defined to deliver consistently high density material at deposition rates greater than 
current commercial equipment. A new understanding of thick layer deposition behaviour 
was contributed. 
5.3.2 Objective 2: High deposition rate powder bed LM of IN625 MMC 
To establish if the high deposition rate powder bed laser melting of an IN625 based MMC 
was possible and to characterise the process map and understand the processing 
differences between matrix and reinforcement material.  
This was achieved for a mixed feedstock of IN625+TiC, however the in-situ reactive 
processing of IN625+Ti+C was not successful. This work contributed an insight into the 
importance of power density as a critical factor for the processing behaviour of MMCs. 
5.3.3 Objective 3: High deposition rate WAAM of IN625  
To characterise the process map for PTAW deposition of IN625 and to establish a strategy 
for the deposition of large multi-layer, multi-weld features and characterise the properties 
of the deposited material.  
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This was achieved through single bead on plate experiments to fully characterise the 
process window, the novel use of IR thermography to determine thermal gauge length for 
resistance heated tensile samples enabled the characterisation of the materials tensile 
properties to be completed. A greater understanding of the thermal behaviour during 
multi-layer multi-weld width features and the necessary deposition strategies has been 
contributed.  
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